
INSTITUTE OF PHYSICS PUBLISHING JOURNAL OF PHYSICS D: APPLIED PHYSICS

J. Phys. D: Appl. Phys. 38 (2005) A44–A49 doi:10.1088/0022-3727/38/10A/009

Investigation of the fracture toughness of
radio frequency magnetron sputtered
Al–Cu–Fe films via white-beam
synchrotron radiography/topography
B L French1, M J Daniels2 and J C Bilello3

1 Department of Applied Science, College of William and Mary, PO Box 8795,
Williamsburg, VA 23187-8795, USA
2 Formerly with the Center for Nanomaterials Science, Department of Materials Science and
Engineering, University of Michigan, 2300 Hayward St., Ann Arbor, MI 48109-2136, USA
3 Center for Nanomaterials Science, Department of Materials Science and Engineering,
University of Michigan, 2300 Hayward St., Ann Arbor, MI 48109-2136, USA

Received 1 March 2005
Published 6 May 2005
Online at stacks.iop.org/JPhysD/38/A44

Abstract
A novel white-beam synchrotron radiography/topography substrate
curvature technique has been used to study stress development in situ during
annealing of Al–Cu–Fe quasicrystalline and approximant coatings, as well
as to image their failure modes in real time. Single crystal Si and sapphire
substrates were coated with a 2.55 µm precursor coating by RF sputtering
from an Al65Cu23Fe12 powder composite target and subsequently annealed
at 585˚C while stress and imaging data were acquired. After the initial ramp
to the annealing temperature, a stress plateau was reached for coatings on
both Si and sapphire substrates, although the magnitude of the stress plateau
was different in each case. A tensile stress developed in the coatings during
cooling due to differential thermal expansion between the coating and
substrate, allowing for calculation of both the coefficient of thermal
expansion and elastic modulus of the film. During cooling, the films
exhibited different stress evolution above and below 470˚C, a temperature of
interest in Al–Cu–Fe quasicrystal and approximant phase development. The
Al–Cu–Fe coating on the Si substrate fractured at approximately 954 MPa,
while the coating on the sapphire substrate fractured at approximately
431 MPa. From these values the fracture toughness was calculated to be
1.9 MPa m1/2 and 0.76 MPa m1/2 for the coatings on Si and sapphire,
respectively.

1. Introduction

The beneficial properties of the quasicrystalline structure
have been examined extensively, and include exceptional
hardness, low coefficients of friction, wear resistance and anti-
corrosion properties. Many of these properties arise from the
aperiodic quasicrystalline structure, which inhibits dislocation
movement and electron flow at room temperature. The Al–Cu–
Fe system is perhaps the most well-studied quasicrystalline
system, and the region of single phase stability is around
3–5 at% [1]. In addition to the quasicrystalline structure,

which exists only when annealing is performed above 700˚C,
so-called approximant phases are also known to exist below
600˚C. Approximant phases are crystal structures that closely
resemble their quasicrystalline counterparts, but exhibit long-
range order on length scales of several nanometres. In the
Al–Cu–Fe system, the icosohedral phase (ψ) is produced
above 700˚C, while a rhombohedral approximant (R-phase)
is produced between 450˚C and 600˚C. The transformation
between these two phases was first reported by Bancel [2],
and differences between these phases have been examined in
other studies [3, 4]. Due to the similarity in structure, most
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characteristics of the approximant are similar to those of the
quasicrystal.

Quasicrystalline and approximant thin films are particu-
larly useful because they mitigate the risk of the brittle nature
of these materials. Mechanical properties of bulk materials
have been studied at length, but attempts have not been made to
determine or analyse the stress development in quasicrystalline
or approximant coatings. Yet, because annealing of precursor
films is required to effect quasicrystal or approximant phase
development, cracking of the film poses the most substantial
obstacle to successful implementation of these types of coat-
ings. In this work, a novel radiography/topography technique
is used to quantitatively examine stress development in the
coatings in an effort to determine how they might be used
more effectively. In the past this technique has been success-
fully implemented to study compression-driven delamination
of Ta films [5,6] and tensile failure of CrN coatings [7], both on
Si substrates. The strength of this technique lies in its ability
to measure stress in a coating through diffraction topography
of the crystalline substrate, while simultaneously recording
the morphology of the coating through radiographic contrast
contained in the topographic image. Thus, an unambiguous
correlation can be made, in real time, between coating failure
events and the stress that caused them.

2. Experiment

Coatings were produced by RF sputtering from a composite
target in a planar magnetron sputter system, using Si (100)
and sapphire (0001) wafers as substrates. The pressed powder
sputter target was fabricated in the atomic ratio Al65Cu23Fe12

[8]. Base pressure, prior to sputtering, was less than
4.8 × 10−5 Pa (3.6 × 10−7 Torr) and neither substrate bias nor
heating was used. The samples were passed in front of the
sputter target on a rotating, 21.6 cm radius carousel at a rate of
0.2 rpm with a closest-approach target-to-substrate distance of
3.8 cm. Substrates were cleaned prior to deposition by sputter
etching with an 800 V bias for 10 min in 0.33 Pa (2.5 mTorr)
argon. Deposition was performed using 0.67 Pa (5 mTorr)
argon and 600 W (800 V) target power. The thickness of the
resulting coating was measured to be nominally 2.55 µm by
white light interference microscopy.

The initial stress state of the Al–Cu–Fe coating on silicon
was characterized by double crystal diffraction topography
(DCDT), a wafer curvature method [9]. The initial stress
state of the same coating on sapphire was determined
from measuring wafer curvature with the transmission Laue
technique described in the next section. Nanoindentation
tests were performed on an annealed coating on a Si wafer
using a Hysitron TriboIndenter®. Fifty indentation tests were
performed in a grid configuration on an adherent portion of
the film using a Berkovich indenter tip with a trapezoidal
load function. The load was applied linearly over 5 s, held
for 2 s, and unloaded linearly over 5 s. A maximum load of
500 µN was used, and the reduced modulus and hardness were
obtained.

Transmission Laue experiments were conducted at the
Stanford Synchrotron Radiation Laboratory on the bending
magnet beamline 2–2, with 2–40 keV x-rays and a 0.6 mrad
horizontal divergence for the spot size used. Films were

Figure 1. Schematic illustrating the focusing effect of the bent
substrate on the incident white beam, and the attendant change in
the size of Laue reflection (hkl) observed by the CCD camera. The
inset defines the two orthogonal radii of curvature, R1 and R2, in the
horizontal and vertical planes, respectively.

annealed in an apparatus described elsewhere by Zhao et al
[7, 10] and French and Bilello [5]. This consisted of a heating
stage employing four halogen lamps capable of heating the
samples to 600˚C, and a charge-coupled device (CCD) x-ray
imaging system. The CCD camera had a 20 µm pixel−1

resolution and an aperture diagonal of 18 mm with a 3 : 4
aspect ratio. Samples were mounted on the heating stage in
transmission Laue geometry such that the beam was normally
incident upon the sample surface, away from the sample edges
as shown in figure 1. Before annealing, the CCD camera
was placed over the (133) reflection for Si substrates, and an
in-plane reflection of the c-axis sapphire substrates. These
reflections were chosen for their convenient trajectory (parallel
to the floor) within the experimental set-up. During each
anneal, Laue transmission diffraction topography/radiography
images were acquired in real time (30 frames s−1) with the
CCD camera, and also periodically with a frame-grabbing
computer program capable of averaging multiple frames for
higher-resolution images. The sample-to-camera distance was
approximately 30 cm for all samples, and the incident beam
dimensions were nominally 12 × 5 mm2.

3. Data analysis

The derivation of equations used to relate the dimensions of the
Laue reflection observed in the CCD camera to the curvature
of the substrate is described in detail elsewhere [5]. Only a
qualitative discussion of the technique is given here along with
expressions needed to calculate the fracture toughness of the
coatings.

For a thin film bonded to a sufficiently thin substrate,
biaxial film stress bends the substrate such that its curvature
can be represented by radii of curvature in two orthogonal
planes as seen in the inset of figure 1. Any diffracted beam
will undergo a change in cross-sectional shape in the camera
plane as curvature is applied to the substrate. This effect is also
illustrated in figure 1. The change in a reflection’s dimensions
for a given change in substrate curvature is essentially a
ray-tracing problem in which the trajectory of four rays,
representing the corners of the rectangular diffracted beam,
are determined as a function of substrate curvature in two
orthogonal planes. Thus, in the transmission Laue geometry of
figure 1, a compressive film stress focuses the diffracted beam,
reducing the size of the topographic image, while a tensile
film stress defocuses the diffracted beam, enlarging the size
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of the topographic image. The measured quantities needed to
determine the film stress are the dimensions of the incident
beam, the sample-to-camera distance, and the dimensions of
the topographic images recorded by the CCD camera. It is
also pertinent to know the incident beam divergence (both
horizontally and vertically), the magnitude of any pre-existing
substrate curvature, and the indices of the observed reflection.
The resolution of this technique is limited by the 20 µm pixel−1

resolution of the CCD camera, not by the effective ‘angular
source size’ which typically limits spatial resolution in x-ray
topographs. Using the current experimental configuration, the
20 µm pixel−1 CCD camera resolution corresponds to a 1 km
detection limit for the substrate radius of curvature.

Theoretically the images can be analysed to determine the
substrate curvature in both orthogonal directions; however, in
these experiments, the selected reflection had little sensitivity
to the substrate curvature in one direction (R2 in the inset of
figure 1), due to the orientation of the diffracting planes. The
trajectory of the Si (133) reflection used in these experiments
was completely contained in the horizontal plane, and thus was
mainly sensitive to radius of curvature R1. The incident beam
had a smaller height than width, further reducing the ‘optical
leverage’ in that direction. For isotropic stress in the plane
of the film, measurement of R1 is sufficient to compute the
entire stress state. In the case of an anisotropic stress, use of
R1 alone makes it impossible to calculate the directions of
the principal stresses in the coating, but the computed stress
remains accurate along the direction in the sample described
by R1. In this study stress anisotropy was not evaluated since
only R1 was measured, but in future work its effect will be
considered by observing a Laue reflection with sensitivity to
both R1 and R2.

Changes in the topographic image size are first related
to changes in the substrate radius of curvature (R1) using an
equation of the following form:

R1 = w
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Here, w is the width of the incident beam, K is proportional
to the change in the topographic image dimensions and
the sample-to-camera distance, α is the angle between the
incident beam and the projection of the diffraction vector
onto the horizontal plane and φ is the horizontal divergence
of the incident beam. This equation computes the radius of
curvature necessary to produce the observed image size from
an incident beam of known dimensions and divergence. The
stress in the film is determined from the radius of curvature
using the modified Stoney equation

σ = Es(hs)
2

6hf(1 − νs)

(
1

R
− 1

R0

)
, (2)

where σ is the film stress, Es is the substrate elastic modulus,
vs is the Poisson ratio of the substrate, R0 is the initial
radius of curvature, and hs and hf are the substrate and film
thickness, respectively [11, 12]. It should be noted here that
the instantaneous stress calculated by equation (2) is relative

to the initial stress in the film, so the initial stress had to be
determined first by DCDT [9].

For given annealing conditions and a known film modulus,
a plot of stress versus temperature (see figure 4) can be used to
calculate the coefficient of thermal expansion (CTE), fracture
strength and fracture toughness of the film. Assuming that only
CTE mismatch stress is acting on the film, and that the film
only undergoes linear elastic strain, the slope of the cooling
portion of this plot is expressed by

�σ

�T
= Ef

1 − vf
(αs − αf), (3)

where Ef is the elastic modulus of the film, vf is the Poisson
ratio of the film and αs and αf are the CTE of the substrate
and film, respectively. In this study two different substrates
were used, so equation (3) can be solved for both αf and Ef ,
assuming the coatings on each substrate are identical.

For a catastrophic failure with almost no yielding
beforehand, the fracture strength of the material is simply the
stress at fracture, as observed by the real-time transmission
topography/radiography images and a sharp relaxation in the
stress (e.g. point ‘4’ in figure 2). This value alone provides a
basis for comparison between films, but the fracture toughness
is also of interest for hard, and often brittle, wear coatings. For
a film–substrate couple with elastic modulus mismatch, and
assuming the film cracks extend from the film’s free surface to
exactly the film–substrate interface, the critical energy-release

(a)

(b)

Figure 2. Plot of stress and temperature versus time during
annealing of an Al–Cu–Fe coating on a Si (100) substrate. The
stress data were calculated from the topographic image widths using
the stress determination method described in this work and in [5].
Above the plot, Si (133) topographs are shown from various points
in the thermal cycle. The white scale bar corresponds to 2 mm.

A46



Investigation of the fracture toughness of Al–Cu–Fe films

rate necessary for cracking, Gcritical, is

Gcritical = 1

2

σ 2hf(1 − vf)

Ef
πg(Ef , Es), (4)

where σ is the stress in the film at the point of fracture, and
g(Ef , Es) is a parameter tabulated by Beuth [13]. For the
film–substrate couples considered in this study, the function
g(Ef , Es) approaches unity. Lastly, the mode-1 fracture
toughness of the film, K1C, is related to Gcritical by [14, 15]

Gcritical = K2
1C

Ef
. (5)

4. Results and discussion

4.1. X-ray imaging

Figures 2(a) and 3(a) each depict four topographic/radiographic
images from annealing of Al–Cu–Fe coatings on silicon and
sapphire substrates, respectively. These images are each aver-
ages of 16 video frames to achieve higher resolution and reduce
noise. Images 1, 2 and 3 in figure 2(a) are featureless, as would
be expected for a pristine film on a defect-free substrate. Upon
cooling from the anneal temperature, however, severe cracking
of the film becomes evident as bands appearing at 45˚ angles
to the edge of image 4 in figure 2(a). The radiographic nature
of this contrast has been confirmed by comparing multiple Si
reflections in a Laue pattern.

(a)

(b)

Figure 3. Plot of stress and temperature versus time during
annealing of an Al–Cu–Fe coating on a sapphire (0001) substrate.
The stress data were calculated from the topographic image widths
using the stress determination method described in this work and in
[5]. Above the plot, topographs are shown from various points in the
thermal cycle. The white scale bar corresponds to 2 mm.

In images 1 and 2 of figure 3(a), the topographs are
not featureless due to dislocation networks in the sapphire
substrate. The topographic nature of this contrast has been
confirmed by comparing multiple sapphire reflections in a
Laue pattern. In image 3 of figure 3(a) the topograph appears
featureless, but in fact the image has been defocused due to
substrate curvature to the point that the defects can no longer
be observed. As in the images of figure 2(a), this coating cracks
after sufficient cooling, as evidenced by the bands in image 4
of figure 3(a). The cracking in this sample does not develop
in orderly 45˚ bands, but instead appears in random directions.
This discrepancy could indicate different texturing is present
in the films grown on each substrate.

4.2. Stress evolution

The stress and temperature of the Al–Cu–Fe coatings during
annealing are shown in figures 2(b) and 3(b). Fluctuations
in the stress state early in the thermal cycle were believed to
originate from CTE mismatch, different heat capacities, and
from the thermal gradient between the film and substrate as
the couple reached an equilibrium temperature. A plateau
level of stress was observed for the majority of the test, and the
magnitude of this plateau was dependent on the substrate type.
A significant change in stress due to diffusion accommodation
was not observed, as evidenced by the nearly horizontal slope
of the plateau region in figures 2(b) and 3(b). Upon cooling
from the anneal temperature, large tensile stresses developed
as a result of CTE mismatch between the coating and substrate,
ultimately cracking the film. A dashed line is used to represent
the stress after the first observed fracture since the coating is
no longer continuous.

In figure 4, stress and temperature data points from the
cooling portions of figures 2(b) and 3(b) were plotted against
each other and subsequently used to calculate the CTE of
the films. A linear relationship is evident in figure 4, but the
slope of this relationship changed in the temperature range
of 470–500˚C for Al–Cu–Fe coatings on both substrates.
This temperature range has been shown to be critical
for rhombohedral approximant phase development [16, 17].
Development of the rhombohedral approximant only occurs at

Figure 4. Stress versus temperature data for Al–Cu–Fe coatings on
Si and sapphire substrates. Closed symbols represent the portion of
the cooling curve in which diffusion is expected to affect the
linearity of this plot. Open symbols represent a lower temperature
portion of the cooling curve in which diffusion should be minimal.
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temperatures greater than 450˚C, and sufficient grain growth
on the order of minutes has only been observed at temperatures
around 515˚C [16]. Prior work has shown a distinct change in
the slope of the thermal diffusivity of this phase at about 500˚C
[18]. A brittle-to-ductile transition has also been observed
in the temperature range 450–487˚C [19]. The change of
slope in the stress–temperature data in figure 4 appears to
be a consequence of the change in thermal diffusivity, and
the anticipated brittle-to-ductile transition. However, if the
high and low temperature regimes are assumed to correspond
to regimes of high thermal diffusivity (high ductility) and
low thermal diffusivity (low ductility), respectively, then
corresponding changes in the stress–temperature data would
also be anticipated. A transition to a regime of low thermal
diffusivity during cooling should cause an increase in the slope
of the stress–temperature data as the film is no longer able
to accommodate the substrate by a diffusional mechanism.
A subtle increase in the slope of this graph was observed for
the Al–Cu–Fe coating on Si below 470˚C, but a reduced slope
was observed below 470˚C for the coating on sapphire. The
change from ductile-to-brittle behaviour is the most readily
available explanation for this change, but the coating on the
sapphire substrate does not show the expected increase in the
slope of the stress–temperature plot. The role of yielding has
not been thoroughly examined in interpreting these results,
although the yield stress is substantially greater than the stress
present between 400˚C and 470˚C, suggesting that it is not a
significant factor at these temperatures.

4.3. Microstructure

Coatings on polycrystalline alumina substrates from the same
deposition lot were annealed ex situ, under the same conditions
as samples in this work, to examine microstructure
development. A similar attempt to analyse the coatings
from the radiography/topography experiments indicated a
high degree of texturing, obscuring the picture of phase
development caused by annealing [20]. This texturing
may have been a result of the single crystal substrate used
(and nucleation of the quasicrystalline approximant on this
substrate), or the plateau stress level which existed during
annealing. Instead, these ex situ anneals give a more accurate
representation of the phases present as a result of thermal
treatment. The as-deposited coating on alumina is amorphous
or nanoquasicrystalline [17], as seen in the diffraction pattern
in the lower half of figure 5. At a thickness of less than
3 µm, it was anticipated that a substrate contribution (α)
would be present. The annealed coating (shown in the upper
half of figure 5), subjected to the same annealing conditions
used during the radiography/topography experiments, showed
a complete conversion to the R-phase, or rhombohedral
structure. The presence of a small amount of β-phase,
an aluminium-deficient impurity often found in Al–Cu–Fe
coatings due to preferential aluminium oxidation, was also
noted between the two prominent R-phase peaks.

4.4. Mechanical properties

From the stress data in figures 2(b) and 3(b), the fracture
strengths of Al–Cu–Fe coatings on Si and sapphire substrates
were found to be 954 MPa and 431 MPa, respectively. The

Figure 5. Phase development in an Al–Cu–Fe coating on a
polycrystalline alumina substrate annealed ex situ. The annealed
sample was subjected to the same temperature, for the same period
of time, as the coatings annealed on single crystal substrates in
this work.

slight rise in stress observed after fracture, before significant
relaxation occurred, is explained by the inverse relationship
between minimum crack separation and stress in the coating
[21]. Thus, the maxima of the dashed lines in figures 2(b)
and 3(b) represent the points at which the total area of film in
which stress has been relaxed by cracking is greater than the
total area of islands of stressed, continuous film. Following the
analysis procedure outlined in section 3, the fracture toughness,
elastic modulus and CTE were derived from the cooling
curves in figure 4. The slope of the low-temperature portion
of each curve (−3.187 MPa ˚C−1 and −0.698 MPa ˚C−1 for
coatings on Si and sapphire, respectively) was substituted
into equation (3) to yield two expressions for the unknown
elastic modulus and CTE of the coating. Substituting αSi =
2.6×10−6 ˚C−1, αsapphire = 8.4×10−6 ˚C−1 and vf = 0.23, the
films’ elastic modulus was found to be 336 GPa, and the CTE to
be 10.0×10−6 ˚C−1. To check the validity of these results, the
reduced modulus obtained from nanoindentation of the coated
Si was converted into an elastic modulus of 173 GPa, a factor
of 2 smaller than that calculated from the cooling curves. This
value is almost identical to the value of 168 GPa reported by
Takeuchi [22] for bulk icosohedral Al–Cu–Fe quasicrystals.
Analysis of the cooling curves with equation (3) required the
assumption that the films on each substrate were identical,
which is clearly not the case given the dramatic difference
in fracture behaviour. The difference in sign and magnitude
of stress in the plateau region during annealing at 585˚C could
have caused preferential microstructure development, leading
to the observed discrepancies. If the elastic modulus obtained
from nanoindentation is substituted into equation (3), the CTE
is found to be αf = 17.0 × 10−6 ˚C−1 for the coating on Si.
This seems more reasonable for a film that is 65 at% Al, since
Al has a CTE of 23.1 × 10−6 ˚C−1.

Using equation (4), the fracture strength, and the elastic
modulus determined by nanoindentation, the energy release
rate at the point of fracture was found to be 20.44 J m−2 for
the film on Si. This quantity was not computed for the film
on sapphire, since its modulus was obviously different from
that of the film on Si, and therefore unknown. Using
equations (4) and (5), the fracture toughness was calculated
to be 1.9 MPa m1/2 and 0.76 MPa m1/2 for the coatings on Si
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and sapphire, respectively. The value of fracture toughness
could be calculated for the film on sapphire despite the lack of
knowledge about this film’s elastic modulus, since substitution
of equation (4) in equation (5) cancels out this term. These
values compare favourably with fracture toughness values
determined by Köster et al [23] and Lee et al [24] of
1.64 MPa m1/2 and 1.28 MPa m1/2, respectively, for bulk
quasicrystalline samples. It should be noted, however, that in
the latter study the sample contained 25% porosity, suggesting
an artificially low fracture toughness may have been obtained.
The results are nevertheless encouraging.

5. Conclusions

The stress evolution and failure behaviour of Al–Cu–Fe
rhombohedral approximant films (R-phase) were investigated
in situ during annealing at 585˚C for 1 h, to provide
further insight into the failure mechanism of quasicrystalline
approximant coatings. During annealing, a plateau level of
stress was observed, and the magnitude of the observed stress
varied between films on the two substrates. Upon cooling, a
tensile stress developed in the coatings, ultimately leading to
fracture (via cracking) at 954 MPa and 431 MPa for coatings
on Si and sapphire substrates, respectively. Using these
values, the mode-1 fracture toughness was calculated to be
1.9 MPa m1/2 and 0.76 MPa m1/2 for the respective coatings
on Si and sapphire. These values are within a factor of 2
from fracture toughness values previously reported for bulk
quasicrystalline samples. Stress and temperature values from
the pre-cracked portions of tensile stress development were
plotted to show the relationship between these two quantities,
and to determine the CTE and elastic modulus of the film. Two
distinct slopes were observed in the stress versus temperature
plot, corresponding to regimes of high and low thermal
diffusivity, or a ductile-to-brittle transition during cooling.
Using the slope of the stress versus temperature data, the
elastic modulus and CTE of these quasicrystalline approximant
coatings were calculated to be 336 GPa and 10.0 × 10−6 ˚C−1,
respectively.
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