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Nucleation and Growth of B’-SiAION

Shyh-Lung Hwang' and I-Wei Chen*

Department of Materials Science and Engineering, University of Michigan, Ann Arbor, Michigan 48109-2136

Elongated P’'-SiAION grains grown from several fine-
grained Y,sSi;; memAL+,O.Ni-, compositions with
a-Si,N,, AIN, ALO,, and Y,0, starting materials have been
examined. These grains have large aspect ratios and are
oriented along the [0001] axis. TEM structural and chemi-
cal analysis suggests that they are nucleated from various
seed crystals, which can be «-Si;N,, B-Si;N,, or other
B’-SiAION. The B’'-SiAION seed and the initial precipita-
tion on B-Si;N, show a higher content of Al and O, indicat-
ing that a large transient supersaturation of Al and O in the
liquid is instrumental for B’'-SiAlON formation, whereas
subsequent growth proceeds under a much lower driving
force. The misfit between phases is accommodated by
interfacial dislocations (c-type and a-type). Fully grown
B’-SiAION grains usually contain several variants inde-
pendently nucleated from the same seed. In particular, the
two alternative /3 phase-matching possibilities result in
two [0001] growth habits separated by a twin boundary.

1. Introduction

THE high fracture toughness found in some silicon nitride
ceramics is associated with their unique microstructure
containing an interlocking network of elongated (3-Si;N, or
B'-SIAION.! The development of such a microstructure goes
through a solution/precipitation stage, in the presence of a lig-
uid, into which the starting nitride powders are first dissolved
before the final phase assemblage is formed. Starting powders
with a high «-Si;N, content have often been found to promote
the formation of elongated B-Si;N, or B'-SiAION grains.>*
Lange” interpreted these results as indicating that 3-Si,N, parti-
cles in the starting powders served as nucleation sites for the
elongated grains onto which the dissolved «-Si;N, reprecipi-
tated as B-Si;N,. While this view has been widely circulated,
microscopy evidence for 3-Si,N, nucleation sites has not been
detailed. This is partly because of the lack of a crystallographic
or compositional “‘signature” of the seed B-Si;N, grains which
distinguishes them from the grown 3-Si;N, grains. In addition,
since most researchers used a relatively high processing tem-
perature for densifying Si;N,, the remnant nuclei may have dis-
appeared in the process of homogenization and coarsening.

In a recent study of hot-pressing kinetics of SiAION per-
formed at relatively low temperatures using Si;N,, AIN, AlL,O,,
and Y,0, as starting powders, we found the transient liquid ini-
tially rich in AIN, which apparently triggered the first precipita-
tion in the form of supersaturated B’-SiAION.® Subsequent
precipitation continued on these early precipitates, but nucle-
ation and growth of new precipitates onto other seeds, such as
a-Si;N, and B-Si;N, also detected.” In all cases our observa-
tions were aided by the compositional, and in the case of o/
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combination, the crystallographic, difference between the seed
and the grown B'-SiAION grains. The electron microscopy
study of these phenomena, along with growth defects such as
interfacial dislocations, twin boundary and twist boundary, is
reported here. The implications of these observations on the
microstructural development of B-Si;N, and B’-SiAION are
also discussed. A parallel study of the nucleation and growth of
a’-SiAION is described elsewhere.?

II. Experimental Procedure

The main material reported here has a nominal composition
Y,.Si;04Al (O;N,5 and was prepared by hot-pressing at 1550°C
for 0.5 h. The starting powders are a Si;N, (mostly & phase of
medium size of 0.48 um), AIN, A1,0;, and Y,0;. The details of
the powder processing and hot-pressing procedures were given
elsewhere for this composition and other SiAIONs.® The pres-
ent composition, which falls on the so-called a’-plane with a
general formula Y5815 ¢n1 AL, .,ONs_,, contains nearly
equal fractions of o’ and B'-SiAION in its equilibrium phase
assemblage.”'" It was referred to in Ref. 6 as material 0610
corresponding to m = 0.6 and n = 1.0. Since the as-hot pressed
material contains a large amount of unreacted a-Si;N,, it was
given a further annealing treatment at 1600°C for 1 h to some-
what coarsen the microstructure. The annealed material was
then examined using a JEOL 2000 FX transmission electron
microscope (TEM) which was operated at 200 kV and equipped
with a thin-window EDS system. For the above study, the stan-
dard procedure for preparing thin foils was followed.* Addi-
tional discussion on the experimental methods regarding
imaging conditions, EDS analysis, and the advantage of sam-
pling statistics by using fine-grained materials can also be found
in Ref. 8. Phase analysis was performed using X-ray diffraction
(XRD) which determined the lattice parameters of a-Si;N,,
a'-SiAION, and B’-SiAION. Scanning electron microscopy
(SEM) was also employed for preliminary examination of the
microstructure. Besides material 0610, several other SiAION
materials reported in Ref. 6 have been examined. They cover a
broad range of phase assemblages, but all contain some
amounts of B’-SiAION. Despite the compositional difference,
the main findings reported below were found generally
applicable.

III. Results

(1) General Microstructure

In the as-hot-pressed state, the phase assemblage contains
27% o'-SiAION, 9% B’-SiAION, and 64% unreacted «-Si;N,.
The material is fully dense and the microstructure contains
mostly equiaxed o-Si;N, and «'-SiAION grains. The large
equiaxed grains tend to be a’-SiAION, and the smaller grains
are unreacted a-Si;N,. This is quite similar to those reported by
us for an assortment of superplastic SiAIONs."*** Indeed, this
material is superplastic, as verified by punch-stretching to large
biaxial strains at 1550°C.**

After annealing, the phase assemblage becomes 50%
a’-SiAION and 50% B'-S1AION with some unreacted o-Si;N,.
The overall composition of B'-SiAION was found to be close to
B.-SiAION, ie., x 0.8 in the formula Si;_ ALON,_.'
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Thus, a larger extent of a-Si;N, to B’-SiAION transformation
has taken place during annealing. The microstructure now con-
tains elongated B'-SiAlON, as shown in Fig. 1, in addition to
o'-SiAION. The a'-SiAION is usually found to surround an
a-Si;N, core (Fig. 1). Such growth morphology is character-
istic of a'-SIAION materials as described elsewhere for a
Y,2:51,,AL 0, N5 composition (im = 1.0 and n = 1.0) and was
thought to indicate heterogeneous nucleation and epitaxial
growth of a’-SiAION on «-Si;N,.® Apparently this mechanism
also operates in a composition less rich in a’~-SiA1ON. The most
interesting new feature in Fig. 1, however, is the strong con-
trast, marked by arrows, in the central parts of the elongated
grains. When the specimen is tilted, under the dark-field (DF)
imaging conditions, the bright contrast always shifts from one
end of the elongated grain to the other, as illustrated in
Figs. 2(a—d). This means that there is some misorientation
between the two ends of the elongated grain. A detailed analy-
sis, described below, found that the strong contrast regions in
the centers of these grains are either o-Si;N,, B-Si,N,, or super-
saturated B'-SiAION (richer in Al and O), while the bulk
of the elongated grains is a B'-S1AION of a lower Al and O
composition (B,,-SiAION). These cases are analyzed indi-
vidually below.

Vol. 77, No. 7

Fig. 1. BF image showing elongated B’-grains and an equiaxed
o'-grain with a core/shell structure. The strain contrast in the center of
'-grains is marked by arrows.

Fig.2. (a) BF image of an elongated B’ grain and (b—d) DF images showing that the contrast of the seed (center left) and of the upper and lower

halves is shifted by tilting.
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(2) Seeded Grain Structure

(A) «-Si;N,Seed: Figure 3(a) is a TEM micrograph of an
elongated B'-SiAION grain containing a core and some type of
planar defects. The planar defects, marked by an arrow head,
are twin boundaries resulting from two different stacking
sequences of B'-SiAION, as will be analyzed in Section
III(4)(A). The 1010 reflection condition, Fig. 3(b), reveals the
core to have a round morphology and a size of about 50 nm with
Moiré fringes lining up parallel to the diffraction vector. This
implies a small rotational misfit between the core and the shell.
Selected area diffraction (SAD) patterns from the region that
contains both the core and the outer grain (Fig. 4(a)) contain
spots that belong to both an o and B-Si;N, structure. Some spot
splitting can be seen, indicating a small misorientation. How-
ever, if the core is excluded, then only diffraction spots of
B-Si;N, were obtained and the spot splitting disappeared
(Fig. 4(b)). Thus, the core has an a-Si,N, structure and the outer
grains a 3-Si,N, structure, the two having nearly the same crys-
tallographic orientation but for a small rotational misfit.

To perform energy-dispersive X-ray analysis (EDS), we have
chosen the grain shown in Fig. 6 which has a core of o-Si;N,
structure not fully enclosed by the shell. The spectrum taken
from this core (Fig. 5(a)) contains Si and N, with very weak
peaks of Aland O. (The detection limit for Al and O is about 1.5
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wt% in our instrument.) In contrast, the spectrum taken from
the surrounding region (Fig. 5(b)) contains very strong peaks of
Al and O in addition to Si and N. The above observation
strongly suggests that the core is o-Si,N,, while the shell is
B’-S1AION. The very weak signal contributions of Al and O in
Fig. 5(a) must come from the contamination of the surrounding
B’-SiAION and do not imply the core to be o’-SiAION. This is
because a’-SiAION is expected to have a much higher Al and O
content in the present system. Also, there is no Y in the core
according to EDS, which would be expected if it were
a'-SiAION. The size of these a-Si,N, cores is typically around
0.2 pm, somewhat smaller than the medium size of the starting
powder. This may be attributed to partial dissolution during
processing.

Figure 6(a) shows the elongated B'-SiAION grain with an
a-Si;N, core on which the above EDS was performed. A
higher-magnification weak-beam (WB) image of the core
region is shown in Fig. 6(b). The microstructure in the center
region was analyzed by SAD and EDS. It contains at least one
a-S1,N, region and a rounded B’-SiAlON region. According to
the EDS analysis, this rounded B’-SiAION is much richer in Al
and O than the outer elongated ' grain region; i.e., it is
supersaturated.

Sometimes B'-SiAION and a’-SiAION grow simultaneously
next to the same a-Si,N, particle (Fig. 7). The growth direction

Fig. 3. (a) BFimage and (b) DF image of a 3’ grain with an a-Si;N, seed. The twin boundaries are marked by an arrow in (a).

(@)

(b)

Fig.4. SAD patterns of (a) B'-SiAION shell + a-Si,N, seed and (b) B’-SiAION outer region alone. The extra spots in (a) indicate that the seed has

an a-Si;N, structure. B = [4150].
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Fig. 5. EDS spectra of (a) «-Si;N, seed and (b) B'-SiAION outer
region. The seed contains no Al or O.

of the elongated B'-grain is along the c-axis, but all the phase
regions have nearly the same crystallographic orientation with
only a small misorientation. (a-Si;N, and o’-SiAION were dis-
tinguished by EDS.)

(B) PB-Si;N, Seed: Figure 8(a) shows an elongated
B'-SiAION grain with a B-Si;N, core, as viewed under (2020)
diffraction condition. SAD patterns show that both the core and
the outer grain have a B-Si;N, structure and are in the same
crystallographic orientation. EDS taken from a similar core not
fully enclosed by the shell establishes that the core region

Vol. 77, No. 7

Fig. 7. BF image showing concurrent growth of B’-SiAlON and
a'-SiAlON on an a-Si;N, seed.

(Fig. 9(a)) contains very little Al and O and, therefore, is proba-
bly pure 3-Si;N,, while the shell (Fig. 9(b)) contains strong sig-
nals of Al and O and is definitely B'-SiAION. The same region
of Fig. 8(a) viewed under the (0002) reflection condition shows
strong Moir€ fringes with a spacing of about 7.1 nm. Thus, the
lattice parameters along the c-axis have a misfit of 0.030 A
between the two phases, also indicating an x value of about 1.2
for the B'-S1AION."®

The above configuration suggests that the 8-Si;N, is the seed
for the B'-SiAION grain. Note that the size of the 3-Si,N, core
is quite small, around 50 nm, compared to the size of the start-
ing powders. It typically has a rectangular shape with an aspect
ratio of about 1.5 and is always embedded entirely in a
3’-SiAION shell.

(C) PB’-SiAION Seed: The grain shown in Figs. 2(a—d) is a
B’-SiAION with a supersaturated B’'-SiAION core. The core
can be seen on the left center, along with dislocations threading

Fig. 6. (a) WB image of an elongated B'-SiAION grain with twin boundaries and (b) complicated center region containing «a-Si;N, and a rounded

supersaturated 3'-SiAION region.
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Fig. 8. BF images under (a) 2020 and (b) 0002 reflections showing a 3’-SiAION grain with a B-Si;N, seed. Moiré fringes are shown in (b).

from the interfaces in the upper and lower halves of the
B’-SiAION grain. SAD patterns from the core and the shell
regions confirm that both have the same crystallographic orien-
tation and a 3-Si;N, structure. The EDS spectra for this core
(which is not fully embedded in the shell), as shown in
Fig. 10(a), found Al and O with concentrations much higher
than those in the outer region. We have estimated the core com-
positions to be in the range of x =~ 2 or ,,-SiAION compared to
the outer region of x ~ 0.8 or B,,-SiAION. (For all the EDS
spectra reported here, the spot size used was 10 nm, and the cal-
ibration for Si/Al ratio was performed by taking 10 measure-
ments of a B’ ,-SIAION composition that gives the CIliff-
Lorimer factor K, 5; = 1.19.) Thus, the initial precipitation of
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B’-SiAION that acts as the seed is much richer in Al and O than
the later growth.

We have examined a large number of elongated B-SiAION
grains and always observed a strong contrast region in the
center of these grains, suggesting the presence of the seeds.
Similar observations of seeding configurations were also made
for the 0625 material. The main difference in this material
is a lower population of o' grains as compared to the 0610
material, because of the higher Al content. The supersaturated
B’-Si1AION core was found to have a composition close to B,
(x = 3), which is somewhat higher than that of the B’'-SiAION
core in the 0610 material.
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Fig. 10. EDS spectra of (a) supersaturated 3'-SiAION seed and (b)
B'-SiAION outer region. The Al and O contents are much higher in the
seed than in the outer region.

Fig.9. EDS spectra of (a) B-Si;N, seed and (b) B-SiAION outer
region. The seed contains Si and N only.
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(3) Interface Dislocations

(A) B/B’ Interfaces: Dislocations have been observed
frequently in this study. They were analyzed using the conven-
tional g-b criterion, where g is the operating reflection and b the
Burgers vector. At least two nonparalle] reflections that ren-
dered the dislocation out of contrast were used to establish the
dislocation character. To eliminate the interference from the
Moiré fringes and to minimize the uncertainties of dislocation
contrast, WBDF imaging was employed.

Two WB images of a typical misfit dislocation structure sur-
rounding a 3-Si;N, seed are given in Fig. 11(a-b). These dislo-
cations have a Burgers vector lying along the c-axis and are
usually confined to a narrow region around the B-Si;N, cores.
The average spacing of these misfit dislocations, measured on
several B/B’ interfaces, is around 125 A. Assuming a Burgers
vector of 2.91 A, this corresponds to a lattice parameter misfit
of 0.068 A between the (3 and B’ phases along the c-axis. From
the compositional dependence of $’-SiAION, we calculate an x
value of about 2.7 for the §’-SiAION.*® Note that, for this com-
position, the calculated Jattice misfit along the a-axis between
and B’ phases, 0.074 A, requires a set of g-axis dislocations
spaced about 78 nm apart. Since the dimensions of the $-Si;N,
core are smaller than the latter value, no @-axis dislocation is
expected.

(a)
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(B) o/B' and B'/B' Interfaces: The dislocation structures
surrounding a-Si;N, seeds are usually complicated. As shown
in Fig. 12(a), the dislocations are extended all the way from the
center of the grain into the outer B’-SiAION region. Many of
these dislocations have a [0001] Burgers vector. This disloca-
tion structure could result from either the large misfit between
a-Si;N, and B’-SiAlON or from the thermal mismatch between
these two phases during cooling.

Figure 12(b) shows a dislocation network at the interface
between a supersaturated ’'-SiAION seed and a B'-SiAION
outer grain. Although no detailed contrast analysis has been
performed on this network, it is certain that at least two sets of
dislocations are involved. This type of dislocation network usu-
ally forms when there is a rotational misfit.”” A similar disloca-
tion network can also be seen around the supersaturated
B'-SiAlON grain shown in Fig. 6(b).

(4) Impingement Boundaries

(A) Twin Boundaries: The nature of the stacking
sequences of atomic planes in the «- and B-Si;N, structures dic-
tates that the epitaxial growth of B’-SiAION on «-Si;N, can
take place by two growth habits. Impingement of the two
growth variants then results in a twin boundary, shown in
Figs. 3 and 6, and serves as a distinct signature of B’-SiAION

Fig. 11. 'WB images of interface dislocations around the B-Si;N, seed. g = 0002.

Fig. 12, WB images of (a) complicated dislocation structures in a §'-grain with an a-Si,N, seed and (b) an interface dislocation network between a

supersaturated B'-SiAION seed and a §'-SiAION outer region.
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growth from an «-Si;N, seed. The crystallographic origin of
these twin planes and their identification are described below.

In o-Si;N, structure, the C/D stacking layers are related to
the A/B stacking layers by C-glide planes parallel to {1100}.
Thus, when several B-Si;N, nuclei grow epitaxially onto the
surface of an a-Si,N, crystal, they can adopt either the A/B
stacking sequence or the C/D stacking sequence. Twin bound-
aries then form between the regions grown with A/B sequence
and those with C/D sequence in the resulting B-Si;N, grains.
Assuming a (1010) boundary plane, the atomic configuration
across such twin boundaries viewed along [0001] is shown in
Fig. 13. The two parts of twins are related to each other by a
reflection through the (1010) twin plane or by a 180° rotation
about the [1210] direction. On the twin interface, each Si is
coordinated by four N, and each N atom by three Si; i.e., all the
Si~N bonds across the twin boundary are maintained. (There
are some distortions of the bonding length and angle, though.)
The presence of this kind of twin boundary originating from the
o-Si;N,/B'-SiAION interface in the as-grown elongated
B'-SiAION grains provides additional evidence for the seed
nature of the a-Si;N, core.

Fig. 13. Schematic atomic configuration of a (1010) twin viewed
along {0001} with the twin boundary in edge-on position. Note continu-
ity of Si—N bonding across the twin boundary.

Nucleation and Growth of B'-SiAION 1725

A twin boundary can usually be ascertained by the appear-
ance of twin spots in the SAD. Unfortunately, for {1100} twins
in B'-Si;N, crystals, no twin spots will appear in the SAD
because (1100} are mirror planes of the reciprocal lattices.
Therefore, the {1100} twins can be analyzed only by the struc-
ture factor contrast across the interface or by the diffraction
contrast of the interface itself. The analysis is similar to the two-
beam dynamical theory for the stacking fault contrast, because
the crystal potential relationship between the two parts of the
twinned crystal is similar to that in the stacking fault case."™
The only difference is that the phase angle difference a, of the
gth Fourier coefficient of the lattice potential does not arise
from a displacement, as in a stacking fault, but from a different
structure across the interface, as in a twin boundary. The calcu-
lated structure factor values and the phase angle differences
of a B-Si;N, crystal twinned on the (1010) plane using this
theory are listed in Table 1. All reflections are indexed using 31
axes. Three groups of distinct structural factor contrast and pre-
dicted twin boundary visibility are exemplified in this table.

The above prediction has been verified by imaging under var-
ious DF conditions. For example, Fig. 14(a) shows a case,
Group 1, for which there is no contrast difference across the
boundary, which itself is visible. Likewise, Figs. 14(b) and (c)
show two cases, Group 2, which have excited reflection from
only one of the two twin variants and the boundary is again
visible. Lastly, Fig. 14(d) shows a case, Group 3, which
shows no contrast difference across the boundary, which
itself is invisible.

(B) Twist Boundary: More than one growth variant is
common for B'-SiAION grown from a supersaturated
B'-SiAlON seed. These variants typically have a small misori-
entation between them which can be revealed by systematic tilt-
ing, as evidenced in Figs. 2(a—d). When the two variants grow
in the same direction from one side of the seed, their impinge-
ment results in a twist boundary. An example is shown in
Figs. 15(a—d). In the BF image (Fig. 15(a)), the nature of twist
misfit boundary is revealed by the Moiré fringes which are par-
allel to the operating reflection g = 011 1. The contrast analysis
of this boundary is given by the DF images in Figs. 15(b—d).
Two sets of orthogonal interfacial dislocations can be observed
in Fig. 15(b) for the reflection g = 0331. One set of the disloca-
tions is out of contrast when g = 1011 and 0002, as in
Fig. 15(c), while the other set is out of contrast when g = 0110,
2310, and 1430, as in Fig. 15(d). These observations imply that
one set of dislocations has a [0001] (c-axis) Burgers vector,
while the other set has a 1/3 [1210] (a-axis). By comparing
the BF micrograph with the SAD pattern, it is noted that all the
interfacial dislocations have only a screw character, indicating
that there is no, or only very limited, lattice parameter misfit
between these two growth variants.”' This observation is also
confirmed by the EDS analysis, which detects no composi-
tional difference.

Tablel. Structure Factor, Phase Angle Difference, and Diffraction Contrast of Twin Boundary in g’-SiAlION*

Structure Structure Phase angle Struct. fac. Boundary
Group Reflections factor, B1 factor, 32 difference contrast visibility
1 0111 12.97 12.97 2/37 No Visible
1011 12.97 12.97 2/3w No Visible
1011 12.97 12.97 2/3w No Visible
2021 7.09 7.09 4/3% No Visible
2 2351 13.32 4.34 2/3w Yes Visible
2130 17.37 0.58 4/3 Yes Visible
3210 17.37 0.58 237 Yes Visible
3120 0.58 17.37 4/3w Yes Visible
3 0002 20.56 20.56 0 No Invisible
1120 7.89 7.89 0 No Invisible
1121 4.89 4.89 0 No Invisible

*The twin plane is (1010), which passes through (1/3, 2/3, 0) point. All reflections were indexed using B1 axes. The structure factors were calculated assuming 100% occupancy of
the atomic positions by Si or N. The substitution of Al for Si and O for N in §,-SiAION will result in small changes in the structure factors, but the ratios for the structure factors and

the phase angle differences between 81 and 32 should remain the same.
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Fig. 14. TEM two-beam images of (1010) twins. (a) Twin boundaries visible and no structure factor contrast between 1 and B2, g = 1011; (b) B1
with a large structure factor and 32 with a small structure factor, g = 2130; (c) opposite to (b), g = 3120; and (d) twin boundary invisible and no

structure factor contrast between B1 and 32, g = 0002.

The twist angle # between these two variants can be calcu-
lated from the Burgers vector and the dislocation spacing s
using 6 = b/s. The Burgers vectors are 7.61 and 2.91 A, respec-
tively, for the g-axis and the c-axis dislocations, and the corre-
sponding spacings are 215 and 82 A, respectively. The
calculated twist angle is then 2.05° from both sets of data. This
value is confirmed by another calculation from the Moiré fringe
spacing, s,,, using® s,, = d%(2d*(1 — cos (6))) where d is the
corresponding d-spacing of the operating reflection. The fringe
spacing is 66.7 A in Fig. 15(a) under the (0111) reflection.
Therefore, the twist angle is 2.20°,

IV. Discussion

(1) Microstructural Development

(A) Heterogeneous Nucleation: The present TEM results
indicate that epitaxial heterogencous nucleation, which is the
primary nucleation mechanism in the «-Si;N, to a'-SiAION
phase transformation as discussed in a previous paper,? is also
likely to be important in the «-Si;N, to B'-SiAION transforma-
tion in the &’ + B’-SiAION materials at 1600°C. Evidence for
nucleation sites has been found for both the preexisting o and
B-Si;N, grains from the starting powder and for the supersatu-
rated B'-SiAION grains. Similar observations of a supersatu-
rated core for the B’-SiAION grains have been obtained in

composition m = 0.6, n = 2.5 (material 0625) and m = 0.6,

= 5.0 (material 0650) studied in Ref. 6. The intergrowth of
B'-SiAION and other crystals—a-Si,N,, B-Si,N,, and supersat-
urated ('-SiAlION-—cannot be simply dismissed as growth
impingement, because the latter are always found to be con-
tained in the much larger and elongated B'-SiAION grains. In
addition, there are definite signatures of grains growing from
different seed crystals; for example, twin boundaries are found
only when the seed is a-Si;N,. Although we cannot entirely rule
out the possibility of homogeneous nucleation, our experience
of always finding a strong contrast region within the elongated
B'-SiAION grain strongly suggests that heterogeneous nucle-
ation is likely and perhaps dominant.

The source of the supersaturated 3'-SiAION seeds which are
so generally found in the present study is understandable.®’
During reaction of a-Si;N,, AIN, AL,O,, and Y,0,, a ternary
Si-Al-Y oxide melt forms at 1350°C. Subsequently, AIN dis-
solves first, causing a large supersaturation of Al and N, trig-
gering precipitation of B’-SiAION of a high Al and O content.
(This process may involve homogeneous nucleation or, as sug-
gested by Fig. 6(b), heterogeneous nucleation on a-Si,N,.) The
supersaturation is later relieved by dissolution of «-Si;N,. The
secondary growth of B'-SiAION is thus under a relatively small
driving force and attains a composition representative of the
overall one. In the present case of &’ + B'-SiAlON, the final
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Fig. 15. (2) BF and (b~d) WB images of a twist boundary between two @' variants.

[3'-SiAlON should have the 3,,-SiAION composition according
to the recently established subsolidus phase relationships.'®"'
This has been confirmed by XRD analysis of B’-SiAION in
the bulk.

The case of B-Si,N, acting as a seed requires some elabora-
tion. According to the dislocation analysis (Section III(3)(A)),
the B’-SiAION grown onto the seed has a composition of x =
2.7,1.e., B4y Moiré fringe analysis (Section III(2)(B)), however,
gives x = 1.2 or B,,. Meanwhile, the EDS analysis (Fig. 9(b))
gives x = 0.8 or B,,. These various results can be understood if
we assume that the first layer grown onto the B-SiyN, seed is
highly supersaturated, with a composition similar to that deter-
mined by the interface dislocation spacing, while the subse-
quent growth involves progressively lower supersaturation
ranging from that given by the Moiré fringe analysis to that
given by the EDS analysis. This scenario is consistent with our
interpretation that a high supersaturation initially exists in the
liguid. Theoretically, the difference in the formation enthalpy
between a-Si,N, and B-Si,N, is only about 30 kJ/mol,* or 1/25
of the formation enthalpy of either phase.” Thus, the driving
force for a — P transformation is quite small unless an addi-
tional driving force from AIN supersaturation is present. This is
the case in the early transient following AIN dissolution. Later,
the large driving force is dissipated by B'-SiAION precipitated
by more a-Si,N, dissolution.

The fact that «-Si,N, particles do act as nuclei 1s particularly
revealing. This is because the interfacial energy at the o/3 inter-
face is higher than that at the B/B interface, due to the difference
in the stacking sequence in the two structures.” Also, the lattice
misfit is relatively large (0.055 along the c-axis and —0.0095
along the a-axis between o-Si;N, and B,,-SiAION versus

0.022 and 0.0095 between B-Si;N, and ,,-SiAION).">' This
should render «-Si,N, unfavorable for epitaxial nucleation
unless (a) there is a severe difficulty for homogeneous nucle-
ation, and (b) other more favorable nucleation sites, such as
B-Si;N, and supersaturated P'-SiAION, have already been
exhausted. This is quite reasonable in the present case, since the
amount of preexisting 3-Si;N, in the starting powders is small,
and supersaturated B’-SiAION crystals form only over a brief
transient.®

As mentioned in the Introduction, although the microstruc-
tural development in o« — B transformation of silicon nitride
has been very extensively studied in the past,'>*= direct
microscopic information on transformation nuclei is still very
limited.”” In this study, the often invoked proposal that the
B-Si;N, particles in the starting powder can act as nuclei for
B-Si;N, (or B’-SiAION) has found some microscopic evidence.
However, we also found that other nuclei, including a-Si;N,
and supersaturated B'-SiAION, are operational. This lack of
uniqueness of the nuclei must be borne in mind in reviewing
microstructural development data of silicon nitride.

(B) Growth Anisotropy: In an experiment performed by
Wotting er al.,* it was found that the resulting aspect ratio of the
B-Si,N, grains strongly depends on the eutectic temperature of
the grain boundary liquid phase. They argued that supersatura-
tion is required to produce elongated grain morphology through
idiomorphic nucleation and crystallization. The more viscous
(higher eutectic temperature) the grain boundary liquid phase
is, the slower the supersaturation dissipates, and a higher aspect
ratio of the $-Si,N, grains results.

In the present experiment, the viscosity of the melt should be
higher than that in the materials studied by Wotting ez al.,
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because of the higher nitrogen content. In contrast to their pre-
diction, no elongated grains precipitated out directly from the
melt. Instead, the initial supersaturation apparently facilitated
the nucleation of the supersaturated 3-SiAION grains, which
are mostly equiaxed. The subsequent growth of equilibrium
B’-SiAION on these seeds is much more anisotropic, despite a
much lower supersaturation. These results lend no support to
Wotting’s picture.

An alternative interpretation of anisotropic growth of
[3-Si;N, and B’-SiAlON has been recently put forth following
the concept of roughening transition.” Experimentally, it is
well-established that the slow growth direction, along the
a-axis, has an atornically flat interface, while the fast growth
direction, along the c-axis, has a rounded and atomically rough
interface.” (The origin of these different interface structures
can be rationalized in terms of bond continuity considera-
tions."**") Kinetically, it follows that the rough interface should
have a normal growth rate, while the flat interface growth is
rate-limited by the lack of growth steps. This leads to a growth
anisotropy which is particularly severe at low driving forces.
On the other hand, at high driving forces, the flat interface
receives enhanced step nucleation and becomes “kinetically”
roughened.” As a result, growth anisotropy is lessened. These
predictions are consistent with the results reported above,

V. Conclusions

(1) Microscopy evidence has been obtained which suggests
B’-SiAION grains nucleating from «-Si;N,, B-Si,N,, and other
B'-SiAION seed crystals.

(2) The initial precipitation and the $’-S1AION seeds show
a higher content in Al and O, indicating that a large supersatura-
tion in Al and O in the liquid is instrumental for ’-SiAlION for-
mation. The supersaturation is transient in nature, resulting
from preferential dissolution of AIN.

(3) Regardless of the seed, the subsequent B’-SiAION
growth at equilibrium composition is anisotropic, along [0001],
giving a highly elongated appearance for the grain, with its
transverse dimension about two to three times that of the seed.

(4) Fully grown B'-SiAlON grains contain several variants
independently nucleated from the same seed. In the case of
a-Si;N, seeding, a special twin boundary forms between vari-
ants, following the two matching alternatives at the o'/B
interface.

(5) Interfacial dislocations (c-type and a-type) are com-
monly present in 3'-SiAION to accommodate lattice mismatch.
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