
 

 

MELT AND GLASSY DYNAMICS IN COMPLEX POLYMER SYSTEMS: MISCIBLE 

BLENDS AND STAR-SHAPED POLYMER FILMS 

by 

Bradley Raymond Frieberg 

 

 

A dissertation submitted in partial fulfillment 

of the requirements for the degree of 

Doctor of Philosophy 

(Macromolecular Science and Engineering) 

in the University of Michigan 

2014 

 

 

 

 

 

 

Doctoral Committee: 

 

 Professor Peter F. Green, Chair 

 Associate Professor Anastasios John Hart, Massachusetts Institute of Technology 

 Professor Richard E. Robertson 

 Assistant Professor Anish Tuteja 



 

 

©  Bradley Raymond Frieberg 

───────────────────── 

All Rights Reserved 

2014



ii 

 

To my loving wife, 

 Audrey, 

 my parents, 

 Raymond and Tammy, 

and my brother and sister 

Nathan and Kimberly



iii 

 

ACKNOWLEDGEMENTS 

 

As I look back at the many years I have spent at the University of Michigan, I 

cannot express how grateful I am for all the love and support I received from my friends, 

family and colleagues. After this long, exhausting week of finishing up my Ph.D. degree I 

have to stop and look back at the many amazing moments I have had throughout both my 

undergraduate and graduate degrees at such an amazing university. 

First, I need to take the time to especially thank my advisor and mentor, Professor 

Peter F. Green. I first started working for Professor Green as a junior in my 

undergraduate degree, and ever since the first day in the lab I knew that this was the right 

place for me. His work style and point of view in terms of research were the perfect fit 

for me, in that he allowed me to work on projects that I felt passionate about and he 

encouraged me to follow my intuitions. I cannot thank him enough for the support and 

advice he has given me throughout the years, as I know they will help me have a 

successful career. 

I would also like to thank my committee members, Professor John Hart, Professor 

Richard Robertson and Professor Anish Tuteja, for their support, comments and 

suggestions throughout my degree. I especially want to thank Professor Richard 

Robertson, as his suggestions and mentoring throughout my undergraduate and graduate 

career helped shaped the projects I chose and where I am today. I would also like to give 

a special thank you to Dr. Suresh Narayanan at Argonne National Laboratory and Dr. 

Madhusudan Tyagi at the National Institute for Standards and Technology for their 

particular help with X-ray and Neutron scattering experiments respectively, which gave 

me so much insight and further improved my research. 

I must also thank all the former and current members of Peter Green’s research 

group. I especially would like to thank Dr. Emmanouil Glynos for his guidance 

throughout my research career. I am glad that I was not scared away from the group on 



iv 

 

my first day from his thirst for research and trying to explain complex polymer physics 

with a heavy Greek accent. But without his help and support I would not have made it as 

far as I did. I of course need to thank all the other members of the Green group that 

contributed to my work either directly or indirectly: Dr. Aaron Tan, Dr. Hyun Joon Oh, 

Dr. Chelsea Chen, Dr. Jenny Kim, Dr. Ernest McIntyre, Hengxi Yang, Jojo Amonoo, 

Ravi Sharma, Kyle Johnson, Anton Li, Peter Chung, Bingyuan Huang, Junnan Zhao, Ban 

Dong, and the undergraduates that have worked with me: Brittany Auld, Marjorie 

Bridgewater and Desmond Pressey. 

Many thanks to my collaborators David Bilby, Professor Jinsang Kim, Adam 

Barito, Matthew Sykes, Kanika Agrawal and Professor Max Shtein for their collaboration 

on connecting electrical properties and optical properties of organic electronics. 

Finally, I would like to express my greatest thanks to my family and friends at the 

University of Michigan. Without these people I would have gone crazy, stuck in the lab 

24 hours a day. First, I would like to thank my loving wife, Audrey Frieberg, for her 

unconditional love and support. I would like to thank my parents, Ray and Tammy 

Frieberg, my brother, Nathan, and sister, Kimberly, for their love and unwavering support 

throughout my educational career. I would also like to thank my in-laws, for giving me 

that home away from home, as it is not always easy being 600 miles from your parents. 

And of course a special thanks to the many friends that I have made, both at and outside 

the University of Michigan, that give me the moral support and moments of sanity 

outside of the lab. It is with the help and support of all these people, and any others I 

forgot to mention, that made this dissertation possible. 



v 

 

TABLE OF CONTENTS 

 

 

Dedication .......................................................................................................................... ii 

Acknowledgements .......................................................................................................... iii 

List of Figures ................................................................................................................... ix 

List of Tables ................................................................................................................... xv 

List of Appendices .......................................................................................................... xvi 

Abstract .......................................................................................................................... xvii 

Chapter 1 Introduction..................................................................................................... 1 

1.1 Motivation and Research Objectives......................................................... 1 

1.2 Background ............................................................................................... 3 

1.2.1 Glassy Structural Relaxation .............................................................. 3 

1.2.2 Star-Shaped Molecules ........................................................................ 5 

1.2.3 Miscible Polymer Blends ..................................................................... 8 

1.2.4 Experimental Techniques .................................................................... 8 

1.3 References ............................................................................................... 19 

Chapter 2 The Physical Aging of Star-Shaped Macromolecules................................ 22 

2.1 Introduction ............................................................................................. 22 

2.2 Experimental Section .............................................................................. 24 

2.3 Results and Discussion ............................................................................ 25 

2.4 Conclusions ............................................................................................. 31 

2.5 References ............................................................................................... 32 



vi 

 

Chapter 3 Physical aging of Star-Shaped molecules: from linear-like behavior to 

soft colloids ...................................................................................................................... 34 

3.1 Introduction ............................................................................................. 34 

3.2 Experimental Section .............................................................................. 36 

3.2.1 Materials ........................................................................................... 36 

3.2.2 Sample preparation ........................................................................... 38 

3.2.3 Glass Transition ................................................................................ 38 

3.2.4 Volume Recovery ............................................................................... 38 

3.2.5 Enthalpy Recovery............................................................................. 39 

3.3 Results and Discussion ............................................................................ 39 

3.4 Conclusions ............................................................................................. 50 

3.5 References ............................................................................................... 51 

Chapter 4 Correlation Between Glassy Dynamics and Physical Aging ..................... 54 

4.1 Introduction ............................................................................................. 54 

4.2 Experimental Section .............................................................................. 57 

4.2.1 Materials ........................................................................................... 57 

4.2.2 Sample Preparation........................................................................... 57 

4.2.3 Spectroscopic Ellipsometry ............................................................... 57 

4.2.4 Incoherent Neutron Scattering .......................................................... 58 

4.3 Results and Discussion ............................................................................ 59 

4.4 Conclusions ............................................................................................. 66 

4.5 References ............................................................................................... 67 

Chapter 5 Structural Relaxations of Thin Polymer Films .......................................... 69 

5.1 Introduction ............................................................................................. 69 

5.2 Experimental Section .............................................................................. 71 



vii 

 

5.2.1 Materials ........................................................................................... 71 

5.2.2 Sample Preparation........................................................................... 72 

5.2.3 Sample Characterization ................................................................... 72 

5.3 Results and Discussion ............................................................................ 73 

5.4 Conclusions ............................................................................................. 80 

5.5 References ............................................................................................... 82 

Chapter 6 Surface Layer Dynamics in Miscible Polymer Blends .............................. 84 

6.1 Introduction ............................................................................................. 84 

6.2 Experimental Section .............................................................................. 86 

6.2.1 Materials ........................................................................................... 86 

6.2.2 Differential Scanning Calorimetry (DSC) ........................................ 86 

6.2.3 X-Ray Photon Correlation Spectroscopy (XPCS) ............................. 86 

6.2.4 Variable Angle Spectroscopic Ellipsometry (VASE) ......................... 87 

6.3 Results and Discussion ............................................................................ 87 

6.4 Conclusions ............................................................................................. 96 

6.5 References ............................................................................................... 97 

Chapter 7 Surface Dynamics of Miscible Polymer Blend Nanocomposites .............. 99 

7.1 Introduction ............................................................................................. 99 

7.2 Experimental Section ............................................................................ 101 

7.2.1 Materials ......................................................................................... 101 

7.2.2 Sample Preparation & Storage ....................................................... 102 

7.2.3 Nanoparticle Synthesis .................................................................... 102 

7.2.4 Nanoparticle Characterization ....................................................... 102 

7.2.5 Nanoparticle Distribution ............................................................... 103 

7.2.6 Calorimetry Measurements ............................................................. 103 



viii 

 

7.2.7 XPCS Measurements ....................................................................... 104 

7.2.8 VASE Measurements ....................................................................... 104 

7.3 Results and Discussion .......................................................................... 104 

7.4 Conclusions ........................................................................................... 113 

7.5 References ............................................................................................. 114 

Chapter 8 Conclusions .................................................................................................. 116 

Appendices ..................................................................................................................... 119 



ix 

 

LIST OF FIGURES 

 

 

 

 

Figure 1.1  A schematic representation of the physical parameters of an amorphous 

polymer evolving with temperature (left) and time (right). .................................... 4 

Figure 1.2  A schematic representation of star-shaped molecules, showing the 

interplay of the functionality and degree of polymerization of the arm. ................ 6 

Figure 1.3  A schematic representation of the reflection and refraction of the incident 

light upon a multilayered planar surface. .............................................................. 11 

Figure 1.4 A schematic representation of the normalized heat flow traces extracted 

from a DSC experiment. The shaded areas represent the enthalpy recovered 

during aging described by equation 1.10. ............................................................. 12 

Figure 1.5  A representative heat capacity trace obtained from modulated DSC, in order 

to obtain the absolute heat capacity necessary to estimate the equilibrium value 

for the enthalpy recovery experiments. ................................................................. 13 

Figure 1.6 An example of a speckle pattern captured from a full frame CCD camera 

after reflection of the X-ray beam from the polymer film surface. ...................... 16 

Figure 1.7 A schematic of the intensity-intensity autocorrelation function from 

XPCS, schematically showing the fitting parameters used to fit a simple 

exponential decay.................................................................................................. 17 



x 

 

Figure 1.8 Schematic representation of the XPCS experiment, in which an 

autocorrelation function is generated in order to find the correlation between the 

speckle patterns obtained at different times. ......................................................... 18 

Figure 2.1 The time dependent thickness, at ΔTA = -35
o
C, is shown here for a 

H(T=24
o
C) = 1.1 μm films. (A) For 3 different molecular weights: 13 kg/mol. 

(open squares), 28 kg/mol. (open triangles), and 52 kg/mol. (open circles), each of 

16 arm star PS. (B) For 3 different functionalities: 16 arm (open squares), 8 arm 

(open triangles), and linear (open circles), each of molecular weight ~12 kg/mol.

 27 

Figure 2.2 (A) A comparison of the aging rates of Star PS with approximately 10 

kg/mol. arms, at ΔTA= -35°C (filled squares) and ΔTA= -50°C (open squares). (B) 

The aging rates with varying molecular weight of the arm for 8 arm star PS (filled 

circles) and 16 arm star PS (open circles) aged at ΔTA= -50°C. ........................... 28 

Figure 2.3 The bulk glass transition temperature as a function of chain ends per 

molecular weight for linear PS (filled squares), 8 arm star PS (filled circles) and 

16 arm star PS (filled diamonds). For this case linear PS was assumed to be a 2 

arm star and Mn is the total molecular weight of the molecule. ............................ 30 

Figure 3.1 Aging experiments conducted at ΔTA = -25K with molecules of a constant 

Narm = 100. (A) The change in film thickness, normalized by the film thickness at 

10 minutes, as a function of the aging time. The solid lines are guides to the eye 

that represent fittings to obtain the aging rate. (B) The enthalpy recovery as a 

function of the aging time. (inset) Normalized heat capacity measured as a 

function of temperature for various aging times ranging from 0 to 6 hours, for 

Linear PS N = 100, ΔTA = -25K............................................................................ 41 

Figure 3.2 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature. (B) The aging rate, normalized by the aging rate of 

linear PS as a function of the number of arms, functionality at various 



xi 

 

temperatures. The closed symbols are determined from ellipsometry and the open 

symbols are calculated from DSC. ........................................................................ 43 

Figure 3.3 The time dependence of (A) enthalpy recovery and (B) volume recovery of 

linear PS-25 kg/mol. aged at 10K below the Tg. The solid lines represent fittings 

to a stretched exponential and the dashed lines represent the linear extrapolation 

to equilibrium used to estimate the equilibration time.......................................... 46 

Figure 3.4 The temperature dependence of the equilibration time measured by 

ellipsometry (closed symbols) and DSC (open symbols). .................................... 47 

Figure 3.5 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature, for the 64 arm stars of varying degrees of 

polymerization. The aging rate of linear polystyrene is shown as black squares for 

reference. (B) The aging rate, normalized by the aging rate of linear PS as a 

function of the number of arms, functionality at various degrees of 

polymerization. The aging rates were determined from ellipsometry and were 

conducted at ΔTA = -50K. ..................................................................................... 49 

Figure 4.1 Aging experiments conducted at ΔTA = -25K with molecules of a constant 

Narm = 100; the change in film thickness, normalized by the film thickness at 10 

minutes, as a function of the aging time. The solid lines represent fittings to obtain 

the aging rate. ........................................................................................................ 60 

Figure 4.2 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature. (B) The aging rate, normalized by the aging rate of 

linear PS as a function of the number of arms, functionality at various 

temperatures. The closed symbols are determined from ellipsometry and the open 

symbols are calculated from DSC. ........................................................................ 61 

Figure 4.3 (A) The temperature dependence of the film thickness for the star shaped 

molecules. The inset shows the thermal expansion coefficient, calculated from the 

slope of the thickness curves as a function of the functionality. (B) The departure 

from equilibrium at 3 different aging temperatures. ............................................. 62 



xii 

 

Figure 4.4 (A) The ‹μ
2
› as a function of temperature for linear PS (black squares) and 

the 64 arm star PS (red circles). The solid lines represent fittings to harmonic 

force constant from T=30-250K. (B) The ‹μ
2
› as a function of the number of arms 

for a constant at 3 different temperatures relative to Tg. ....................................... 64 

Figure 4.5 The harmonic force constant estimated from the ‹μ
2
› between 30 and 250 K 

plotted as a function of the average aging rate measured at ΔTA = -50K, where the 

influence of the restriction of segmental motions dominates the physical aging 

rate. 65 

Figure 5.1 H(t)/H(tage=10 minutes) is plotted as a function of aging time, for films 

((A) LPS-152K and (B) SPS-8-10K) of two different thicknesses.  Measurements 

were performed at Tg-Tage=-50°C. ...................................................................... 74 

Figure 5.2  The physical aging rates at different Tage relative to the average Tg of the 

film for: (A) LinearPS-152K, (B) StarPS-8arms-25K and (C) StarPS-8 arms-10K. 

The filled symbols are for a 1.1 micron thick film and open symbols for a 50 nm 

thin film.  The solid lines represent quadratic fits to the 1.1 micron film. The 

broken lines were calculated using the gradient model, described in the text. ..... 75 

Figure 5.3  The physical aging rate normalized by the bulk physical aging rate as a 

function of thickness at (A) 30, (B) 40 and (C) 50°C below the average Tg of the 

film for: LinearPS-152K (open squares), StarPS-8arms-25K (open triangles) and 

StarPS-8arms--10K (open circles). ....................................................................... 76 

Figure 5.4  The distribution in local Tg (Lg) throughout a 50 nm supported film for 

LPS-152K (black, squares), SPS-8-25K (green, triangles) and SPS-8-10K (red, 

circles) according to a gradient Tg model. The inset shows the same Lg for a 

350nm film, with the PALS results overlaid. ....................................................... 78 

Figure 5.5 The distribution in local physical aging rate throughout a 50 nm supported 

film of Tg-25°C (black), Tg -35°C (blue) and Tg-50°C (red) for (A) LinearPS-

152K and (B) StarPS-8arms-10K. (C) The thickness of the free surface layer that 



xiii 

 

does not age for: LinearPS-152K (black), StarPS-8arms-10K (red) and StarPS-

8arms-25K (blue). ................................................................................................. 79 

Figure 6.1 Measured autocorrelation function, g2(q,t), of dPS/PVME film at 3 

different q vectors at T= 90°C for (a) a 200 nm film and (b) a 60 nm film. Solid 

lines are the fittings to KWW equation, assuming that two relaxations (τ1 & τ2) 

exist (equation 2 in the main text). (c) Relaxation time/surface segregated layer 

thickness as a function of q-vector x surface segregated layer thickness at the free 

surface of dPS/PVME blend films for τ1 (closed symbols) and τ2 (open symbols) 

for various film thicknesses. ................................................................................. 89 

Figure 6.2 The thickness of the free surface segregated layer was measured by 

ellipsometry as a function of total film thickness. (Inset) The refractive index is 

shown as a function of wavelength for the three layers in a 200 nm film; free 

surface layer (blue triangles), interior (cyan inverted triangles), and substrate 

layers (maroon squares). The dashed lines represent the refractive index of the 

pure PS (red) and PVME (black) components. ..................................................... 91 

Figure 6.3 Viscosity changes as a function of total film thickness. The viscosities were 

measured at 80°C (squares) and 90°C (circles). The viscosity calculated from 

relaxation 1 is shown as the closed symbols and relaxation 2 is shown as the open 

symbols. ................................................................................................................ 93 

Figure 6.4 (a) The viscosity as a function of temperature calculated from relaxation 1 

(Free Surface) and relaxation 2 (Interior). The temperature dependence of the 

viscosity for each of the pure components are reproduced from refs 
38, 39

. (b) 

Viscosity as a function of composition for the free surface (30% PS) and interior 

(75% PS) as it compares to bulk viscosity values reproduced from refs 
38, 39

. The 

symbol size is indicative of the error. ................................................................... 95 

Figure 7.1 (a) Measured intermediate scattering function f(q,t) of dPS11k/PVME  with 

4 wt% 2nm Au NPs for 3 different q-vectors at T= 90°C. Solid lines are the 

fittings to a simple exponential, assuming that two relaxations (τ1 & τ2) exist (eq. 



xiv 

 

2 in the main text). (b) Relaxation time (τ) as a function of q-vector (q//) at 

T=90°C (circles). The black squares represent the relaxation time of the faster 

relaxation and the red circles the slower relaxation. ........................................... 106 

Figure 7.2 The relaxation time normalized by the surface layer thickness d, τ/d, is 

plotted as a function of q//d for measurements of the PNC blends at T=80
o
C. The 

closed symbols represent the first relaxation and the open symbols represent the 

second relaxation process. .................................................................................. 108 

Figure 7.3 τ/d is plotted as a function of q// d, for 3 different film thicknesses: 200nm 

(black squares), 100nm (red circles) and 50nm (blue triangles), at T= 80
o
C for 

Au/dPS/PVME blends containing (a) 2nm Au NPs and (b) 5nm Au NPs. ........ 109 

Figure 7.4  Viscosity as a function of NP diameter at 80
o
C (squares) and 90

o
C 

(circles). The viscosity calculated from relaxation 1 (closed symbols) and 

relaxation 2 (open symbols) are shown, and the viscosity of the pure polymer 

blend (which is indicated as no particles on the abscissa). ................................. 110 

Figure 7.5 (A) The normalized depth profiles of the components, determined by 

dSIMS, of the nanocomposite containing 4wt% of the 2nm Au nanoparticles is 

shown here.  (B) The depth profiles of Au in both nanocomposites are plotted. 111 

Figure B.1 The aging rate, at ΔTage = -50
o
C, is shown here for a H(T=24

o
C) = 1.1 μm 

LPS-152K film. The aging rate is determined from the slope, a typical plot of 

which is shown in the inset. ................................................................................ 124 

Figure C.1 The glass transition temperature is plotted as a function of film thickness, 

reported in Ref. [1] for LPS-152K (black squares), SPS-8-25K (green triangles) 

and SPS-8-10K (red circles). The solid lines represent the expected average Tg 

values based on the fitting described in the text. ................................................ 127 

 

 

 



xv 

 

LIST OF TABLES 

 

 

 

 

Table 1.1  Incoherent and coherent cross section for neutron scattering for the 

elements found in linear and star-shaped polystyrene. ......................................... 14 

Table 3.1 A list of the polymers used in this chapter. ................................................. 37 

Table A.1 A list of the star-shaped polymers used in this study................................ 120 

 



xvi 

 

LIST OF APPENDICES 

 

 

 

 

Appendix A Materials List ............................................................................................119 

 A.1 Materials ..................................................................................................119 

 A.2 References ................................................................................................121 

Appendix B Aging Experiment .....................................................................................122 

 B.1 Aging experimental procedure .................................................................122 

 B.2 Fitting to aging results .............................................................................123 

 B.3 Reproducibility measurements.................................................................123 

 B.4 References ................................................................................................125 

Appendix C Glass Transition Model ............................................................................126 

 C.1 Gradient Tg Model ...................................................................................126 

 C.2 References ................................................................................................130 

 



xvii 

 

ABSTRACT  

 

 

Considerable effort has been given towards using polymers as active materials in 

many types of organic devices such as photovoltaics, active membranes and sensors as 

well as drug delivery. A number of the applications of polymeric materials involve thin 

film geometries; therefore the role of interfacial interactions has garnered a lot of interest 

of late. However, the influence of interfaces on the physical properties of polymer films 

in not well understood. One such property is physical aging, which leads to a time-

dependence of many properties, including: increased brittleness, enhanced modulus and 

reduced permeability. Therefore, there is a strong technological and scientific importance 

to understanding the underlying phenomenon behind this process. In this dissertation 

three classes of polymers are used in order to investigate the role of interfaces on the 

dynamic properties of polymer thin films: (1) glassy structural relaxation in star-shaped 

polymers, (2) free surface dynamics of miscible A/B polymer/polymer blends, and (3) 

polymer nanocomposites. 

 The structural relaxation rate of polystyrene in the bulk and micron thick films is 

strongly influenced by the chain architecture.  Due to the decreased conformational 

freedom, and entropic constraints of the chains grafted to a central core exhibited by the 

star-shaped molecules, the stars exhibit up to a 40% reduction in the relaxation rate 

relative to their linear counterparts. 

In the case of supported thin films, interfacial interactions can strongly influence 

the structural relaxation rate. By changing the chain architecture, the entropic loss upon 

adsorption to an interface as well as the surface tension can be controlled. The thickness 

dependence of the structural relaxation rate can be described with a universal model that 

accounts for to the temperature dependence of the structural relaxation rate as well as the 

distribution in local Tg throughout the film. 
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In a miscible A/B polymer blend, the local surface composition can vastly differ 

from the bulk. The lower surface tension of the B component will lead to a surface 

excess. Because of the differences in the composition near the surface, the polymer chain 

dynamics near that interface can be vastly different from that of the bulk. 

 Lastly, polymer grafted inorganic nanofillers are incorporated into the miscible 

blends in order to introduce additional surface area into the system. The addition of these 

nanoparticles decreased the local viscosity near the free surface for two reasons. The first 

reason is that the addition of a third component further changed the local composition 

near the free surface; the second reason is the reduced friction coefficient experienced by 

the polymer chains in the vicinity of the nanoparticles. 

All of these findings have implications in the processing and long term 

implementation of polymer films in many different applications. 
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CHAPTER 1 

INTRODUCTION 

1.1 MOTIVATION AND RESEARCH OBJECTIVES 

Polymers are incorporated into a number of current technologies used today from 

packaging such as plastic bags and bottles to functional materials such as organic 

electronics and sensors. The use of polymeric materials allows for cheaper manufacturing 

costs and flexible, light weight alternatives to inorganics. In order to meet the ever 

growing needs of current technologies, tailoring material structure on the nano-scale has 

been of utmost importance. A number of strategies have been employed in order to tailor 

the properties of polymeric materials on the nano-scale: from changing the monomer 

structure and molecular weight, to copolymers and polymer blends. One topic of interest 

of late has been macromolecular topology. By changing the molecular architecture, 

different macroscopic properties can be achieved while maintaining the same chemical 

constituents. 

Many applications involving polymeric materials, such as membranes,
1-4

 LEDs
5, 6

 

or organic photovoltaics, are utilized in thin film geometries. It has been well reported 

that in thin film geometries a number of physical properties depend on film thickness: 

viscosity,
7
 physical aging rate

8, 9
 and glass transition temperatures.

10, 11
  The influence of 

a solid or free interface will alter the average properties of a polymer film, through the 

entropic and enthalpic interactions with the molecules. One of the more intriguing 

properties is the dynamics of the polymer chains at temperatures both above and below 

the glass transition temperature. It is how fast or slow the polymer chains will move that 

will govern the processibility or longevity of a particular material. 

A long-standing problem in polymer physics over the past 70 years has been 

understanding how material properties will change below the glass transition 

temperature.
9, 12-16

 When an amorphous material is quenched below the glass transition 
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temperature, it resides in a non-equilibrium state. Over time the polymer molecules will 

undergo a series of structural relaxations in order to return to an equilibrium state. It is 

through this process that a number of properties become time-dependent. When used in a 

technological application, this results in device characteristics that will also change with 

time. Due to the length-scales and time-scales required to fully understand the process of 

structural relaxations, a number of unique experimental protocols have been implemented 

in order to further understand this phenomenon. Yet, there is still debate to this day as to 

the specific mechanisms behind glassy structural relaxation in polymeric systems. 

By introducing branching points into a polymer chain a number of macroscopic 

properties can be influenced including crystallinity, viscosity and glass transition 

temperatures. One of the most controllable branched systems is star-shaped molecules, in 

which a number of linear polymer chain arms are connected at a single branching point. 

Star-shaped molecules have also been shown to have significantly different interfacial 

interactions than their linear analogs. This allows for a tailoring of the film thickness 

dependence of properties such as wetting
17

 and glass transition
18

 without altering the 

chemical constituents. This is accomplished through the reduced entropic penalty for star-

shaped molecules to adsorb to an interface. 

Another material system in which interfacial interactions play a significant role is 

in miscible polymer blends. Although they may be miscible in the bulk state, one of the 

components will have a lower surface energy, making it energetically favorable for that 

polymer to reside at the surface; resulting in surface properties that differ from the bulk 

material.
19, 20

 If one of the polymers resides preferentially at the surface, the local 

composition near the surface will have an excess of the low surface energy component.
21

 

Therefore, by introducing interfaces into a blend system, the phase diagram and stability 

of the blend can often be altered.
22-26

 

A number of researchers have demonstrated that when confining polymeric 

materials at the nano-scale a number of properties will differ from the bulk.
7, 8, 27, 28

 Some 

such properties include the glass transition temperature (Tg),
10, 11, 28

 viscosity (η)
7
 and 

physical aging rate.
8, 9

 Of particular interest due to their many technological applications 

are thin supported films.  It has been shown that in the case when there are non-specific 

interactions between the polymer and the substrate, i.e. polystyrene on silicon oxide, the 
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Tg has been found to decrease with decreasing film thickness.
10, 11

 This has generally been 

attributed to the additional configurational freedom gained near a free surface leads to a 

higher chain mobility and hence lower local Tg relative to the bulk material.
29-33

 As the 

film thickness is decreased, the surface layer becomes a larger fraction of the film and 

dominates the average value. However, when there is a specific interaction, such as 

hydrogen bonding between the polymer molecule and the substrate, i.e. polymethyl 

methacrylate on silicon oxide, the average Tg tends to increase with decreasing film 

thickness.
34

 

Recently it was demonstrated that polymers of star-shaped architecture can be 

used in order to tailor the thickness dependence without changing the chemical structure 

of the molecule.
18

 It was shown that purely through changes in the polymer architecture 

the Tg vs. h dependence could be varied from decreasing, akin to the linear polymer, to 

independent and even increase with decreasing thickness. Therefore, it is the main goal of 

my research is to gain a better understanding of how complex polymer architectures 

influence the polymer dynamics in both the bulk state and in confined geometries. To this 

end, the research in this dissertation can be categorized into three different material 

systems: (1) star-shaped polymers of varying functionality and molecular weight; (2) 

miscible A/B homopolymer blends; and (3) nanostructure composites in which polymer 

grafted nanoparticles are incorporated into miscible A/B homopolymer blends. In the first 

system, the goal is to understand the influence of chain architecture on the glassy 

segmental dynamics and structural relaxation in the bulk and confined states. The latter 

two systems are used in order to further understand the influence of interfaces on the 

miscibility and viscosity in supported polymer films. 

1.2 BACKGROUND 

1.2.1 Glassy Structural Relaxation 

When a polymeric material is cooled at a sufficiently fast rate to avoid 

crystallization and is cooled below its Tg, the material resides in a non-equilibrium state. 

In its non-equilibrium state the material possesses an excess of thermodynamic properties 

such as volume, density, enthalpy, etc. Over time the material will undergo a series of 

structural relaxations in order to return to its equilibrium state; this process is termed 
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physical aging.
15

 Physical aging thus leads to a time-dependence of many physical 

properties of the material that will influence their performance, such: as brittleness, 

enhanced modulus and reduced permeability. 

When a material is aged isothermally below its Tg, the ensuing time-dependent 

recovery of such thermodynamic properties is sigmoidal with respect to the logarithm of 

aging time, tage.
35

 The sigmoidal behavior can be thought of as three different regimes: 

the initial plateau, power law and equilibrium plateau regimes. It is from the intermediate 

power law regime in which the physical aging rate is calculated. It is well accepted that 

there is a non-monotonic temperature dependence of the aging rate, which depends on the 

aging temperature, Tage, relative to its Tg. This difference is termed ΔTA, and is depicted 

in Figure 1.1. 

 

Figure 1.1  A schematic representation of the physical parameters of an amorphous 

polymer evolving with temperature (left) and time (right). 

The physical aging rate can be determined from region II, as shown in Figure 1.1. 

The evolution of volume with time after a single temperature jump has been well 

described by Kovacs
14

: 

    (    )

  
   [   (

    

  
  )     (

    

   
  )]`   (1.1) 

where t0 and teq are shown as the dashed lines as the transition between region I 

and II and II and III respectively, v0 is the extrapolated volume at t=0, and β is the aging 

rate; all the parameters are shown graphically in Figure 1.1.  
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However after the aging temperature is reduced to more than 10K below the Tg of 

the equilibrium time, teq, approaches years to centuries. Therefore it is not experimentally 

feasible to measure teq; teq → ∞. Therefore, the volume recovery can be approximated as: 

    (    )

  
     (

    

  
  )`      (1.2) 

This equation can then be rearranged to solve for the aging rate in terms of the 

volume: 

  
 

  

  

   (       )
       (1.3) 

To this end, the aging rate of the polymeric material can be expressed in terms of 

the rate of change of the physical parameter (V, H or h) with respect to the logarithm of 

the aging time. In the case of supported thin films, this can be done through tracking 

changes in the film thickness using spectroscopic ellipsometry and in bulk materials in 

terms of the enthalpy recovered using differential scanning calorimetry. 

 

1.2.2 Star-Shaped Molecules 

To date, research in the thin polymer film field has been primarily devoted to 

materials composed of linear polymer chains, blends of linear chains, and block 

copolymers.  The influence of changing the chain architecture has largely been neglected 

and unexplored in supported thin films.  Many molecules composed of different 

architectures are available: branched, combs and star-shaped polymers.
36, 37

  This study 

will investigate the influence of chain architecture, specifically branching, on the 

properties of thin polymer films. 

The structure and dynamics of polymeric molecules that possess star-shaped 

architectures have received considerably more attention in recent years.
37-45

 A star-shaped 

polymer is a polymer molecule that contains a number of linear chains covalently bonded 

to a core molecule or macromolecule. The core can be a comprised of variety of different 

species ranging from dendrimeric to highly cross-linked molecules.
36

 The primary 

characteristic that differentiates a star-shaped polymer from other types of highly 

branched molecules is that star-shaped polymers have a number of linear chains all 

bonded to a single core molecule and the size of the arms:core ratio is very high (>>1). 

The size of the arms is generally taken to be the root mean square end-to-end distance. It 
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has been shown that these molecules possess properties, generally associated with 

entropic effects that differ from their linear analogs.  Specifically, these differences in 

properties are due to their unique conformations that differ significantly from those of 

linear polymers. 

 

Figure 1.2  A schematic representation of star-shaped molecules, showing the 

interplay of the functionality and degree of polymerization of the arm. 

 

There are a number of scientific reasons for studying star-shaped polymers.
38, 46

  

Star-shaped polymers have been shown to exhibit stronger adsorption to substrates than 

their linear analogs of the same chemical structure and degree of polymerization, which 

has been shown experimentally, in simulations as well as theory.
42

  This is due to the 

decrease in the loss of entropy from adsorbing the arms of these branched molecules to 

surfaces. Because the star-shaped molecules do not have to change their configuration as 

much as a linear polymer chain would upon adsorption. This change in configuration is 

often associated with a penalty as it is entropically unfavorable.  The magnitude of the 
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loss in entropy is associated with the number of arms, or functionality, f and the degree of 

polymerization of the arm, Narm.  The changes in functionality and degree of 

polymerization are depicted schematically in Figure 1.2. As illustrated in Figure 1.2, for 

sufficiently high f and small N the shape of the molecule, and consequently the physical 

properties, become more soft colloidal-like.   

It has been previously demonstrated that the chain architecture can have 

significant influences on the scaling of viscosity and longest relaxation time. The 

viscosity, η, of star-shaped molecules is exponentially dependent on the degree of 

polymerization of an arm Na, 
ea NN

e
/

, where Ne  is the molecular weight between 

entanglements and v ≈ 1 is a constant.
47, 48

  The viscosity is independent of the number of 

arms, f, when f is not extremely large.  Thus changing the number of arms, for reasonable 

values of f, does not significantly influence the viscosity or relaxation time, τ. This 

difference in scaling for the viscosity is dictated by the breakdown of the “tube-model” 

often associated with the diffusion of linear chains. In order for a star-shaped molecule to 

observe center of mass diffusion, it must retract all but 2 of its arms. This is an 

entropically unfavorable situation, and the probability of this occurring scales 

exponentially with the degree of polymerization. 

  In mixtures with linear chains, star-shaped molecules have been demonstrated to 

preferentially segregate toward the interfaces.
37, 39, 43-45

  This is due to the smaller loss in 

entropy near an interface.  They also tend to possess smaller cohesive energy densities, 

leading to a lower surface energy than their linear analogs of identical N.   

The properties of star-shaped molecules show more promise than their linear 

counterparts in applications such as coatings and biomedical devices, where adhesive 

properties are especially important.
36, 49

  Star-shaped molecules also exhibit properties 

ideal for battery and sensor applications, as it is possible to take advantage of the multi-

arm architecture for attachment of molecules/nanoparticles of varying functionalities.
50

  

A deeper understanding of the role of chain architecture on the properties of thin films 

will have a profound impact on various technological applications.   
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1.2.3 Miscible Polymer Blends 

Another means of tailoring the properties of a material, rather than synthesizing a 

whole new polymer, is to simply blend two different polymers with unique properties. By 

blending two different polymers, one can achieve a unique blend of the properties of the 

individual components. However, it is not always energetically favorable for two 

polymers to be homogeneously mixed together. The blending of polymers has been a 

long standing problem that has been well described by the free energy of mixing which 

depends largely on the degree of polymerization of the two components as well the Flory-

Huggins interaction parameter, ΧAB. 

In the case of these A/B polymer/polymer blends in thin films, the free surface 

composition is dominated by the polymer with a lower surface tension.
19, 20

 The surface 

of these polymer blends provides a means to alter the phase diagram as has been seen 

with surface directed spinodal decomposition.
22-26

 However to date, there are a number of 

open questions as to how blend dynamics will differ near an interface relative to the bulk. 

The idea of understanding how the polymer chain dynamics near a free surface 

will differ from that of the bulk has been of particular importance of late. As described in 

section 1.1, the local mobility near a free surface is significantly enhanced from that of 

the bulk. This is often associated with the increased configurational freedom and the 

reduction in entanglement density.  The viscosity of a melt is governed by reptation 

theory in which an entangled polymer chain reptates through the confines of a tube 

formed by entanglements of its nearest neighbors.
51-53

 As a polymer chain reptates 

through the tube, the longest reptation time, rep,, is dictated by the molecular friction, ζ, 

it observes. Therefore near an interface where there is enhanced configurational freedom, 

and the amount of entanglements is reduced, the local friction the chain experiences will 

be reduced reducing the relaxation time and local viscosity. While this has been 

demonstrated to be the case for homopolymer systems, the case of miscible A/B polymer 

blends, the influence of an interface on the polymer dynamics is relatively unknown. 

 

1.2.4 Experimental Techniques 

A number of experimental techniques were used in order to investigate the 

dynamics of polymers with complex architectures and structures. Variable angle 
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spectroscopic ellipsometry (VASE) and differential scanning calorimetry (DSC) were 

used in order to measure the physical aging in terms of the volumetric and enthalpic 

recovery respectively. As using VASE and DSC for determining the physical aging of a 

material are not traditional methods, the basic procedures will be outline in the following 

sections. 

The glassy and rubbery dynamics of bulk polymeric materials was investigated 

using incoherent elastic neutron scattering, using the high flux backscatter spectrometer 

at the national institute of standards and technology (NIST) center for neutron research; 

using beam line NG2. The viscosity of polymer blends and blend nanocomposite 

structures were investigated using x-ray photon correlation spectroscopy. The x-ray 

photon correlation spectroscopy experiments were conducted at the advanced photon 

source at Argonne National Laboratory; using beam line 8-ID-I. 

1.2.4.1 Variable Angle Spectroscopic Ellipsometry 

Variable angle spectroscopic ellipsometry (VASE) is a non-destructive optical 

technique often used in coatings and semiconductor industries in order to obtain the 

optical properties and film thickness of a thin supported film. VASE is an extremely 

versatile technique that has been employed throughout the literature as it is very sensitive 

to subtle changes in surface roughness, density and film thickness. VASE has also been 

demonstrated to be able to measure the influence of various environments such as 

changes in temperature, vacuum, liquids and supercritical fluids. 

The principles of VASE have been discussed in detail elsewhere,
54

 but will be 

briefly outlined here for the purposes of clarity in this document.  Ellipsometry takes 

advantage of polarized light and how the polarization state changes after it is reflected 

from the surface of a material. When linearly polarized light is reflected from a surface it 

becomes elliptically polarized with a shift in the phase, δ, and amplitude, A. VASE 

measures this shift in polarization in terms of Ψ and Δ, known as the elliposmetric angles. 

Ψ and Δ are often expressed in terms of the changes in polarization using the Fresnel 

reflection coefficients, Rs and Rp, for the ratio of the reflected, r, and incident, i, electric 

field vectors in the s and p polarization directions respectively. The relations connection 

these parameters can be seen in the equation below: 
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Therefore one can deduce that Δ is simply the difference in phase shift of the s 

and p polarization directions and tan(Ψ) is the ratio of the amplitude changes. 

Additionally the Fresnel coefficients can be related to the complex refractive index of the 

media and the angle of incidence according to the equations below: 

   
               

               
      (1.5) 

   
               

               
      (1.6) 

As discussed in section 1.1, the main interest of this manuscript is the case of thin 

supported films in which there is more than one interface that reflects the incident light. 

In this case the situation becomes more complex and the Fresnel coefficients can be 

rewritten as follows: 

  ( )  
   
 ( )

    
 ( )

   (    )

     
 ( )

   
 ( )

   (    )
      (1.7) 

where the subscripts 01 and 12 represent the interfaces between materials 0 and 1 

and 1 and 2.  The term β, the phase thickness, is related to the film thickness through the 

refractive index and the wavelength of light through the following relation: 

  
   

 
              (1.8) 

where h is the film thickness. Therefore, when looking at a thin supported film in 

isothermal conditions, the ellipsometric parameters measured by ellipsometry are directly 

related to h and n. The parameters involved are shown schematically in Figure 1.2. 

Because of this, VASE is ideally suited to measure the process of structural relaxation of 

thin films outlined in Section 1.2.1, as one of the consequences of structural relaxations is 

a change in density, which due to conservation of mass and the lateral constraints 

imposed by the substrate, results in a change in film thickness. 
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Figure 1.3  A schematic representation of the reflection and refraction of the incident 

light upon a multilayered planar surface. 

 

1.2.4.2 Differential Scanning Calorimetry 

Differential scanning calorimetry (DSC) is a conventional method that has been 

used for many years in order to measure the glass transition temperature of polymers. But 

in this manuscript, since DSC will be used in order to measure the enthalpy relaxation of 

polymeric materials, the differences in the procedure for determining the enthalpy 

recovery will be noted, and are also well described in the following references.
12, 13, 55-60

 

As DSC traces measure the change in heat capacity at constant pressure (Cp) as a 

function of temperature, and the heat capacity is defined as: 

(
  

  
)
 
 (

  

  
)
 
           (1.9) 

where H is the enthalpy. Therefore the H in a given scan can be estimated by 

integrating Cp with respect to T. After isothermally aging a sample for a given amount of 

time, temperature profile shown in Figure 1.1, the amount of enthalpy recovered with 

change. This can be determined by the difference in enthalpy between an aged scan and 

an unaged scan as governed by: 
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where m is the heating rate, and  ̇     and  ̇       are the heat flows of the aged 

and unaged scans. This is shown graphically in Figure 1.4.  The enthalpy recovered, ΔH, 

can then be monitored as a function of time, and from this one can estimate the aging rate 

of a polymer at a given temperature.  

 

Figure 1.4 A schematic representation of the normalized heat flow traces extracted 

from a DSC experiment. The shaded areas represent the enthalpy 

recovered during aging described by equation 1.10. 

Generally, in order to appropriately compare the aging behavior at various 

temperatures, the ΔH is generally given in reference to the value for ΔH∞.  

      ∫      
    

  
        (1.11) 
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where ΔCp= Cpl- Cpg, the difference between the liquid and glassy heat capacities 

respectively. As the Cp values often have a linear slope with respect to temperature this 

equation is simple to solve for polystyrene, as seen in Figure 1.3. 

 

Figure 1.5  A representative heat capacity trace obtained from modulated DSC, in 

order to obtain the absolute heat capacity necessary to estimate the 

equilibrium value for the enthalpy recovery experiments. 

 

1.2.4.3 Incoherent Neutron Scattering 

Neutron scattering is a useful set of techniques that have widely been used in 

polymer physics due to the time-scales and length-scales achievable amount to 

uncovering information about the structure and dynamics of polymer chains in various 

environments. The use of incoherent neutron scattering to measure the glassy dynamics 

of amorphous polymers is well outlined in the literature.
61-64

 The scattering of neutrons 

can be well described by the double-differential scattering cross section, which is the 

probability that a neutron will be scattered: 

   

    
 

  

     
 [        (   )          (   )]   (1.12) 
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where σ is the scattering cross section, dΩ is an angle element, k is the wave 

vector, N is the number of neutrons, ħ is Plank’s constant, E is the energy, and the 

subscripts i and f are the initial and scattered neutron values. The subscripts coh and inc 

stand for the coherent and incoherent components to the signal. The coherent and 

incoherent cross sections of some of the elements contained within polystyrene are shown 

in Table 1.1. As one can see in the table, the incoherent neutron scattering signal for 

hydrogen is an order of magnitude larger than any other element. Therefore, when 

conducting experiments using incoherent neutron beams the signal will be dominated by 

the oscillatory motions of the hydrogen atoms.  

 

Table 1.1  Incoherent and coherent cross section for neutron scattering for the 

elements found in linear and star-shaped polystyrene. 

Element σinc (barns) σcoh (barns) 

Hydrogen 82 2 

Deuterium 2 5 

Carbon 0 5 

Oxygen 0 4 

 

Incoherent neutron scattering is a technique that has widely been used in the 

recent literature as a means to measure the amplitude of the local atomic motions in 

polymers in both bulk materials as well as in confinement. The use of incoherent neutron 

scattering yields information on length scales on the order of angstroms and time scales 

on the order of pico- to nano- seconds; therefore, neutron scattering is an ideal technique 

in order to measure the dynamics in the glassy state as well as in the melt for polymeric 

materials. The incoherent neutron scattering spectrum can be described by the one-

phonon approximation: 

    (   )   
   

  
         

 ( )  

 
  ( )    (1.13) 

where Q and ω are the momentum transfer vector of the neutron, N is the number 

of neutrons scattered, ħ is plank’s constant, M is the molar mass, n(ω)+1 is the Bose 

population factor, g(ω) is the density of states and W is the Debye-Waller factor. 

Therefore, Sinc(Q,ω) contains information about both the structure and dynamics of the 
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material. However, in order to obtain comparable information within the glassy state 

larger than the noise of the equipment only the elastically scattered neutrons yield 

information about the sample, Sinc(Q,ω = 0) ≈ Ielastic. In the limit of elastically scattered 

neutrons, Sinc(Q,ω = 0) is reduced to the Debye-Waller factor: 

    (   ) 

    (   )   
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   〈  〉]    (1.14) 

In this case, due to the conservation of scattered neutrons, a decrease in the elastic 

scattering intensity is a result of an increase in inelastically scattered neutrons, which 

yields information about the dynamics. Inherent within the Debye-Waller approximation, 

the atomic motions are assumed to be harmonic, which is a crude approximation for 

polymeric materials in which the motions are predominantly anharmonic. However, it has 

been well reported that although the absolute values for the ‹μ
2
› are overestimated, the 

Debye-Waller approximation has been useful in characterizing the dynamics of polymers 

as well as biological molecules. 

 

1.2.4.4 X-ray Photon Correlation Spectroscopy 

A number of different experimental techniques have been employed in order to 

determine the melt dynamics, i.e. viscosity, of thin polymer films. One technique that is 

emerging in order to measure the viscosity through the damping of thermally induced 

surface capillary waves is x-ray photon correlation spectroscopy (XPCS).
65, 66

 XPCS, is 

surface sensitive grazing incidence x-ray scattering technique that makes use of the off-

specular diffuse scattering of x-rays. By limiting the incident angle of the x-ray beam, the 

penetration depth of the x-rays can be limited to less than 9 nm. The benefit of using 

XPCS, is that the beam is collimated through an aperture to limit the size of the beam to 

be comparable to the coherence length of the incident x-ray beam. This gives rise to a 

partially coherent x-ray beam. When a partially coherent x-ray beam is reflected from the 

surface of a disordered material, the temporal evolution of the resultant “speckled” 

scattering signal gives information about the dynamics of the thermal fluctuations. An 

example of the “speckled” scattering from a polymer surface is given in Figure 1.6. 
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Figure 1.6 An example of a speckle pattern captured from a full frame CCD camera 

after reflection of the X-ray beam from the polymer film surface. 

By monitoring the temporal evolution of the speckle scattering intensity, a time-

scale dictated by the surface fluctuations can be determined using an intensity-intensity 

autocorrelation function: 

  (   )   
〈 (   ) (      )〉

〈 (   )〉 
       (1.15) 

where I is the intensity at a given, Q and time t, and Δt is the time delay between 

frames being compared. A typical autocorrelation function is shown in Figure 1.7, which 

follows a simple exponential decay. 
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Figure 1.7 A schematic of the intensity-intensity autocorrelation function from 

XPCS, schematically showing the fitting parameters used to fit a simple 

exponential decay. 

The decay rate can be characterized by a time scale, τ, which depends on the 

scattering vector, Q. According to hydrodynamic theory,
67

 the characteristic relaxation 

time is a function of the viscosity of the film, η, the film thickness, h, and surface tension, 

γ: 

    
    (     (   )      )

  (     (  )      (  )   ) 
      (1.16) 

This equation has been successfully applied to hompolymer films, from which the 

viscosity was extracted.
66

 A schematic of the experimental setup is shown in Figure 1.8. 
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Figure 1.8 Schematic representation of the XPCS experiment, in which an 

autocorrelation function is generated in order to find the correlation 

between the speckle patterns obtained at different times. 
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CHAPTER 2 

THE PHYSICAL AGING OF STAR-SHAPED 

MACROMOLECULES 

 

Reprinted with permission from: 

Frieberg, B.; Glynos, E.; Sakellariou, G.; Green, P.F.; ACS Macro. Lett. 2012, 1, 

636-640. Copyright 2012 The American Chemical Society.  

2.1 INTRODUCTION 

Structural relaxations, physical aging, below the glass transition temperature, Tg, 

are known to be responsible for time-dependent changes of physical properties, including 

the specific volume, thermal conductivity, gas permeability and optical properties, in 

materials.
1-5

  Physical aging ensues after a liquid is rapidly cooled to a temperature, Tage, 

below its Tg.  While below Tg, the material resides in a non-ergodic state and possesses 

excess configurational entropy, excess free volume; while in the non-equilibrium state, 

the material attempts to reach equilibrium via a structural relaxation mechanism.
1-5

 

The driving force for aging is determined by Tage - Tg = Tage and the rate at which 

a thermodynamic property, such as the specific volume or enthalpy, would approach 

equilibrium is known to exhibit a sigmoidal dependence on aging time, tage.
5
  Specifically 

an initial, nearly time-independent plateau regime, is followed by an intermediate regime 

where a thermodynamic parameter decreases with time, in a manner proportional to 

log(tage).
5-7

 The third and final regime, terminal response, follows.  The physical aging is 

believed to be accommodated by local chain segmental relaxations, also referred to as 

structural relaxation.
8
  The aging rate is known to depend on the structure of the polymer 

chain, including the stiffness of the backbone, the side-groups and the cohesive energy 

densities.
9-12

  Phenomenological theories based on time-dependent changes in free 
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volume,
13

 or configurational entropy,
2
 or molecular theories that describe changes in the 

magnitude of density fluctuations,
7, 14

 have successfully described this phenomenon.  

With regard to a possible mechanism responsible for aging, one might consider 

that after a sample is rapidly quenched below its Tg, there exists a distribution of free 

volume, regions of high and low fractional free volume, throughout the sample.
3, 11

  

During the aging process, at Tage, it is believed that free volume migrates via a vacancy 

diffusion mechanism.
13, 15-18

 Different mechanisms associated with the internal 

annihilation of vacancies, 
2, 7, 13, 19, 20

 and the escape of free volume from the external 

interfaces,
9, 21

   have been proposed. The latter mechanism, may be important for films in 

the micron-thickness, which are shown to age faster than their bulk analogs.
3, 10, 13, 18, 22

   

Models that account for a contraction of the “lattice,” have also been proposed to 

describe time dependent changes in free volume associated with aging in the bulk.
23, 24

  

To date there still exists disagreement regarding the precise mechanisms that account 

aging in bulk polymers.   

While phenomenon in bulk polymer systems has received signifcant attention in 

recent decades, considerably less is understood about thin films.
4, 9-11, 25, 26

  The aging of 

ultra-thin films, with thicknesses ~100 nm and thinner, is shown to be slow compared to 

the bulk.
14, 18-20

  The slow aging may be reconciled by accounting for a driving force 

determined by differences between Tage and the local values of Tg within the film, near 

the interfaces and the interior.  In polymer nanocomposites, due largely to specific 

polymer-particle interfacial interactions, the aging rates are appreciably different from the 

neat homopolymers.
6, 27-30

  

In this paper we show that the aging rates of star-shaped macromolecules, with 

functionalites, f, where 3< f ~16, can be appreciably slower than their linear analogs.  Tha 

aging of films in the thickness range 0.4 microns< H < 2 microns were studied using 

variable angle spectroscopic ellipsometry.  The aging rates decreased with decreasing 

Mn
arm

 and increasing f, for f >3. Because in this system the chemical structure of the 

molecules of interest is unchanged, only the topology is altered, it provides an ideal 

system to provide further understanding to the phenomenon of physical aging of 

polymeric materials. 
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2.2 EXPERIMENTAL SECTION 

A series of star-shaped molecules, with the number of arms ranging from 3 to 16 

were examined in this study. Linear PS, 4 and 8 arm star PS were purchased from 

Polymer Source Inc., whereas the 16 arm stars were synthesized by means of anionic 

polymerization using high vacuum techniques.
31, 32, 33

 The materials used in this study are 

described in Appendix A.   

One micron thick films of these polymers were prepared from filtered toluene 

solutions that were spin coated onto silicon wafers (Wafer World Inc.), possessing native 

oxide layers of 1.5 nm.  The samples were subsequently annealed in vacuum for at least 

24 hours at ~30°C above the Tg of bulk linear PS (LPS) to remove residual solvent.  

Spectroscopic ellipsometry was then used to measure the time dependent thickness 

changes exhibited by the samples after quenching below Tg to an aging temperature, Tage. 

The glass transition temperatures of the films were first determined by monitoring 

the thickness of each film as it was cooled from a temperature, T, of approximately 

150°C, at 1°C/min, using a variable angle spectrometric ellipsometer (M-2000, J.A. 

Woollam Co.) equipped with an Instec heating stage. The measurements performed at a 

fixed angle of 70°. The thickness, H(T), and refractive index, n(T), were determined by 

fitting the acquired ellipsometric angles Δ and Ψ to a Cauchy/SiOx/Si model over the 

entire measured spectral range (wavelength range 400 - 1700 nm).  During the 

experiments, the heating stage was purged using purified nitrogen gas, in order to 

maintain an inert atmosphere and prevent oxidation, as well as a liquid nitrogen pump to 

maintain the temperature and cooling rates.  The Tg’s were identified as the intersection 

of extrapolated linear fits through the glassy and rubbery regions of the data, H vs. T.
34

 

After these measurements were completed, each film was heated to a temperature 

of ~40°C above the Tg where it was annealed for 30 min.; this removed the thermal 

history.
21

  All samples were subsequently quenched to room temperature at a rate of 

~85°C/min.; this quenching rate was consistent and reproducible.  It is also noteworthy 

that due to the constant quenching rate (and depth) and the thermal expansion coefficient 

is approximately the same for all the materials, the internal stresses due to the thermal 

quench should be consistent in all samples.
35

  The temperature was then rapidly increased 

to the desired aging temperature, Tage, where the sample thickness was measured.  Each 
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data point was determined by averaging throughout an acquisition duration of 30 

seconds; measurements were performed every 60 seconds.  Each aging rate reported is an 

average of 3-5 aging tests of a particular sample; our results are entirely reproducible. 

Further details of the aging experiment and its reproducibility are discussed in Appendix 

B. 

2.3 RESULTS AND DISCUSSION 

The aging rate, , of a bulk polymer may be determined by measuring of the time-

dependence of the specific volume, V(tage), by using the relation:  

           (       )⁄       (2.1) 

where  is the specific volume at equilibrium, and tage is the aging time.
4
  

Generally, the time-dependence of V(t) is sigmoidal on a semi-log scale: an initial plateau 

region, which may range from seconds to minutes depending on Tage, or more 

appropriately dependent on ΔTage= Tage-Tg, followed by a region where V(t)  log(tage).
6, 

11
  The time scale associated with this second regime may vary from hours to years, 

depending on the system and on the magnitude of ΔTage.  The final equilibrium region 

subsequently follows this so-called power-law regime.
5, 6, 9, 26

  Other appropriate 

strategies for measuring aging in polymers includes time-dependent measurements of 

changes in the enthalpy,
1, 11, 25

 and positron annihilation lifetime spectroscopy (PALS).
17, 

36
 

With regard to films, of particular interest in this study, the analogous equation 

for the aging rate is:  

           (       )⁄      (2.2) 

where  is the (theoretical) equilibrium film thickness.
21

  In this case  was 

determined by linearly extrapolating the equilibrium expansion (rubbery) through the 

thickness at the annealing temperature to the aging temperature.
21

  We are specifically 

interested in aging behavior in the intermediate regime, where H(t)  log(tage).  An 

important precaution for aging studies is to ensure that the time-scale over which 

measurements of the intermediate time behavior are performed is not influenced by the 

initial nor terminal behavior.
6, 9, 11, 26

  With regard to the initial plateau regime, it has been 

V

H H



26 

 

shown that the aging time may treated as tage = t – t0, where t0 is the duration of the initial 

plateau regime.
9, 11, 26

 The initial plateau region occurs on the time-scale of seconds to 

minutes; the breadth of the plateau region increases with decreasing temperature.
9
  It is 

most prominent at temperatures sufficiently far below Tg.  Specifically, in the case of PS 

such a temperature range would be close to room temperature.  We note that the trends in 

all our data, throughout our study, remain the same had we chosen tage = t (i.e.: t0=0), 

because t0 was very short; this is not uncommon in aging studies.
9, 11, 26

 

In our study the thicknesses, H(tage), of all films that underwent aging decreased 

linearly with log(tage).  The data in Figure 2.1, showing a linear dependence of H(tage) on 

log(tage), are typical of all our samples.  Further precautions were taken to ensure that 

measurements were performed over a sufficiently long period of time such that the slope 

was truly representative of the actual aging rate.
7, 9, 14
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Figure 2.1 The time dependent thickness, at ΔTA = -35
o
C, is shown here for a 

H(T=24
o
C) = 1.1 μm films. (A) For 3 different molecular weights: 13 

kg/mol. (open squares), 28 kg/mol. (open triangles), and 52 kg/mol. (open 

circles), each of 16 arm star PS. (B) For 3 different functionalities: 16 arm 

(open squares), 8 arm (open triangles), and linear (open circles), each of 

molecular weight ~12 kg/mol. 

It is evident from the data in Figure 2.1 that the aging rate, , of 16-arm molecules 

decreases as the arm length, Mn
arm

, decreases.  Moreover,  decreases as the functionality, 

f, of the molecule increases.  This dependence of  on f is shown more extensively in 

Figure 2.2, where  decreases with increasing f, for experiments conducted at Tage=-5C 

and -50C.  A dependence of the aging rate on Tage is expected.  The aging rate is well 
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known to exhibit a maximum as Tage-Tg increases, due to two competing effects: the 

driving force for aging increases as the magnitude of Tage increases, yet the thermally 

activated relaxations decrease with decreasing kBT (where kB is the Boltzmann constant).   

In our specific case, we know from our experimental data that the maximum occurs at 

Tage=-35C. 

 

Figure 2.2 (A) A comparison of the aging rates of Star PS with approximately 10 

kg/mol. arms, at ΔTA= -35°C (filled squares) and ΔTA= -50°C (open 

squares). (B) The aging rates with varying molecular weight of the arm for 

8 arm star PS (filled circles) and 16 arm star PS (open circles) aged at 

ΔTA= -50°C. 
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The physical aging rate of linear chains is independent of the molecular weight, 

and is faster than their star-shaped counterparts, as shown in Figure 2.2.  The negligible 

influence of Mn on the aging rate of linear chains is consistent with the notion that the 

structural relaxations of polymer molecules responsible for aging involve a small, finite, 

number of monomer units.
4, 37-39

   The data in Figure 2.2 also reveals that as the Mn
arm

 of 

the star-shaped molecules increases, the aging rate becomes independent of arm length 

for large Mn
arm

 and equal to that of linear chains.  This data represents the first indication 

that molecular topology would influence the average physical aging of polymers. 

With the foregoing, the role of macromolecular architecture on physical aging is 

now established.  The differences between the physical aging rates could possibly be 

associated with differences between the amount of free volume, the free volume 

distribution, and the rates at which segmental relaxations accommodate structural 

changes throughout the systems.  The glass transition temperature provides indirect 

insight into the free volume in the material.  With regard to linear chains, the Tg decreases 

with decreasing Mn; the dependence is associated with a chain-end effect, where the 

fractional free volume (or configurational entropy) of short linear chains is larger than 

that of longer chains.  The Tg is proportional 1/Mn, following the well-known Fox-Flory 

relation while the aging rate, as mentioned earlier is independent of Mn.
40

  The effect of 

architecture on Tg becomes apparent from the data in Figure 2.3, where Tg is plotted as a 

function of the number of chain ends (or number of arms per molecule) normalized by 

Mn.
41

  As the number of arms/molecule, f, increases the dependence of Tg on Mn becomes 

appreciably stronger.  A similar effect of f was observed by Qian et. al. with regard to 4 

and 11 arm star polymers.
41

  Star-shaped molecules, with sufficiently high f and low 

Mn
arm

, show an increased frustration of packing in the bulk, which may be associated with 

the unusually strong dependence of average glass transition temperature on Mn. 
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Figure 2.3 The bulk glass transition temperature as a function of chain ends per 

molecular weight for linear PS (filled squares), 8 arm star PS (filled 

circles) and 16 arm star PS (filled diamonds). For this case linear PS was 

assumed to be a 2 arm star and Mn is the total molecular weight of the 

molecule. 

The slow aging behavior of star-shaped molecules may also be associated with 

differences in the “structure” at the free interfaces of the star and linear macromolecular 

systems.  In the bulk, the aging rate is determined primarily by the diffusion and 

annihilation of free volume internally, accommodated by local chain segmental 

relaxations, or lattice contractions.  It was previously demonstrated that the glass 

transition temperature at the free surface of SPS-8-10K and SPS-16-13K is higher than 

the interior of the film; in fact this effect extends tens of nanometers.
34, 42

  More relevant 

to our study, the fractional free volume at the free surface is smaller than the interior due 

to the increased local Tg.  In contrast, linear chain systems, in particular linear PS, possess 

lower free surface Tg’s, Tg
surf

, than the bulk, and an associated higher fractional free 

volume at the free surface than the interior of the film.  We speculate that the smaller 

fractional free volume at the free surface of the star-shaped molecules restricts the rate at 
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which the free volume escapes from the free surface, compared to the case of linear chain 

systems.  Hence, star-shaped molecules exhibit a lower average aging rate when the Tg
surf

 

is larger than the bulk.
34

 

We now speculate that the slow physical aging of star-shaped polymers may also 

be due in part to the following.  Simulations reveal that the gradient in monomer density, 

from the vicinity of the core of the star-shaped molecule to the chain ends, increases and 

the effect increases as f increases.
43, 44

 The local monomer packing would influence the 

stretching of the polymer chains close to the core of the molecule, thus increasing the 

local rigidity of the polymer chain.  Hence the entropic penalty for relaxations would 

increase as Mn
arm

 decreases or as f increases, compared to linear chains.  It also well 

known that the physical aging rate is a function of the rigidity of the polymer chain.
12

  It 

follows that the rate of relaxations associated with free volume diffusion might also be 

slower for star-shaped polymers. It is also noteworthy that the core of the molecule also 

increases in size with increasing f.  Although it is currently unclear as to how the size of 

the core may influence the physical aging rate, simulations and theory may play a key 

role in unraveling this effect. 

2.4 CONCLUSIONS  

In the film thickness regime between H=0.4 m and 2 m, the aging of linear 

chain polymers is rapid compared to the bulk and to ultra-thin films.  With regard to stars, 

the aging rate is a function of Mn and f, particularly for larger f and smaller Mn.  The 

entropic penalties associated with the relaxations of segments close to the core of a star-

shaped molecule increases beyond that of linear chains; this may be responsible for 

slower relaxations responsible for a slower aging rate.  The implications of these results 

are that changing the architecture of the molecule, and its chain length, without changing 

the chemical side-groups or backbone stiffness, can significantly impact aging, and hence 

the applications of polymers.  The results suggest ways to develop new materials for 

membranes and other technologies that require thin polymer films by tuning the physical 

properties at the molecular level. 
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CHAPTER 3 

PHYSICAL AGING OF STAR-SHAPED 

MOLECULES: FROM LINEAR-LIKE BEHAVIOR 

TO SOFT COLLOIDS 

 

3.1 INTRODUCTION 

When an amorphous material is quenched below its glass transition temperature 

(Tg), it resides in a non-equilibrium state with excess specific volume, enthalpy and 

entropy compared to its equilibrium condition. Over time the resultant glass will undergo 

a series of structural relaxations
1-4

 in order to return to equilibrium, a process that has 

been termed physical aging.
5-7

 Structural relaxation leads to a time-dependence of many 

physical properties that will influence performance, such as: increased brittleness, 

enhanced modulus and reduced permeability. Thusly, there is a strong technological and 

scientific importance to understanding the underlying phenomenon behind this process. 

The phenomenon of glassy structural relaxations has been a central problem in 

polymer physics for more than the last 50 years.
3-8

 When a material is aged isothermally 

below its Tg, the ensuing time-dependent recovery of such thermodynamic properties is 

sigmoidal with respect to the logarithm of aging time, tage.
8
 The sigmoidal behavior can 

be thought of as three different regimes: the initial plateau, power law and equilibrium 

plateau regimes. It is from the intermediate power law regime in which the rate at which 

the material undergoes structural relaxations, physical aging rate, is calculated. It is well 

accepted that there is a non-monotonic dependence of the aging rate on the aging 

temperature, Tage, relative to its Tg. This difference is termed ΔTA, and is depicted in 

Figure 1.1 of the introduction.  
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This non-monotonic behavior of the aging rate as a function of ΔTA is the result of 

two competing mechanisms; the increased driving force for aging with increasing |ΔTA|, 

that can be defined as the distance of the material from equilibrium, and the decreasing 

thermal energy for the material to relax as the |ΔTA| increases. At temperatures close to 

Tg, i.e. for small |ΔTA|, the aging rate will initially increase with increasing |ΔTA| while at 

high enough |ΔTA| the progressively slower structural relaxations of the material will 

dominate and the aging rate will decrease with further increase of |ΔTA|. 

As the relaxation to equilibrium can take anywhere from hours to years,
8
 a 

number of techniques have been employed in order to simulate and extrapolate the long 

term changes in physical properties, such as: stress relaxation experiments, volume,
9
 

dielectric strength
10

 and enthalpy recovery
11

 as well as fluorescence measurements.
4
 

Many different phenomenological models have been successfully employed to explain 

this complex process, such as time dependent changes in free volume from diffusion to 

interfaces and internal annihilation of vacancies,
10, 12-16

 or even molecular theories 

incorporating configurationally entropy to describe changes in the magnitude of density 

fluctuations.
17, 18

 While each model is successful in describing a specific set of data, there 

are numerous experiments that are seemingly contradictory at first glance. For example, 

while some studies demonstrate that enthalpy and volume recovery rates are different,
8, 19

 

others demonstrate there is no difference.
20

 To this end, there are still many open 

questions as the physical phenomenon responsible for structural relaxation. 

Many researchers have shown the aging behavior of a material strongly depends 

on its chemical structure.
9
 This has been postulated to be due to the effect of chain 

chemical composition on its fractional free volume
21, 22

 and its stiffness of the polymer 

chains for polymers such as polyimides and cellulose.
23

 It can also be strongly dependent 

on β and γ relaxations such as in PMMA.
9
  Recently we showed that changes in the 

macromolecular architecture can have a strong influence on the aging behavior.
24

 In 

particular we demonstrated that the aging rates of star-shaped polymers are significantly 

slower than linear polymer of the same chemical composition. For linear PS molecules, it 

was found that there is no influence of the molecular weight on the physical aging rate. 

The aging rate of star-shaped polymers was shown to have a strong dependence on both 
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the degree of polymerization of the arm, Narm, and/or the functionality, f, of the molecule; 

the aging rate decreased with both increasing f and/or decreasing Narm.   

In this chapter we address the more general question regarding the aging behavior 

of star-shaped polymers. We investigate if there is there a limit on the effect of 

functionality and the molecular weight as stars begin to exhibit a more colloid-like 

character. To address this, in this study we synthesized a wide range of star-shaped 

molecules with functionalities of up to 64 arms and Narm ranging from about 80 to 1400. 

We show that the structural relaxation of the star-shaped molecules exhibit a limit to the 

reduction in aging rate as the functionality is further increased to 32 and 64 arms. We 

further show that the critical functionality in which the aging rate approaches a plateau 

inherently depends on Narm. Additionally, when Narm is sufficiently long and/or the f 

sufficiently small, the aging rate is equivalent to that of the linear polymer chain. 

Furthermore, we demonstrate that the influence of chain architecture depends strongly on 

the degree of undercooling, ΔTA. At small |ΔTA|, the aging behavior is independent of 

chain architecture, while at large |ΔTA| the differences with chain architecture are largest.  

The influence of chain architecture on the physical aging behavior of star-shaped 

molecules is discussed in terms of the competition between the departure from 

equilibrium and the glassy dynamics. 

3.2 EXPERIMENTAL SECTION 

3.2.1 Materials 

The list of the polymers used in this study is displayed in Table 3.1. We 

synthesized the high functionality star-shaped PS (with f ≥ 8) by means of anionic 

polymerization using high vacuum techniques.
25, 26

  Excess of the living 

poly(styrenyl)lithium were reacted with the appropriate chlorosilane linking agent.
27

  

Sufficient time for the coupling reaction has to be allowed, and the excess arm material 

was removed by fractionation. The linear polystyrene (PS) molecules as well as some of 

the 8-arm star-shaped PS molecules (indicated in the table with a *) were purchased from 

Pressure Chemical and Polymer Source respectively. 
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Table 3.1 A list of the polymers used in this chapter. 

Polymer 
Functionality 

(f)
a
 

Mn
arm

 

(kg/mol)
c
 

Narm 
PDI

d
 

PS-4arm-4K (SPS-4-4K)* 4 4 38 1.03 

PS-3arm-19K (SPS-3-19K)* 3 19 183 1.03 

PS-8arm-10K (SPS-8-10K)* 8 10 96 1.03 

PS-8arm-25K (SPS-8-25K)* 8 25 240 1.03 

PS-8arm-35K (SPS-8-35K)* 8 35 337 1.02 

PS-8arm-42K (SPS-8-42K)* 8 42 404 1.03 

PS-8arm-47K (SPS-8-47K)* 8 47 452 1.03 

PS-16arm-13K (SPS-16-13K) 16 13 125 1.02 

PS-16arm-28K (SPS-16-28K) 16 28 269 1.02 

PS-16arm-57K (SPS-16-57K) 16 57 548 1.01 

PS-32arm-9K (SPS-32-9K) 32 9 87 1.03 

PS-32arm-36K (SPS-32-36K) 32 36 346 1.03 

PS-32arm-52K (SPS-32-52K) 32 52 500 1.01 

PS-32arm-80K (SPS-32-80K) 32 80 769 1.01 

PS-32arm-140K (SPS-32-140K) 32 140 
1346 

1.01 

PS-64arm-9K (SPS-64-9K) 64 9 87 1.02 

PS-64arm-36K (SPS-64-36K) 64 36 346 1.01 

PS-64arm-52K (SPS-64-52K) 64 52 500 1.01 

PS-64arm-80K (SPS-64-80K) 64 80 769 1.01 

PS-64arm-140K (SPS-64-140K) 64 140 1346 1.01 

a
Functionality, f ,determined by the ratio (Mw)star/(Mn)arm. 

b
From Low Angle Laser 

Light Scattering in THF at 25 ºC. 
c
From membrane osmometry in toluene at   35 ºC. 

d
From SEC in THF at 40 ºC calibrated with linear PS standards.*Purchased from 

Polymer Source Inc. 
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3.2.2 Sample preparation 

Supported films, a micron in thickness, were spin-coated from a toluene solution 

of onto pre-cleaned silicon wafers (Wafer World Inc.) with a native oxide layer of 1.5 

nm. The silicon wafers were cleaned by rinsing with ethanol and acetone followed by 

UV-ozone treatment for 3 minutes. The wafers were finally rinsed with toluene 

immediately prior to spin-coating. The samples were annealed 50K above their Tg for 48 

hours. The polymer film thickness was measured using spectroscopic ellipsometry, SE 

(M-2000, J.A. Woollam Co.). 

3.2.3 Glass Transition 

The glass transition temperature, Tg,  and thermal expansion coefficient of the 

supported films was measured by monitoring the change in film thickness upon cooling 

from 423K down to room temperature at a rate of 1K/min. using SE equipped with an 

Instec heating stage. The measurements were performed at a fixed angle of 70
o
 using a 

nitrogen purge gas; and liquid nitrogen was used in order to maintain the temperature and 

cooling rate. The thickness, h(T), and refractive index, n(T), were determined by fitting 

the ellipsometric angles Δ and Ψ to a Cauchy/SiO2/Si model over the wavelengths of 

400-1700 nm. The glass transition temperature was determined by the intersection of 

extrapolated linear fits through the glassy and rubbery regions of the data.  

3.2.4 Volume Recovery 

The volume recovery experiments were conducted on 1 micron thick films using 

SE. The samples were heated to a temperature of 50K above their thermal Tg where it 

was annealed for 30 min. to remove any thermal history. It was then quenched at a rate of 

85 K/min. to room temperature and then ramped back to the aging temperature, Tage, 

where the sample thickness, h, was monitored as a function of time. An acquisition time 

of 30 seconds was used to measure the thickness every 60 seconds. The experimental 

time of 360 minutes was used in this study, which has been reported to be sufficient to 

determine the average aging rate of the material within the experimental error.
28

 The 

experiment was repeated a total of 3-5 times for each aging temperature in order to 

ensure that that the results were reproducible. The aging rate is then reported as the 

average of all of the aging tests.  



39 

 

3.2.5 Enthalpy Recovery 

A TA Instruments Q200 differential scanning calorimeter (DSC) with a liquid 

nitrogen cooling system was used to perform the enthalpy recovery experiments. The 

experiments were conducted on approximately 5 mg of material, and a similar thermal 

procedure was used to mimic the ellipsometric (volume recovery) experiments. The 

samples were annealed at 40K above the calorimetric Tg for 30 minutes in order to 

remove any thermal history. The samples were then quenched at 50 K/min. to room 

temperature, and subsequently heated rapidly to the Tage. The sample was then kept at the 

aging temperature for a given amount of time, ranging from 1 minute to 12 hours, after 

which it is quenched to room temperature and then heated to above the Tg at 10K/min. It 

is on the last heating cycle that the heat flow is monitored and is always followed by a 

measurement without aging the sample in order to account for baseline drift. The 

enthalpy recovery can then be determined from the difference in area between the aged 

and unaged scans using a procedure widely used in the literature: 

    
 

 
 ∫ ( ̇      ̇      )  
  
  

     (3.1) 

where m is the heating rate (10 K/min.) and Qaged and Qunaged are the normalized 

DSC heat flows, in W/g, of the aged and unaged heating scans respectively. The absolute 

heat capacity of the polymers were measured using temperature modulated DSC, where 

the temperature was modulated with an amplitude of 0.5K and period of 40 seconds. The 

heat flow and heat capacity of the DSC were calibrated using indium and sapphire 

respectively. 

3.3 RESULTS AND DISCUSSION 

As it was mentioned in the introduction, as a polymeric material is quenched at a 

sufficiently rapid rate, the material will fall out of equilibrium and reside in a non-

equilibrium state when the experimental time scale (cooling rate) is on the order of the 

relaxation time of the material. The material possesses an excess of thermodynamic 

properties such as enthalpy or specific volume, shown schematically in Figure 1.1.  

In Figure 3.1 we plot the changes in thickness with aging time, for various star-

shaped polystyrene (PS) molecules with the same Narm ~ 100 and f =2 (linear), 16 and 64, 

as measured with ellipsometry.  In this case, due to the isotropic nature of PS, and the 
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constraint of the film to the substrate, h is proportional to the volume. The volumetric 

aging rate is defined as: 

      (3.2) 

where h∞ is the specific volume at equilibrium and tage is the aging time.
29

  The 

data shown in Figure 3.1 demonstrates that the rate of change in film thickness at a 

constant temperature relative to Tg of the material is strongly dependent on the number of 

arms (functionality, f) of the star-shaped polymer; the aging rate decreases as f increases. 

It is important to point out that the aforementioned differences are purely an effect of the 

polymer architecture and not of the differences in the total degree of polymerization of 

the star-shaped polymer = f Narm; linear PS have the same aging behavior independently 

of the degree of polymerization at a constant temperature relative to the Tg.
24
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Figure 3.1 Aging experiments conducted at ΔTA = -25K with molecules of a constant 

Narm = 100. (A) The change in film thickness, normalized by the film 

thickness at 10 minutes, as a function of the aging time. The solid lines are 

guides to the eye that represent fittings to obtain the aging rate. (B) The 

enthalpy recovery as a function of the aging time. (inset) Normalized heat 

capacity measured as a function of temperature for various aging times 

ranging from 0 to 6 hours, for Linear PS N = 100, ΔTA = -25K. 

The structural relaxation rate of the star-shaped polymers, in terms of enthalpy 

recovery experiments, was also conducted using DSC. By measuring the enthalpy 

overshoot as a function of aging time, the amount of enthalpy recovery (that  is a measure 

of the structural relaxation of a glassy material)
7
 can be extracted and is shown in Figure 

3.1. Typically enthalpy recovery tests utilize the Tool- Narayanaswamy-Moynihan 

(TNM) model in order to extract information about aging behavior,
30-32

 but in order to 
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make a direct comparison with the volumetric aging studies we employ the following 

equation: 

        
 

  

  

      (    )
       (3.3) 

where H0 is the initial enthalpy recovery at 30 min. after the quench. A similar 

analysis has been previously applied in the case of PS thin films
33, 34

 as well as PS 

nanoparticles.
35, 36

  As shown in Figure 3.1, the aging rate of star-shaped polymers, as 

measured from the enthalpy recovery measurements, decreases with increasing f, 

consistent with the data obtained by measuring the volume recovery (Figure 3.1).    It is 

not surprising that the aging rate trends are qualitatively the same for both enthalpic and 

volumetric recovery measurements since it has previously been reported these two 

measurements exhibit similar trends with temperature for linear PS.
20
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Figure 3.2 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature. (B) The aging rate, normalized by the aging 

rate of linear PS as a function of the number of arms, functionality at 

various temperatures. The closed symbols are determined from 

ellipsometry and the open symbols are calculated from DSC. 

Figure 3.2 demonstrates the temperature dependence of the volumetric aging rate, 

calculated from equation 3.2, for star-shaped molecules with Narm = 100 and different 

functionalities. The aging rate is plotted as the degree of undercooling, ΔTA, which 

dictates the driving force for aging to be comparable, which will be discussed in more 

detail later in the chapter. For all the polymers a non-monotic ΔTA-dependence on the 

aging rates is observed. This non-monotonic behavior has been previously reported,
9
 and 

has been explained in terms of two competing effects; an increasing driving force for 

aging as |ΔTA| increases and a decreasing segmental mobility as |ΔTA| increases. As the 
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temperature is initially decreased, the increasing driving force for aging enhances the 

average rate that the system will age. Nevertheless when the temperature is further 

decreased, the progressively slower segmental mobility dominates and the average aging 

rate begins to decrease, resulting in a maximum in the aging rate.  

 A direct comparison between enthalpic and volumetric recovery experiments can 

be made by normalizing the aging rates for the different samples by the corresponding 

aging rate of linear PS. Figure 3.2 plots the normalized aging rates as a function of 

functionality for different ΔTA’s. At temperatures close to the Tg (small |ΔTA|), the aging 

rate is independent of chain architecture while at temperature well below Tg (larger |ΔTA|) 

the aging rates exhibits a strong functionality dependence.  

The departure from equilibrium (which is the driving force for aging) at a given 

ΔTA can be estimated from the thermal expansion coefficients. This is based on the 

assumption that the equilibrium volume is simply the extrapolation of the rubbery 

thermal expansion into the glassy state,
5, 8, 9, 29

 and the departure of equilibrium, δ,  can be 

estimated as δ =h0/(h0-h∞).  δ (and hence he driving force for aging) are independent of 

chain architecture. It’s important to point out that the thermal expansion coefficient, as 

measured by ellipsometry, in both the rubbery and glassy regimes is independent of chain 

architecture, consistent with previous work.
37

 The fact that the thermal expansion 

coefficient is independent of f can explain that at small ΔTA the aging rate is independent 

of chain architecture; at small |ΔTA| the driving force for aging dominates the average 

aging rate. 

Having demonstrated that a low |ΔTA| the aging rates between different linear and 

star-shaped polymers are similar due to same driving force for aging, we now turn our 

attention to large |ΔTA|, where there is a significant effect of architecture on the aging 

rate.  As we have already discussed, for larger |ΔTA| the aging behavior is governed by 

the glassy segmental relaxations of the material. Recall that the competition between 

increasing driving force for aging and decreasing glassy dynamics with increasing |ΔTA| 

results in a maximum on the aging rate-|ΔTA| behavior.  Figure 3.2 show that the aging 

rate decreases with increasing functionality for ΔTA < -20 
o
C. The depression in the aging 

rate with f increases with decreasing ΔTA; for ΔTA = - 50 
o
C star-shaped polymers with f 

≥ 32 appear to have an aging rate that is about 50% slower than that of the linear 



45 

 

polymers. Our data indicate that the structural dynamics of star-shaped polymers are 

significantly different from their linear counterparts and become slower with increasing f. 

This effect of architecture on the polymer’s structural dynamics can be understood in 

terms of the effect of the star-shaped polymer architecture on the conformation properties 

and the monomer density in these systems.  In the case of star-shaped molecules, there is 

a gradient in monomer density from the core of the molecule to the outer end of the 

chains. As the functionality is increased, for a constant Narm, the “crowding” effect of 

monomers near the core of the molecule is increased.  The chains can no longer follow 

the conformations of an “ideal chain”, they stretch in order to accommodate the excess 

chains. The stretched conformation of the arms and the resultant increase in the monomer 

density leads to a restriction of the motions with the polymer chains. Therefore, at low 

aging temperatures where the segmental motions dominate the average physical aging 

rate there is a much stronger influence of chain architecture. This behavior is seen 

consistently in both enthalpy recovery and volumetric aging experiments. 

While the aging rate is indicative of how fast the material will recover to 

equilibrium, it does not describe the entire structural relaxation process. In order to fully 

understand the influence of chain architecture on the structural recovery behavior, one 

must also account for the amount of time for the material to equilibrate. It has been 

demostrated that the aging behavior can be described in terms of a stretched exponential 

with time which assumes a distribution in polymer dynamics, i.e. the KAHR based 

model.
33, 35, 36, 38

 From the KAHR model, one can measure a relaxation time, defined as 

the time that the material needs to reach  equilibrium,
38, 39

 at a given temperature below 

Tg. 
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Figure 3.3 The time dependence of (A) enthalpy recovery and (B) volume recovery 

of linear PS-25 kg/mol. aged at 10K below the Tg. The solid lines 

represent fittings to a stretched exponential and the dashed lines represent 

the linear extrapolation to equilibrium used to estimate the equilibration 

time. 

A stretched exponential based on the KAHR model was fit to the volume 

recovery data for different aging times (Figure 3.3). However in order to extract the 

equilibration time, τeq, a linear fit was conducted in order to extrapolate the approximate 

time to reach equilibrium, as is shown in Figure 3.3, and in a similar manner that has 

been employed recently in the literature.
39

 In order to do so, one must also determine the 

equilibrium thickness of the polymer film. The equilibrium film thickness was estimated 

by linearly extrapolating the film thickness of the rubbery state to the aging temperature 

using the thermal expansion coefficient and the thickness at the annealing temperature, 
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schematically shown in Figure 1.1. By extrapolating the data to the equilibrium thickness, 

one can effectively estimate τeq, from the ellipsometry measurements. 

Similarly, the equilibration time can be determined for the DSC measurements of 

aging. The data can be extrapolated to the equilibrium value; although in this case the 

equilibrium value is determined using a method outline by Koh et al.
38

  The equilibrium 

values were estimated using the absolute heat capacity measured by modulated DSC to 

accurately determine the equilibrium enthalpy recovery as seen in equation 3.  

      (3.4) 

where ΔCp is the theoretical change in Cp at Tf0, which depends on the aging 

temperature and was extracted from the absolute heat capacity from temperature 

modulated DSC.  As a point of reference, it was found to be 0.29 J/(g K) at Tg (373K) for 

linear PS, consistent with literature results. 

 

Figure 3.4 The temperature dependence of the equilibration time measured by 

ellipsometry (closed symbols) and DSC (open symbols). 

The τeq values as a function of ΔTA for both DSC and ellipsometry are shown in 

Figure 3.4 . Although there is a difference between the absolute values obtained from the 

two techniques, which has previously been reported in the literature,
40

 the trends remain 

the same. At high temperatures, there is little to no difference in the equilibration time for 

the linear PS compared to the star PS. For low temperatures, the star-shaped molecules 
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exhibit orders of magnitude longer aging times compared to their linear analogs. It is 

clear from these results that the equilibration time is longer for the star-shaped molecules 

at large undercoolings (lower aging temperatures) consistent with the aging rate results. 

A number of recent works have described the physical aging process in bulk 

polymers, polymer nanocomposites and polymer thin films in terms of a free volume 

diffusion model.
12, 14-16, 21, 22, 41-52

 We have also employed this model to our data, (data not 

shown here) and the free volume diffusion coefficient decreases with increasing 

functionality, consistent with with the data shown in Figure 3.4. It has also been 

demonstrated that the diffusion of free volume through an amorphous glass inherently 

depends on the glassy dynamics of polymer.
5, 7, 14, 16, 34, 35, 49, 53

 To this end, if the aging 

process is thought of in terms of escape of free volume, the diffusion of free volume is 

slower in star-shaped molecules and decreases with increasing functionality due to the 

restriction of the segmental motions near the core of the molecule for high f. 
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Figure 3.5 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature, for the 64 arm stars of varying degrees of 

polymerization. The aging rate of linear polystyrene is shown as black 

squares for reference. (B) The aging rate, normalized by the aging rate of 

linear PS as a function of the number of arms, functionality at various 

degrees of polymerization. The aging rates were determined from 

ellipsometry and were conducted at ΔTA = -50K. 

Up to this point, our discussion on the effect of functionality on the aging 

behavior of star-shaped polymer was for star-shaped polymers where the Narm was 

constant at 100 and only f was varied from 2 to 64. To this end, one would anticipate that 

by increasing Narm for a fixed f, the aging rate of the system should increase and reach the 

values of linear chains for large enough Narm.  To this end, Figure 3.5 plots the aging rate-

ΔTA dependence of star-shaped polymers with f = 64 and Narm from 100 to 1344. It is 

clear that as Narm is increased to 1344 the aging behavior of the system gradually returns 
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to that of linear polystyrene. This is further exemplified in Figure 3.5B, where the 

influence of functionality was investigated at different Narm (100, 300, 550, and 1344). As 

Narm increases, at a constant functionality, the fraction of the arms that can attain ideal 

conformations, and have an aging behavior akin to a linear chain, increases. It is 

important to point out that as Figure 3.5 indicates the critical number of arms necessary to 

see deviations from linear-like aging behavior increases with increasing degree of 

polymerization. In a similar fashion, the critical Narm, below which a star-shaped polymer 

of functionality f, will have a different aging behavior than a linear, decreased with 

increasing f. 

3.4 CONCLUSIONS  

In conclusion, we have demonstrated that there is a strong influence of the chain 

architecture on the glassy dynamics as it was shown in terms of effect of the molecular 

characteristics of a star-shaped polymer (functionality and degree of polymerization of 

each arm) on its aging behavior. Our data show that star-shaped molecules provide a 

model system in which the structural relaxation process can be significantly changed 

without changes the chemical structure of the molecule. The temperature dependence of 

the physical aging behavior, and thereby the time dependence of physical properties, can 

be explained and even tailored through precise control of the molecular architecture of 

polymeric materials. 
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CHAPTER 4 

 

CORRELATION BETWEEN GLASSY DYNAMICS 

AND PHYSICAL AGING 

4.1 INTRODUCTION 

When an amorphous material is quenched below its glass transition temperature 

(Tg), it resides in a non-equilibrium state with excess specific volume, enthalpy and 

entropy compared to its equilibrium condition. Over time the resultant glass will undergo 

a series of structural relaxations in order to relax towards equilibrium, a process that has 

been termed physical aging.  This phenomenon has been of interest to polymer scientists 

for more than one half of a century.
1-6

 This behavior has important implications for the 

reliability polymers used for applications, from pharmaceuticals and gas separation 

membranes to insulation, where they must maintain certain physical properties for 

durations from days to decades. 

The time dependent change of a thermodynamic property, such as the specific 

volume, that underlies aging is characterized by sigmoidal behavior with respect to the 

logarithm of aging time, tage.
1
 The initial plateau is strongly dependent on the 

experimental conditions; the subsequent intermediate regime is characterized by a power 

law dependence on tage. The final regime, which may occur on time-scales from hours to 

years, or even centuries, is the so-called equilibrium plateau regime. The aging rate is 

extracted from the time dependent change of an appropriate thermodynamic property in 

the intermediate regime.  It is known that for linear chain polymer systems the 

temperature dependence of the aging rate is non-monotonic, that depends on the aging 

temperature, Tage, relative to Tg, ΔTA=Tage-Tg. The aging rate exhibits a maximum in 

aging rate at a threshold departure from Tg, ΔTth. This maximum is due to two competing 
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mechanisms.  The driving force for return to equilibrium increases with increasing |ΔTA|. 

However with decreasing Tage, increasing departure, the loss of thermal energy, kBT, 

reduces the relaxation rates, thereby reducing the rate of recovery.  

A number of different models have been applied over the years in order to 

account for the structural relaxation behavior in the glassy state. A number of models 

have relied on the observation that the volume contraction is related to a characteristic 

relaxation time of the material in the glassy state, such as the Kovacs,
7
 Struik,

5
 or KAHR

2
 

based models. In which it is assumed in the glassy state that there is a distribution of 

relaxation times that Hutchinson
1
 suggested could represent a distribution of free volume. 

A number of other models, first suggested by Alfrey et al.
8
 and later extended by Curro, 

Lagasse and Simha,
9
 explain the volume recovery through a vacancy diffusion 

mechanism. In this case it is assumed that free volume in the glassy material can transport 

through a vacancy diffusion mechanism, which can later annihilate at a free surface, an 

external interface or through a lattice contraction mechanism. A combination of either 

external annihilation and lattice contraction
10-12

 or a time dependent length scale
13

 has 

been employed to account for the thickness dependence in free standing polymer films. 

However, in order to account for the experimental results in bulk material, it is assumed 

that the vacancies must annihilate at an internal interface.
14-16

 It was suggested recently 

that such internal interfaces can be found in terms of fluctuations in density. Recent 

molecular dynamics simulations of glass forming liquids, have demonstrated that 

although there are large scale fluctuations in elastic properties of a glass quenched from 

the melt state, there are no long range fluctuations in the density.
17

 Therefore, to date 

there are many open questions as to the physical mechanism responsible for the structural 

relaxations in the glassy state. 

Although there are numbers of direct studies that have experimentally shown the 

influence of the departure from equilibrium on the average physical aging rate, there is 

very little experimental evidence to connect the glassy dynamics, relaxation rates, to the 

physical aging rate.
18

 A number of studies have attempted to connect the segmental 

relaxations above Tg to the glassy dynamics, as outlined in a recent review.
18

 Other 

studies have demonstrated a connection through time-temperature superposition.
19

 The 

connection between glassy dynamics and physical aging has also been demonstrated 
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through simulations.
20

 In a recent study, a connection was made between the reductions 

in the strength of the β-relaxation in poly methyl methacrylate (PMMA) nanocomposites 

and reduced aging rates.
21

 However a number of polymers such as polystyrene do not 

show evidence of strong evidence of a β-relaxation and PMMA and other polymers still 

observe physical aging below the β-transition temperature, it is unclear what the 

connection is between aging and a β-relaxation. To this end, there is still a lack of direct 

experimental evidence providing a connection between glassy dynamics and the physical 

aging rate of polymers; and is a subject in need of further investigation. 

These relaxation times, which may occur on time-scales from hours to years 

depending on the depth of quench and dimensions of the sample,
1
 have been investigated 

using various techniques that probe time-dependent changes in thermodynamic 

properties: volume relaxation experiments,
22

 measurements of dielectric strength
15

 and 

enthalpy recovery,
23

 as well as fluorescence measurements.
4
  Different 

phenomenological, and statistical mechanical, models based on various mechanisms, 

have been proposed; they each describe the phenomenon with varying degrees of 

success.
9, 11, 13, 15, 16, 24,25, 26

 
1, 27,

 
28

  Because of its technological and scientific importance, 

regarding the longevity and stability of polymers in the glassy state, this continues to be 

an active area of research. 

Several studies have shown the aging behavior of materials depend on their 

chemical structures, which influences, chain stiffness and the fractional free volume.
22,29, 

30
 
31

 The aging rate has also been suggested to be influenced by sub-Tg relaxations, such 

as on β and γ relaxations in PMMA.
22

 While for linear chain polymers the aging rate is 

independent of molecular weight, the rates for star-shaped polymers are significantly 

slower than their linear chain polymer analogs.
32

 

An important question surrounding glassy structural relaxation polymeric 

materials is the physical mechanism responsible for this process. In order to investigate 

this, we studied the aging of star-shaped molecules with functionalities, f ≤64 arms, each 

with a comparable degree of polymerization per arm, Narm~100.  When aging occurs at 

temperatures close to Tg, the physical aging rates, β, are independent of f; however for 

increasing ΔTA, dependence on f is significant. The threshold distance ΔTth from Tg that 

the rates exhibit a maxima, decreases with increasing f. These observations are reconciled 
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in terms of changes in the in glassy dynamics of the macromolecules, as measured using 

inelastic neutron scattering. 

4.2 EXPERIMENTAL SECTION 

4.2.1 Materials 

We synthesized the high functionality star-shaped PS (with f ≥ 8) by means of 

anionic polymerization using high vacuum techniques.
33, 34

 
35

 The linear polystyrene (PS) 

molecules and 3, 4 and 8-arm star-shaped PS molecules were purchased from Pressure 

Chemical and Polymer Source, respectively. 

4.2.2 Sample Preparation 

Supported films, each one micron in thickness, were spin-coated from toluene 

solutions onto pre-cleaned silicon wafers (Wafer World Inc.) with a native oxide layer of 

1.5 nm. Prior to spin coating the silicon wafers were cleaned by rinsing with ethanol and 

acetone followed by UV-ozone treatment for 3 minutes. The wafers were then rinsed with 

toluene immediately prior to spin-coating. The samples were then annealed 50K above 

their Tg’s for 48 hours. The polymer film thicknesses were measured using variable angle 

spectroscopic ellipsometry, VASE (M-2000, J.A. Woollam Co.). 

4.2.3 Spectroscopic Ellipsometry 

The glass transition temperature and thermal expansion coefficient of each 

supported film was extracted from data obtained from measurements of the change in 

film thickness during cooling from 423K down to room temperature, at a rate of 1K/min. 

using the VASE instrument equipped with an Instec heating stage. During the 

measurements, which were performed at a fixed angle of 70
o
, the samples were under a 

nitrogen purge gas environment; liquid nitrogen was used in order to maintain the 

temperature and cooling rate. The thickness, h(T), and refractive index, n(T), were 

determined by fitting the ellipsometric angles Δ and Ψ to a Cauchy/SiO2/Si model over 

the wavelengths of 400-1700 nm. The glass transition temperature was determined by the 

intersection of extrapolated linear fits through the glassy and rubbery regions of the 

data.
36, 37

 The thermal expansion coefficients of the glassy and rubbery states were 

determined by normalizing the slope from the linear fit by h(T=30K). 
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The physical aging experiments were conducted on the films using VASE. Each 

sample was first heated to a temperature of 50K above their Tg’s and annealed for 30 

minutes to remove any thermal history. It was then quenched at a rate of 85 K/min. to 

room temperature and then ramped to the aging temperature, Tage, where the sample 

thickness, h, was monitored as a function of time. An acquisition time of 30 seconds was 

used to measure the thickness every 60 seconds. The experimental time of 360 minutes 

was used in this study, which has been reported to be sufficient to determine the average 

aging rate of the material within the experimental error.
38

 Each experiment was repeated 

for a total of 3-5 times at each aging temperature in order to ensure that that the results 

were reproducible. The aging rate was then reported as the average of all of the aging 

tests.  

4.2.4 Incoherent Neutron Scattering 

Incoherent neutron scattering (INS) measurements were performed on the high-

flux backscatter spectrometer (HFBS) at the NG2 beam line at the NIST Center for 

Neutron Research. The HFBS has a resolution of 0.85 μeV which means that the motions 

that it picks up are faster than 200 MHz (10 ns). The scattering cross section of hydrogen 

atoms is approximately 20 times larger than that of carbon (polymer backbone) or oxygen 

(dendritic core) and more than 40 times larger than that of silicon (dendritic core) and 

aluminum (canister). Therefore, the signal obtained from incoherent scattering is from the 

atomic scale motions of hydrogen atoms. The polymer powder was wrapped tightly in 

aluminum foil and then pressed firmly to the walls of the aluminum canister. The canister 

was then sealed within an argon atmosphere. The spectrometer operates with a 

monochromatic neutron beam with a wavelength of 6.271Å over a Q range of 0.25-1.75 

Å
-1

.  The INS experiments were conducted using fixed window scans (FWS) in order to 

investigate elastic scattering. 

The FWS experiments were performed with the Doppler turned off; therefore the 

incident and scattered neutron energies were fixed and equal, thereby enabling 

measurement of the elastically scattered neutrons. These measurements were performed 

while ramping the temperature at a rate of 1 K/min., from 30 K to 450K. The elastic 

scattering intensity was recorded as a function of Q by averaging over the signal in bins 

of 1K.  
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The mean square displacement, ‹μ
2
›, of the hydrogen atoms were approximated 

using the Debye-Waller approximation: 

      (4.1) 

where Q is the momentum transfer vector. Although the dynamics of polymers 

are inherently anharmonic, the Debye-Waller approximation can be applied to the range 

of 0.09 Å
-2 

< Q
2 

< 1Å
-2

, as has previously been done in the literature,
39-44

 in order to 

obtain an approximation of the ‹μ
2
› in the glassy state. 

4.3 RESULTS AND DISCUSSION 

The changes in film thickness as measured by ellipsometry are plotted in Figure 

4.1 as a function of aging time for star-shaped molecules with Narm ~ 100 and varying 

functionalities. The aging rate is defined as: 

      (4.2) 

where h∞ is the film thickness at equilibrium and tage is the aging time.
45

  The data 

shown in Figure 4.1 demonstrates that the aging rate at a constant temperature relative to 

Tg of the material is strongly dependent on the functionality of the molecule; the aging 

rate decreases as f increases. It was previously demonstrated that the physical aging 

behavior is independent of the total molecular weight for linear macromolecules at a 

constant temperature relative to Tg.
32
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Figure 4.1 Aging experiments conducted at ΔTA = -25K with molecules of a constant 

Narm = 100; the change in film thickness, normalized by the film thickness 

at 10 minutes, as a function of the aging time. The solid lines represent 

fittings to obtain the aging rate. 

The aging rates plotted in Figure 4.2 were calculated using equation 4.2, for the 

molecules used in this study. These rates are plotted as a function of ΔTA, where a non-

monotonic dependence on ΔTA is observed, as explained in the introduction. At 

temperatures close to the Tg (small |ΔTA|), the aging rate is independent of chain 

architecture while for temperature well below Tg (larger |ΔTA|) the aging rates exhibit a 

strong dependence on functionality. We understand these influences of chain architecture 

in terms of the competing effects that give rise to the maximum in structural relaxation 

rate. 
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Figure 4.2 (A) The aging rate calculated from volumetric aging experiments as a 

function of aging temperature. (B) The aging rate, normalized by the aging 

rate of linear PS as a function of the number of arms, functionality at 

various temperatures. The closed symbols are determined from 

ellipsometry and the open symbols are calculated from DSC. 

The departure from equilibrium at a given ΔTA, which is the driving force for 

aging, may be estimated from the thermal expansion coefficients as measured using 

ellipsometry (Figure 4.3). This is based on the assumption that the equilibrium volume is 

simply the extrapolation of the rubbery thermal expansion into the glassy state,
1, 5, 22, 45

 

and the departure of equilibrium, δ, is δ =h0/(h0-h∞). The departure δ is plotted as a 

function of f in Figure 4.3, for different aging temperatures. δ, and hence the driving force 

for aging, appear to be independent of chain architecture. It is important to emphasize 

that the thermal expansion coefficient, as measured by ellipsometry, in both the rubbery 



62 

 

and glassy regimes is independent of chain architecture, consistent with previous work.
46

 

Moreover, though the thermal expansion coefficients were measured upon cooling at 1 

K/min. the same trends were observed when measuring at different cooling rates, ranging 

from 0.1 to 10 K/min. The fact that the driving force for aging appears to be independent 

of f can explain that at small |ΔTA| the aging rate is independent of chain architecture.   

 

 

Figure 4.3 (A) The temperature dependence of the film thickness for the star shaped 

molecules. The inset shows the thermal expansion coefficient, calculated 

from the slope of the thickness curves as a function of the functionality. 

(B) The departure from equilibrium at 3 different aging temperatures. 

In order to understand the influence of chain architecture on the physical aging 

rate in the low temperature regime, we need to turn our attention to the mechanism for 

formation of a glass. It has been well reported in the literature that an amorphous material 
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in the glass state maintains heterogeneity in dynamics which is especially prominent as 

temperature approaches the glass transition.
47-51

 The notion presides that as temperature 

decreases there is a growth of clusters of cooperatively rearranging regions (CRR).
50

 

These CRRs observe two different characteristic times scales representing slow and fast 

moving regions. The size of these regions, and therefore the difference between time 

scales grow with decreasing temperature. This divergence as temperature approaches Tg 

leads to the breakdown of the Stokes-Einstein relation.
48, 51

 It is the faster moving 

“mobile” regions that account for the diffusive motion in the material, and the slower 

moving “immobile” regions that account for the structural relaxation of the material. It is 

also the “immobile” clusters that are also responsible for the mechanical strength of the 

material. The dynamic heterogeneity observed in melts that is often associated with the 

heterogeneity in free volume in polymer glasses. However a recent simulation 

demonstrated that while there is a large scale distribution in local compliance of the 

material, no large scale fluctuations in the free volume were observed.
17

 It is those same 

heterogeneities in elastic properties that may also be responsible for the structural 

relaxation behavior in the material. The local elastic properties of the material can be 

associated with atomic vibrations of the atoms, according to the Debye-Waller factor, κ = 

3kBT/‹μ
2
›,

52
 where the harmonic force constant, κ, is a measure of the resistance to 

atomic vibrations. The mean square displacement of atomic vibrations, ‹μ
2
›, can readily 

be measured using incoherent neutron scattering.  

The temperature dependence of the ‹μ
2
› for linear PS and star-shaped molecules 

of varying functionality were determined and are shown in Figure 4.4. It is evident that 

the ‹μ
2
› is smaller for the star-shaped molecules than for linear PS. It is also apparent that 

they observe different temperature dependences. In order to understand this, we employ 

an analysis that has been used in order to directly compare the different molecules 

through a harmonic force constant. At temperatures below 250K, a similar analysis has 

been employed to other polymeric systems.
53-55

 Here we assume that the motions 

hydrogen atoms are harmonically oscillating in a potential well. We note that at high 

temperatures this assumption would not hold, but it has been shown previously that for 

PS and other polymers this assumption is reasonable at temperatures less than 250K. This 

assumption is consistent with a linear increase in the ‹μ
2
› as a function of temperature and 
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therefore the harmonic force constant is proportional to the inverse of the slope of such 

an increase as is depicted in Figure 4.4. The resistance to displacement, stiffness, can be 

quantified in terms a harmonic force constant: κ = 3kBT/‹μ
2
›. Therefore, slope of the 

increase in ‹μ
2
› is inversely proportional to κ. The linear chain PS molecules exhibited 

the largest increase with temperature within this temperature range, consequently it has 

the lowest force constant, κ = 1.2 N/m. The harmonic force constant was found to 

gradually increase with functionality up to 2.1 N/m for the 64 arm star. 

 

Figure 4.4 (A) The ‹μ
2
› as a function of temperature for linear PS (black squares) and 

the 64 arm star PS (red circles). The solid lines represent fittings to 

harmonic force constant from T=30-250K. (B) The ‹μ
2
› as a function of 

the number of arms for a constant at 3 different temperatures relative to Tg. 

The ‹μ
2
› is shown as a function of f at several temperatures in which the aging 

experiments were conducted. It was observed that there was a monotonic decrease in the 
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mean square displacements, or equivalently the increase of the force constants, with 

increasing functionality. The polymer chains are connected to a branch point and the 

atomic displacements of star-shaped polymers are hindered due to this loss of entropy, 

due to packing constraints imposed by the branching point.  This effect will 

monotonically increase with increasing f. Linear chain polymer monomers have a higher 

degree of entropy.  It is also apparent that there is a strong correlation in the trends with 

aging rates shown in Figure 4.2 and the ‹μ
2
› depicted in Figure 4.4. It is clear, 

nevertheless, from these measurements that the slower physical aging is connected 

to/correlated with the restricted atomic vibrations and enhanced local elastic properties of 

the star-shaped molecules.  This correlation is further shown, by comparing the harmonic 

force constant with the physical aging rate measured at the lowest temperature, which 

should be the most dependent on the restriction of segmental motions. In order to further 

this correlation, three different 64 arm stars are also shown, with varying molecular 

weights of the arm ranging from 9 kg/mol. to 80 kg/mol. If the argument holds, as the 

molecular weight of the arm is increased, the restriction of the segmental motions should 

be less significant. It is shown in Figure 4.5 that there is a strong correlation between the 

harmonic force constant and the physical aging rate measured at ΔTA = -50K. 

 

Figure 4.5 The harmonic force constant estimated from the ‹μ
2
› between 30 and 250 

K plotted as a function of the average aging rate measured at ΔTA = -50K, 

where the influence of the restriction of segmental motions dominates the 

physical aging rate. 
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Now that we have discussed how the competing effects governing the non-

monotonic temperature behavior of the physical aging rate with regards to chain 

architecture, we turn our attention to the position of the maximum aging rate, ΔTth. With 

regards to the ΔTth value, the maximum in aging rate shifts to lower ΔTth values with 

increasing f, as seen in Figure 4.2. As the driving force for aging is independent of chain 

architecture and the only factor that changes with architecture is the glassy dynamics, 

which is shown in Figure 4.4. As seen from the INS experiments, as the functionality is 

increased the temperature dependence of the ‹μ
2
› is decreased (inverse of the harmonic 

force constant). Therefore the influence of chain architecture on the temperature 

dependence of the glassy dynamics causes the maximum in aging rate to shift to higher 

temperatures. This implies that as the number of arms is increased the reduction in glassy 

segmental relaxations influences the average physical aging rate to higher temperatures. 

4.4 CONCLUSIONS  

In conclusion the structural relaxations of star-shaped polymers with comparable 

Narm and functionalities up to 64 exhibits significantly lower aging rates than their linear 

analogs. The physical aging rate at low temperatures was demonstrated experimentally to 

be connected to glassy segmental dynamics which were measured to be significantly 

slower for star-shaped molecules by incoherent neutron scattering. It was also 

demonstrated that the temperature dependence of the glassy dynamics, encompassed 

within the inverse of the harmonic force constant, was twice as large for the linear chain 

polymer; thus resulting in a shift in the maximum of the aging rate to higher temperatures 

for star-shaped molecules. 
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CHAPTER 5 

STRUCTURAL RELAXATIONS OF THIN 

POLYMER FILMS 

 

Reprinted with permission from: 

Frieberg, B.; Glynos, E.; Green, P.F.; Phys. Rev. Lett. 2012, 108, 268304-1 – 

268304-4. Copyright 2012 The American Physical Society.  

 

5.1 INTRODUCTION 

When a liquid is quenched at a sufficiently rapid rate to a temperature T below its 

glass transition temperature, Tg, it forms a glass.  Some systems, such as atactic polymers, 

by virtue of their molecular structure, form glasses upon solidification, regardless of 

quenching rates. In this non-ergodic state, at T<Tg, the material possesses excess 

thermodynamic properties. At such a temperature, the glass structurally relaxes toward 

equilibrium, accompanied by time dependent changes in physical properties.
1-4

 This 

phenomenon, known as physical aging, has been studied in material systems for decades. 

The long-term structural stability of glasses, regardless of chemical structure, is important 

for their functionality and reliability in different technologies.  

The driving force for physical aging depends on the difference between Tg and the 

temperature Tage, TA=Tage-Tg, at which the sample is held during aging.  The aging rate, 

, is zero when TA≈0 and increases with increasing magnitude of TA; it exhibits a 

maximum before approaching zero again as TA is increased further.
5-7

 The maximum is 

believed to be due to a competition between the increasing driving force for aging, TA, 

with decreasing temperature and the thermally activated molecular relaxations that 
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accommodate the recovery of the system, which decrease with decreasing aging 

temperature, Tage.
8
 

While the phenomenon of aging has been studied in the bulk for decades,
1, 4, 7, 9

 

there has recently been a keen interest in thin polymer films, for both scientific and 

technological reasons.
2, 6, 10

 The challenge associated with thin films is that the interfaces 

(substrates or free surface) influence the local monomer segmental packing density, and 

configurational entropies.
11-15

 A natural consequence of such effects associated with 

monomer-interface interactions is that the average Tg of polymer thin films is a function 

of its thickness H; this thickness dependence is well documented by experiment,
16-18

 

theory and simulations.
11-15, 19

  For thin supported films of linear chains on a non-wetting 

substrate, e.g. polystyrene (PS) on silicon oxide (PS/SiOx), 
18-21

 the average glass 

transition temperature of a film of thickness H,  Tg(H), decreases with decreasing H  (Tg 

< 0).
16, 18, 20-23

  Conversely, when the monomer-substrate interactions are strong, such as 

poly(methyl methacrylate) (PMMA) on SiOx substrates, due to hydrogen-bonding 

between the polymer and the SiOx, the average Tg(H) increases with decreasing H 

(Tg>0).
11-15, 18, 22-24

 

It was evident from the work of Kawana and Jones, who examined the PS/SiOx 

system, which due to the existence of a low Tg surface layer, Tg
surf

, the aging of the 

interior of the film would occur at a different rate than the free surface.
6, 8, 10, 25

 Priestley 

et. al. subsequently showed that in the PMMA/SiOx thin film system, the aging rate 

decreased by factors of 2 and 15, at the free surface and substrate, respectively.
2
 These 

measurements were performed at a single aging temperature, where TA ~ -80°C. The 

slow aging of the film was reconciled by considering that near the free surface the driving 

force is lower than the bulk because (Tg
surf 

- Tage) < (Tg(H) - Tage). Additionally, the 

reduction of the aging rate at the substrate stems from the reduced cooperative segmental 

mobility at the substrate.
2
  Through a more extensive study of the PS/SiOx system, over a 

wide range of aging temperatures, Pye et. al. showed that the physical aging rate of PS 

films of H=30 nm was slow, for all temperatures, relative to the bulk.
6
 They interpreted 

their observations by assuming that the relevant parameters are a mobile surface layer of 

characteristic thickness, HFS, that does not age, and that the remainder of the film exhibits 

the bulk aging rate. The existence of a liquid-like surface layer, with the remaining 
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sample possessing a bulk Tg, has been used to explain the thickness dependent behavior 

of Tg.
26, 27

  

The differences between the chemical structures and associated differences 

between the monomer-interface interactions are responsible for the differences of the 

values of Tg
surf

 and Tg(H) for PS/SiOx and for PMMA/SiOx. Therefore, in light of the 

foregoing discussion, it is not immediately obvious how to reconcile the fact that both 

PS/SiOx and PMMA/SiOx thin films age slowly compared to thicker films and to the 

bulk. 

Recently it was shown that for star-shaped polystyrene, changes only in the 

functionality, f, (number of arms) and the degree of polymerization, Narm, of the 

macromolecule, would lead to increases or decreases in Tg
surf

, relative to the bulk.
28, 29

  

The magnitudes of the changes in Tg(H) with H for these star-shaped macromolecules are 

the same as those exhibited linear chain PS and PMMA macromolecules on the same 

substrates. It follows that the behavior of the star-shaped polymer systems provides an 

opportunity to examine how changes in the local Tg affect the aging of thin films, in the 

absence of the added complication of differences in chemical structure. Through a study 

involving a range of values of Tage, and samples of different f and Narm, we show that by 

accounting for the continuous depth dependence of the Tg of thin films the slow physical 

aging behavior of all these systems could be rationalized in terms of a universal picture.  

Our study also reveals that the aging rate of star-shaped macromolecules is slow 

compared to their linear PS analogs.  This is noteworthy because it is now apparent that 

the aging rate in materials may be controlled by changes in the architecture and size of 

the macromolecule. 

 

5.2 EXPERIMENTAL SECTION 

5.2.1 Materials 

The physical aging of linear and star-shaped polystyrene (PS) macromolecular 

thin films of thicknesses 50nm < H < 1000 nm supported by SiOx substrates were 

examined using in situ spectroscopic ellipsometry (SE).  Linear PS of molecular weight 

of 152 kg/mol. (LPS-152K) and star-shaped PS, possessing eight arms each of molecular 
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weight Marm= 10 kg/mol. and Marm =25 kg/mol. were studied.  The (SPS-8-10K and SPS-

8-25K) was purchased from Polymer Source Inc.  This particular star-shaped polymer 

was chosen because it exhibits a surface Tg that is appreciably higher than the bulk, and is 

well characterized.
28

  Moreover, its average Tg increases with decreasing H. In contrast 

average Tg’s the linear chain PS decrease with decreasing H. 

5.2.2 Sample Preparation 

The films were prepared by spin casting filtered (through 0.2 μm Teflon Millipore 

filters) polymer/toluene solutions onto SiOx wafers (  oriented silicon wafers, 

purchased from Wafer World Inc.), possessing a native oxide layer of 1.5 nm.  Each 

sample was annealed in vacuum for at least 24 hours at ~30°C above the Tg of bulk LPS-

152K to remove any residual solvent.  

5.2.3 Sample Characterization 

The temperature dependence of the thickness, H, and refractive index, n, of all the 

films was determined by fitting the acquired ellipsometric angles Δ and Ψ to a 

Cauchy/SiOx/Si model over the entire measured spectral range (wavelength range 400 - 

1700 nm) using a variable angle spectroscopic ellipsometer (M-2000, J.A. Woollam Co.).  

The ellipsometer was equipped with an Instec heating stage.  In all experiments, 

measurements were taken while the samples were cooled from temperatures of 

approximately 150°C at 1°C/min.  The Tg of each film was determined from the H vs. T 

data, as described in prior publications.
28

      

After the Tg measurements were performed on a sample, all subsequent aging 

experiments were completed without moving the sample in the chamber, in order to 

ensure that the same spot on the film was being measured at each Tage.  The films were 

then heated to 40°C above the average Tg for 30 min.; this removed all thermal history. 

The sample was then quenched to room temperature (at ~85°C/min.), while its thickness 

and refractive index were continuously monitored. The temperature of each sample was 

then rapidly ramped to the desired aging temperature.  Its thickness was determined by 

averaging over an acquisition time of 30 seconds, while taking measurements every 60 

seconds throughout the duration of the experiment (360 minutes). Each physical aging 

100
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rate that is reported is the result of an average of 3-5 aging tests. This ensured the 

reliability of the reported values. 

5.3 RESULTS AND DISCUSSION 

The physical aging of linear and star-shaped polystyrene (PS) macromolecular 

thin films of various thicknesses, H, where 50 nm < H < 1 micron, supported by silicon 

oxide substrates, were examined using in situ spectroscopic ellipsometry (SE) by 

monitoring the change in H at a constant Tage<Tg, with time.  Linear PS of molecular 

weight of Mw=152 kg/mol. (LPS-152K) and two 8-arm star-shaped PS macromolecules: 

one with Marm= 10 kg/mol. (SPS-8-10K) and the other with 25 kg/mol. (SPS-8-25K), 

were investigated. The SPS-8-10K polymer was chosen because its Tg
surf

 and Tg
subst

 are 

appreciably higher than the bulk.
28

  Recall, in contrast, that for linear chain PS, supported 

by the same substrates, Tg
surf

 is appreciably lower than the bulk and its Tg
subst

 is 

comparable to the bulk.  The Tg
surf

 of the SPS-8-25K sample is comparable to its bulk 

value whereas its Tg
subst

 is slightly higher than the bulk.  In short, we investigate the 

behavior of three systems of the same chemical structure, but different architecture, and 

consequently very different interfacial and bulk Tg’s. 
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Figure 5.1 H(t)/H(tage=10 minutes) is plotted as a function of aging time, for films 

((A) LPS-152K and (B) SPS-8-10K) of two different thicknesses.  

Measurements were performed at Tg-Tage=-50°C. 

Ellipsometry measurements of the normalized thickness, H(tage)/H(tage=10), 

dependencies on time, tage, for LPS-152K and SPS-8-10K films and for two different 

thicknesses are shown in Figure 5.1. The thinner film (initial thicknesses H0~50 nm) 

exhibits a weaker dependence on time than the thicker (H0~1100 nm) film. Note that in 

this figure, tage = t – t0 is plotted instead of t, since during the initial stage of any aging 

experiment the thickness is constant in this so-called initial plateau regime.
10

 The width 

of the plateau region increases with decreasing Tage.
7, 30

 The physical aging rate exhibits a 

logarithmic dependence on time and is well described by: 

= (-1/H∞) dH(tage) / d(log tage)     (5.1) 
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where H∞ is the “equilibrium” film thickness.
5
  We note that the aging rate of the 

LPS-152K system is consistent with the data previously described by Pye et. al., who 

also studied the aging of linear PS.
6
 

 

Figure 5.2  The physical aging rates at different Tage relative to the average Tg of the 

film for: (A) LinearPS-152K, (B) StarPS-8arms-25K and (C) StarPS-8 

arms-10K. The filled symbols are for a 1.1 micron thick film and open 

symbols for a 50 nm thin film.  The solid lines represent quadratic fits to 

the 1.1 micron film. The broken lines were calculated using the gradient 

model, described in the text. 

 

The physical aging rates, calculated using equation 1, are plotted in Figure 5.2 as 

a function of TA =Tage-Tg.  It is evident from these data that the physical aging rates of 

the thinner (51 1 nm) films is slower than those of thick films, for all three systems. 

Additionally, it is evident from Figure 5.3, where data for different thicknesses are 

included, that the aging rates of the star-shaped macromolecules exhibit stronger 
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thickness dependencies than their linear chain analogs.  The differences between the 

physical aging behavior of the linear and star-shaped macromolecules cannot be 

reconciled entirely in terms of Tg
surf

 and Tg(H).  The aging rates may however be 

reconciled in terms of a model that accounts for the changes in the local Tg as a function 

of depth, Lg(x), of the films.  Knowledge of the Lg(x) profile for a polymer film would 

enable calculation of the local aging rate, (x).  As discussed below, Lg(x) may be 

computed from experimentally measured thickness dependence of Tg(H).
18

  From the 

Lg(x) profile, the average aging rate, , for a film of thickness H can be extracted; this 

will be compared directly with the experimental data in Figure 5.2 for the thinner films 

(H~50 nm), with no additional fitting parameters. 

 

Figure 5.3  The physical aging rate normalized by the bulk physical aging rate as a 

function of thickness at (A) 30, (B) 40 and (C) 50°C below the average Tg 

of the film for: LinearPS-152K (open squares), StarPS-8arms-25K (open 

triangles) and StarPS-8arms--10K (open circles). 
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We first proceed by fitting the experimental data for the thick film, H~1 micron, 

using an empirical quadratic equation: (TA)=a(TA)
2
+b(TA)+c, where TA=Tage-

Tg(H); Tg(H) is identically Tg
film

. The solid lines, drawn through the thick film data (filled 

symbols) in Figure 5.2, were computed using this equation.  The connection between 

Tg(H) and Lg(x) is determined by considering the film to be composed of a large number 

of layers, each located a distance x away from the free surface.  Each layer is 

characterized by a single Tg, Lg(x); in the limit of an infinitesimal layer thickness Lg(x) is 

treated as a smooth and continuous function.  So the average Tg of a film may be defined 

such that 

  ( )   ∫   ( )  
 

 
∫   
 

 
⁄       (5.2) 

Experimentally it is well established that for thin films the thickness dependence 

of Tg scales inversely as 1/H.
16, 17, 20, 26

 This is also supported by theory.
14, 15, 19

 Models 

based on dynamic percolation also lead to the same conclusion.
12, 13

  Consequently, 

following Kim et al. the following relation for Tg(H), is used:
18

 

   ( )⁄      
 ⁄     ⁄       

 ⁄       (5.3) 

where  is a measure of the influence of the interfacial interactions influence 

Tg
surf

. Physically,  is a length scale that characterizes the distance from the free surface 

to the interior of the film where the half the bulk glass transition temperature, Tg
∞, is 

recovered.  This parameter is not temperature dependent.  Kim et. al. showed that for the 

non-wetting case, such as for PS on SiOx that Tg
surf

<Tg
∞ and  that Tg

∞≈Tg
subst

.  It follows 

from equations 2 and 3 that   ( )    
   (    ) (   ) .

18
 Using the published 

experimental data for Tg(H) for the samples whose aging behavior is described in Figure 

5.3, Lg(x) was calculated and plotted in Figure 5.4.
28, 29

  Details describing these 

calculations are provided in Appendix C.  It is evident that Lg(x) of the linear chain 

system is smallest near the free surface and increases with x before reaching a plateau at 

Tg
∞=99°C, a value dictated by our experimental data.  The value of Lg(x≈0) was also 

determined from our published data.
28, 29

 The plateau in the figure is expected, based on 

all the available experimental data for the Tg of linear chain PS. The dependence of Lg(x) 

for the SPS-8-25K sample is similar to that of the linear chains in the vicinity of the free 

surface; however Lg(x) increases at the substrate.  The situation involving SPS-8-10K is 
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different; Lg(x) is highest at both interfaces, as shown experimentally, and is independent 

of thickness in the middle of the film.  This is in agreement with the experimentally 

determined local Tg’s of this sample, measured using variable energy positron 

annihilation lifetime spectroscopy (PALS), at the free surface, and atomic force 

microscopy, at the substrate interface.
28, 29

 The PALS data are plotted in the inset of 

Figure 5.4; the agreement between the calculations of the model and experimental data is 

good. Additional results, calculated, using equation 5.2, as a function of H are compared 

with experimental data in Appendix C. 

 

Figure 5.4  The distribution in local Tg (Lg) throughout a 50 nm supported film for 

LPS-152K (black, squares), SPS-8-25K (green, triangles) and SPS-8-10K 

(red, circles) according to a gradient Tg model. The inset shows the same 

Lg for a 350nm film, with the PALS results overlaid. 

The next step is to calculate the local aging rate, (x), for each sample, based on 

Lg(x); this enables calculation of the average aging rates of the H~50 nm samples and 

therefore a direct comparison with the experimental data in Figure 5.2.  With the use of 

the empirical fitting parameters, a, b and c, from the quadratic equation, and replacing 

Tage-Tg with Tage-Lg(x), the local aging rates for LPS-152K and SPS-8-10K were 

calculated and plotted in Figure 5.5.  For the linear PS system, the aging rate at the free 

surface is zero, because Tage > Tg
surf

.  Interestingly, for specific Tage, (x) exhibits a 

maximum for depths close to the interfaces. This may be rationalized in terms of the 

gradient in the local Tg close to the interfaces and, moreover, the non-monotonic 
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dependence of aging rate on Tage.  Since (Tage) is in general not monotonic, then the 

assumption of an exponential decay in aging rate is not always appropriate.
6
   

 

Figure 5.5 The distribution in local physical aging rate throughout a 50 nm supported 

film of Tg-25°C (black), Tg -35°C (blue) and Tg-50°C (red) for (A) 

LinearPS-152K and (B) StarPS-8arms-10K. (C) The thickness of the free 

surface layer that does not age for: LinearPS-152K (black), StarPS-8arms-

10K (red) and StarPS-8arms-25K (blue). 

It is also apparent from the data in Figure 5.5 that the depth within the film at 

which the aging rate reaches zero, HFS, is dependent on temperature.  In the case of linear 

PS and SPS-8-25K, HFS is a measure of the mobile free surface layer thickness.  This 

layer does not age since Tage > Lg(x).  HFS is shown to increase with increasing 

temperature, Figure 5.5.  It is important to note that one consequence of using the 2-layer 

model is that HFS is predicted to increase with decreasing temperature.  This is not only in 

contrast to our findings; it is also not in agreement with recent studies by Paeng and 

Ediger on linear chain systems.
6, 31-33

  In the case of SPS-8-10K, (x) reaches zero at both 

interfaces.  This is of course not because Tage > Lg(x), but due to the fact that Lg(x) >> 

Tage.  Since Lg(x) is significantly larger than Tage, (x) is essentially zero due to the 
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reduced cooperative segmental mobility of the adsorbed layer, in line with a physical 

argument by Priestley et. al.
2
 

Finally, we now reconcile these results with the experimental data in Figure 5.2. 

Specifically, we calculate the average physical aging rates from the data in Figure 5.5 and 

compare them to the experimental data in Figure 5.2, for the H~50 nm films. To this end 

we consider a sample composed of infinitesimally thin films, each exhibiting a specific 

aging rate.  With this, the average physical aging rate for a film, (H, Tage) may be 

defined:  

 (      )  ∫  (        ( ))   
 

 
∫   
 

 
    (5.4) 

The broken lines drawn through the data in Figure 5.2 were computed using the 

above equation; the agreement is very good.  Clearly, the physical aging of the star and 

linear macromolecular thin films is extremely well described by the model that accounts 

solely for local changes in the glass transition temperature, Lg(x), of the film.  It is 

apparent from this assessment that it is imperative to account for both the local Tage-Lg(x) 

and the bulk Tage-Tg. It is noteworthy that our analysis reveals that the characteristic 

length scale over which interfaces can influence the average aging rate may be as small 

as a few nanometers or as large as few hundreds of nanometers, depending on Tage-Lg(x), 

or the bulk Tage-Tg, Figure 5.3.
2, 6

 

 

5.4 CONCLUSIONS  

In conclusion, we showed that the average physical aging rate of supported 

polystyrene films of varying architectures is significantly slower than the bulk.  Regions 

of the films in proximity to interfaces age at substantially different rates.  This difference 

in aging rate of thin films is reconciled in terms of differences between local glass 

transition temperatures, Lg(x), and Tage. Additionally, it was demonstrated that the aging 

rates of the star-shaped macromolecules depends on the functionality and arm length of 

the macromolecule. The star-shaped macromolecules of sufficiently high functionality, 

and low Marm, age more slowly than their linear chain analogs because they possess 

higher interfacial Tg’s; in other words Tage-Tg(bulk) < Tage-Tg(interface).  To this end, we 

have shown that the aging rates of thin films may be reconciled in terms of a universal 
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picture that accounts for differences between Tage and the local glass transition 

temperature, Lg(x). The results of this study indicate that the physical aging rates of thin 

polymer films may be tailored by controlling the molecular architecture. The 

macromolecular/interfacial interactions are sensitive to the architecture of the molecule, 

due primarily to entropic effects. 
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CHAPTER 6 

SURFACE LAYER DYNAMICS IN MISCIBLE 

POLYMER BLENDS 

 

Reprinted with permission from: 

Frieberg, B.; Kim, J.; Narayanan, S.; Green, P.F.; ACS Macro. Lett. 2013, 2, 388-

392. Copyright 2013 The American Chemical Society.  

 

6.1 INTRODUCTION 

In A/B polymer/polymer mixtures the free surface composition is, in the absence 

of unusual entropic effects, dominated by the lower cohesive energy density component; 

this contributes to decreasing the overall free energy of the system.
1, 2

  Much is 

understood about the phase behavior of these systems, including phenomena such as 

surface directed spinodal decomposition, dating back nearly 20 years.
3-7

  The preferential 

surface segregation by one component can change the shape of the coexistence curve; 

thus, the phase and wetting transition temperatures also become dependent on film 

thickness. Near the phase boundary a wetting transition would occur, wherein the wetting 

layer becomes very large.
8-10

  In this paper we are particularly interested in the surface 

dynamics of compatible A/B polymer/polymer mixtures at temperatures far from the 

phase boundaries.   Indeed, apart from open scientific questions related to dynamic 

phenomena at surfaces, this topic is of particular interest because most polymeric systems 

of practical interest are mixtures. The design of smart coatings and surfaces, used for 

different practical applications, from medicine and biology to microelectronics and 

sensors, would benefit from further insight into the structure and dynamics at interfaces.   
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There are quantitative differences between the chain dynamics at free surfaces 

and the bulk. For single component, linear chain, homopolymer systems the glass 

transition temperature, Tg,
11-14

 at the free surface is lower than the bulk; the surface 

dynamics
15-17

 are fast compared to the bulk.  Moreover the effective chain entanglements, 

in highly entangled melts, are lower at the free surface, further contributing to 

enhancements of the free surface translational dynamics. A long chain in a highly 

entangled polymer melt undergoes slithering motions within the confines of a virtual 

tube, defined by its intersections with neighboring chains.
18-20

  The longest relaxation 

time, Rep, of the dynamics of a polymer chain of degree of polymerization N in this 

highly entangled melt is dictated by a molecular friction factor, ζ, manifesting the “drag” 

that the chain experiences due to local inter- and intra-molecular interactions: 

; Ne is the average degree of polymerization between entanglements 

and T is the absolute temperature.
18

  When the chains are short and unentangled, the 

relaxation time of a chain is Ro ζN/T. 

In the A/B polymer/polymer mixtures virtually nothing is understood about the 

dynamics of chains at the free surface in relation to the bulk.  This kind of information 

may uniquely be extracted from X-ray photon correlation spectroscopy (XPCS) 

measurements.  Herein, XPCS is used to examine the surface dynamics of a miscible 

blend of deuterated polystyrene (dPS) and poly(vinyl methyl ether) (PVME).  The 

dynamics of capillary waves are probed at the free surface of PS/PVME blends of 

varying thickness.  These dynamics manifest the behavior of PVME chains in different 

environments in the mixture.  We show that the PVME chains exist in in two local 

environments of distinct composition: a rapid process associated with a PVME-rich 

environment at the free surface, and a second slower dynamic process, two orders of 

magnitude slower, associated with the other population of PVME in the bulk, composed 

of a higher PS composition.  The dynamics of these chains in the bulk and at the free 

surface manifest from the influence of film thickness constraints. 

 

3`2
Re )/( NNT ep

 



86 

 

6.2 EXPERIMENTAL SECTION 

6.2.1 Materials 

In this study we investigated blends of deuterated polystyrene (dPS), Mn=10,900 

(Mw/Mn = 1.05) and poly(vinyl methyl ether) (PVME), Mn=24,400 (Mw/Mn = 1.08) 

purchased from Polymer Source Inc. Thin films of thickness, H, ranging from 30 nm to 

600 nm of the polymer blends (75% dPS, 25% PVME) were prepared by spin-coating 

from a toluene solution onto pre-cleaned silicon substrates with a native oxide layer of 

approximately 1.5 nm, measured by variable angle spectroscopic ellipsometry (VASE, 

J.A. Woollam M-2000). The substrates were rinsed in ethanol, acetone and toluene prior 

to being UV-cleaned for 3 minutes. The polymer solutions were immediately spin-coated 

following the cleaning procedure. The samples were then immediately transferred to a 

vacuum oven where the samples were annealed at room temperature for 24 hours under 

vacuum and then 18 hours at 65°C (Tg+30°C). The samples were then kept in a desiccator 

until they were measured by XPCS or VASE. 

6.2.2 Differential Scanning Calorimetry (DSC) 

The glass transition of ~5-10 mg of the pure polymers as well as the blend, were 

measured by DSC (TA Instruments Q200). Each sample was first heated to 150°C at a 

rate of 10°C/min. to erase previous thermal history. The samples were then quenched to -

100°C at 50°C/min. using a liquid nitrogen cooling system. A second heating scan from -

100°C to 150°C was then immediately carried out at 10°C/min. The Tg was determined 

from the temperature corresponding to half the complete change in heat capacity on the 

second heating scan. All DSC measurements were completed in a nitrogen atmosphere. 

6.2.3 X-Ray Photon Correlation Spectroscopy (XPCS) 

The free surface dynamics of supported polymer films were investigated using 

XPCS. The XPCS experiments were performed at beam line 8-ID-I at the Advanced 

Photon Source (APS) at Argonne National Laboratory. Details of the XPCS experiment 

are described elsewhere.
1
 We used an incident angle of 0.14°, less than the critical angle 

of 0.16° of the PS/PVME system; which was determined by x-ray reflectivity with 

incident x-ray energy of 7.5 keV. This limits the penetration of the x-ray beam to less 
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than 10 nm from the free surface.
1
 A fast x-ray reflectivity measurement was performed 

on the same spot as the dynamics measurement in order to ensure that the sample was not 

damaged during measurement by an induced surface roughness. In addition the observed 

intensity did not change more than 5% during a dynamics measurement. 

6.2.4 Variable Angle Spectroscopic Ellipsometry (VASE) 

The same sample structure (polymer blend on pre-cleaned silicon) was used with 

VASE in order to determine the wetting layer thickness. For these measurements, the 

ellipsometric angles Ψ and Δ are collected over the entire spectral range (375 – 1700 nm). 

The optical constants were obtained from a 200 nm film of each of the pure polymer 

components by fitting Ψ and Δ to a Cauchy model. For the blend films, first a Cauchy 

layer was used in order to obtain an estimate for the film thickness. Then, a three layer 

effective medium approximation (EMA) model was then used to model the blend films, 

where the optical constants of PS and PVME were fixed, but the weight fraction of PS in 

each layer and the layer thickness were allowed to vary. This allowed for obtaining a 

lower mean squared error (MSE) than fitting to a Cauchy layer for the entire film. The 

sum of all three EMA layers was verified to be approximately the same as the estimate 

found from the Cauchy model. Similarly a gradient model was applied, where the optical 

constants were allowed to follow a simple linear and exponential gradient from the 

interface to the interior, but the MSE was found to increase compared to the three layer 

model. 

 

6.3 RESULTS AND DISCUSSION 

The free surface dynamics of supported polymer films were investigated using 

XPCS through monitoring the scattering of X-rays from surface capillary waves. The 

XPCS experiments were performed at beam line 8-ID-I at the Advanced Photon Source 

(APS) at Argonne National Lab. Details of the XPCS experiment are described 

elsewhere.
21

 The XPCS measurements of the dynamics of the dPS/PVME polymer blends 

reveal the existence of two distinct relaxations.  Plotted in Figure 6.1, for various q-

vectors, are the intensity autocorrelation functions, g2(q,t): 
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g2(q,t)=1+Af(q,t)
2
       (6.1) 

for two temperatures 80°C and 90°C. 
22

 In this equation A represents the speckle 

contrast; the intermediate scattering function is:  

  (   )      [ (   ⁄ )]  (   )    [ (   ⁄ )],  (6.2) 

where r is the fraction of exponential decay from the shorter relaxation, and    

and    are the shorter and longer relaxation times, respectively.  The data in Figure 

6.1reveal that    is approximately two orders of magnitude shorter than   .  Note that in 

single component homopolymer films, only a single dominant relaxation is observed, 

reflecting the dynamics of a single component.
21, 23

 If the two modes were at similar time 

scales, only one stretched exponential would have been observed.  Therefore, the two 

relaxations reflect that the capillary waves at the free surface represent temperature 

fluctuations of two very distinct modes.  
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Figure 6.1 Measured autocorrelation function, g2(q,t), of dPS/PVME film at 3 

different q vectors at T= 90°C for (a) a 200 nm film and (b) a 60 nm film. 

Solid lines are the fittings to KWW equation, assuming that two 

relaxations (τ1 & τ2) exist (equation 2 in the main text). (c) Relaxation 

time/surface segregated layer thickness as a function of q-vector x surface 

segregated layer thickness at the free surface of dPS/PVME blend films 

for τ1 (closed symbols) and τ2 (open symbols) for various film 

thicknesses. 

We propose that the two relaxation processes revealed by the data in Figure 6.1 

represent the dynamics of two separate populations of chains, one undergoing 

translational motion in one environment and the other exhibiting ballistic, and caged, 

behavior of chains in a different environment.  This is further demonstrated in Figure 6.1 

where the relaxation time as a function of q-vector dependence also shows a two order of 
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magnitude increase for the 2
nd

 relaxation.  In this plot, the relaxation time is shown as the 

ratio of τ/d vs. the product of q// d where d is the thickness of the film. When calculating 

the viscosity of the free surface, d is the thickness of the wetting layer. It has previously 

been demonstrated by hydrodynamic theory
21, 24

 that the ratio of τ/d is proportional to the 

viscosity, η, over the surface tension, γ, (η/γ) as shown in equation 3: 

   
    (     (      )     

   )

     (     (     )      (     )      ) 
.     (6.3) 

The information in Figure 6.1 reveals the existence of two apparent relaxations, 

suggestive of polymer chains undergoing dynamics in two different environments. It is 

important to note that the PVME and PS chains are miscible at the temperatures where 

the experiments were conducted. For the materials used in our experiments, the lower 

critical solution temperature (LCST) is above 200°C;
25, 26

 much higher than the 

experimental temperatures, 90 and 100°C. Further the Tg of PVME is -35C and that of 

the PS component is 91C measured by Differential Scanning Calorimetry (DSC).  

PVME possesses a much lower surface energy than PS, 22 and 32 mN/m respectively (at 

150°C), and is well documented to reside at the free surface at concentrations in excess of 

its bulk.
27, 28

 Tentatively, we propose that the faster relaxation, representing a center of 

mass diffusive motion of the polymer chains, would be associated with the faster PVME 

chains in a PVME rich environment at the free surface. The second, slower relaxation 

would be associated with the dynamics of bulk PVME chains in an environment 

containing a higher local concentration of PS and associated with a higher local Tg. 
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Figure 6.2 The thickness of the free surface segregated layer was measured by 

ellipsometry as a function of total film thickness. (Inset) The refractive 

index is shown as a function of wavelength for the three layers in a 200 

nm film; free surface layer (blue triangles), interior (cyan inverted 

triangles), and substrate layers (maroon squares). The dashed lines 

represent the refractive index of the pure PS (red) and PVME (black) 

components. 

We now examine the conjecture regarding the PVME composition in the free 

surface region, using spectroscopic ellipsometry.
29

  We begin with the simplest model, a 

three-layer model, which assumes the existence of a thin layer mixture at the free surface 

and at the substrate; these layers are reasonably assumed to be PVME rich in comparison 

to the bulk.
30

  The optical constants of the materials were determined from ellipsometric 

analyses of pure 200 nm thick PS and PVME layers; these constants are distinct. The 

refractive indices of the pure polymers, as well as those measured for the three layers, are 

plotted in the inset of Figure 6.2 for a 200 nm blend film, for different wavelengths.   In 

the blended films, both the composition and thicknesses of the layers were modeled and 

are shown in Figure 6.2. For thick films (films thicker than 200 nm) the composition of 



92 

 

the free surface layer was found to be approximately 70% PVME, while the bulk is ~ 

25%; the margin of error is approximately 15%. Such a concentration is consistent with 

previous studies using techniques such as X-ray photoelectron spectroscopy (XPS)
27, 28

 

and variable angle spectroscopic ellipsometry (VASE).
29

  The thickness of the surface 

segregated layer is found to increase as a function of total film thickness until thicknesses 

greater than 600nm.  This suggests that the surface segregated layer composition remains 

constant, and increases in thickness, with increasing total film thickness.  Our data are 

consistent with those reported in the literature, the compositions at the free surface,
28

 and 

the thickness dependence.
31

 

The information provided by our ellipsometric measurements is consistent with 

our conjecture that the two relaxations are associated with the dynamics of PVME chains 

in two different environments. The first is associated with center of mass dynamics in a 

highly enriched PVME environment near the free surface of the film. On the other hand, 

the slower, caged dynamics is consistent with the behavior of the latter population of 

chains in a higher PS concentration with a higher local Tg.  Because, the measurement 

temperatures are close to average Tg of this region, T < 1.2Tg (Tg = 41°C), the dynamics 

follow that of caged motion.
32, 33

 While at the free surface, the dynamics of the PVME 

chains in the nearly pure environment are expected to follow center of mass, translational 

diffusion, which is observed. 

These observations are now discussed within the context of bulk dynamics of 

polymer/polymer mixtures. In a compatible A/B mixture the A and B chains experience 

different average local compositional environments, which have important consequences 

on their dynamics.  Specifically the monomer-monomer mixing of the dissimilar A/B 

segments is not random, due to the connectivity between monomers that constitute each 

chain.
20, 34

  Hence the local environment of a monomer is characterized by a self-

concentration that is different from the average macroscopic concentration of the bulk; 

the length scale is on the order of the Kuhn step length, at least close to the glass 

transition.
19, 35

 Natural consequences of the chain connectivity and local concentration 

fluctuations include the fact that the dynamics of each component of blend exhibits 

different temperature dependences.  Moreover they each experience a different, and 

distinct, local glass transition Tg
eff

.  In fact, the relaxation rates of the chains in the 
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mixtures are slower than in the pure components at the same temperature. Consequently 

the relaxation rates of the individual components are significantly different, particularly 

when there is a significant difference in the Tg’s of the pure components.   In short the 

effective friction factors eff, manifest, in part a unique local compositional environment, 

coupled with its own intra-molecular contributions are distinct. 

 

Figure 6.3 Viscosity changes as a function of total film thickness. The viscosities 

were measured at 80°C (squares) and 90°C (circles). The viscosity 

calculated from relaxation 1 is shown as the closed symbols and relaxation 

2 is shown as the open symbols. 

Using hydrodynamic theory (described by equation 3) and the thickness of each 

of the polymer layers, one can calculate the viscosity of each of the layers assuming that 

the faster relaxation is associated with the surface segregated layer and the latter with the 

polystyrene rich, interior, film. The fits, are plotted as solid lines in Figure 6.1, describe 

the data nicely for both the first and second relaxations. In addition the viscosities 

extracted from the data are plotted in Figure 6.3. First we will discuss the thickness 

dependence of the viscosity calculated from the 2
nd

 relaxation. The viscosity could only 
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be calculated for the thicker films, because when the film was 60 nm thick, the relaxation 

time is longer than could be measured using XPCS.   However the autocorrelation 

functions do not exhibit plateaus at values of unity, indicating there is another slower 

relaxation. Such a relaxation is shown in Figure 6.1. This relaxation is consistent with the 

results of others who have reported that in pure homopolymer systems (such as 

polystyrene thin films) the viscosities measured from capillary waves at the free surface 

using XPCS are independent of film thickness and are comparable in magnitude to the 

zero-shear viscosities measured using rheology.
21, 23

  Interestingly, there is significant 

thickness dependence on the viscosity of the surface segregated layer.  For this analysis, 

the thickness of the film was taken to be the thickness of the surface segregated layer 

measured by ellipsometry. Note further that if the thickness of the entire film were to be 

used, there would still be a thickness dependent viscosity.  

The viscosity of the surface segregated layer decreases by almost an order of 

magnitude between film thicknesses of 600nm and 60nm.  When the mixture is 60 nm 

thick, the surface segregated layer is on the order of Rg of the PVME molecules (Rg
PVME

 ≈ 

5.7 nm).
36

 Therefore, when thickness of the surface segregated layer is comparable to the 

size of the polymer chain, the number of inter chain entanglements is reduced; the local 

friction coefficient experienced by the PVME chains is also expected to be reduced. It 

has also been previously demonstrated that in bilayers of polymers, the dynamics of the 

top layer are significantly influenced by the modulus of the bottom layer.
37

 Therefore, 

when the film is thin, the interfacial segregation of PVME to the oxide substrate will 

influence the elastic properties of the bulk layer and therefore influence the viscosity 

measured at the free surface.  
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Figure 6.4 (a) The viscosity as a function of temperature calculated from relaxation 1 

(Free Surface) and relaxation 2 (Interior). The temperature dependence of 

the viscosity for each of the pure components are reproduced from refs 
38, 

39
. (b) Viscosity as a function of composition for the free surface (30% PS) 

and interior (75% PS) as it compares to bulk viscosity values reproduced 

from refs 
38, 39

. The symbol size is indicative of the error. 
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In order to understand how the viscosity of these layers compare to those 

measured for the bulk, the data in Figure 6.4 should be considered.  The viscosities of the 

600 nm film at the free surface (1
st
 relaxation), for the interior (2

nd
 relaxation) and the 

zero-shear viscosities of the pure PVME and PS measured by rheology are plotted.
38, 39

  It 

is clear that all of the measured viscosities fall between that of the pure components, 

demonstrating that neither the free surface or interior of the film is composed of a pure 

component.  It is noteworthy, however, that the viscosity measured for the free surface, 

using XPCS, is consistent with what one would suspect from a 70% PVME material.   

Moreover, the viscosity we extracted for interior is approximately what one would expect 

from a blend with 25% PVME; these data are plotted in Figure 6.4. 

 

6.4 CONCLUSIONS  

With the use of XPCS we studied the PVME chain dynamics at the surfaces of 

miscible thin film blends of PS and PVME of various film thicknesses.  The intensity 

autocorrelation functions provided evidence of dynamics of PVME from two separate 

environments: (1) rapid center of mass dynamics of PVME chains in an environment rich 

in PVME at the free surface; (2) PVME chains exhibiting caged, ballistic, dynamics in an 

environment with a higher PS concentration and higher local Tg in the interior of the film. 

The latter dynamics were approximately two orders of magnitude slower.  The viscosities 

extracted from the XPCS data for the two different environments are consistent with bulk 

viscosity values of samples of the same compositions when the film is thick. When the 

surface layer is on the order of Rg of the polymer chains the viscosity is depressed. These 

results reveal for the first time that insights into the surface viscosities of liquid/liquid 

mixtures strongly manifest the local composition of the mixture. 
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CHAPTER 7 
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BLEND NANOCOMPOSITES 
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7.1 INTRODUCTION 

The design and function of polymer surfaces have significant scientific and 

practical implications in diverse areas, from medicine and biology to microelectronics 

and microfluidics. Fundamental questions regarding connections between the structure 

and dynamics of macromolecules at interfaces are of interest to various interdisciplinary 

research communities. The local structure, organization of segments, of polymeric 

molecules in the vicinity of an interface, free surface or otherwise, differs from the bulk, 

due largely to local competing entropic and enthalpic interactions. The consequences of 

such interactions can be significant, as they are often responsible for changes in average 

physical materials properties such as glass transition temperatures,
1, 2

 adhesion,
3
 and 

various transport properties, from segmental dynamics
4
 to electronic carrier transport,

5
 

measured by different techniques.  Polymer nanocomposites (PNCs) represent an 

important class of materials in which polymer/nanoparticle interfacial interactions play an 

important role toward dictating the overall phase behavior and physical properties.
6, 7

 In 

PNCs, the properties of the polymer host are modified appreciably with the addition of 

small quantities, even less than a few percent, of nanoparticles (e.g.: quantum dots, 
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fullerenes, metallic nanoparticles etc.). Based on the functionality of the nanoparticle and 

that of the polymer, diverse physical properties may be achieved.   

The dynamics of polymer chains in bulk PNCs have been investigated by a 

number of authors and a reasonable understanding exists. For example, it has been shown 

that the addition of polystyrene (PS) nanoparticles to a PS host has the effect of reducing 

the viscosity of the polymer by approximately a factor of two.
8
  On the other hand the 

addition of silica and other inorganic nanoparticles to polymers has the effect of 

increasing the viscosity of melts and enhancing the mechanical properties of the material 

in the solid state.
7
 The addition of fullerenes to polymethyl methacrylate (PMMA) has 

been shown, through a series of rheological measurements, to increase the longest 

relaxation time, or equivalently, the viscosity of the PMMA chains.
9
 Quasi-elastic 

neutron scattering (QENS) studies revealed that the effect of the C60 nanoparticles on the 

dynamics occurred on a local scale; at short nanosecond time scales, an increase of the 

local friction factor of the chain was due to intermittent attractive polymer-

segment/nanoparticle interactions.
10

 Hence the longest relaxation time of the polymer, τR, 

and therefore the viscosity increased. More recently we demonstrated that the PS chain 

relaxations could be influenced significantly with the addition of polystyrene brush-

coated nanoparticles to PS polymer hosts.
11

 Control of the volume fraction of NPs, the 

brush length of the grafted PS chains relative to the host chain length, enabled the 

relaxation times to increase, or decrease, by up to an order of magnitude.  

Miscible A/B polymer/polymer blends are compositionally heterogeneous due to 

effects associated with self-concentrations, due to monomer connectivity, and to 

thermally induced composition fluctuations.  The A and B type chains each experience a 

different local composition.  Moreover they each experience a distinct local Tg and 

temperature dependent dynamics that is similar to their pure components, as revealed by 

broadband dielectric spectroscopy
12, 13

 and molecular tracer diffusion measurements.
14

  

While these techniques provide information about the dynamics of individual 

components, techniques such as rheology
14, 15

 and X-ray photon correlation spectroscopy 

(XPCS)
16

 provide information about relaxations that enable determination of the viscosity 

of blends. 
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Of particular interest in the paper is the manner in which nanoparticles influence 

the surface dynamics, or surface viscosity, of a polymer nanocomposite composed of a 

miscible polymer/polymer blend and brush-coated nanoparticles. By way of context we 

note that in miscible A/B polymer/polymer systems the free surface composition is 

generally dominated by the lower cohesive energy density component, in comparison to 

its bulk concentration; this reduces the overall free energy of the system.
17, 18

 While, 

notably, much is understood about surface directed spinodal decomposition and wetting 

transitions in miscible blends, dating back nearly 20 years, only very recently were 

reliable and direct measurements of the free surface dynamics of polymer mixtures 

achieved.
16

 X-ray photon correlation spectroscopy (XPCS) was used to show that in a 

miscible blend of PS and poly vinyl methyl ether (PVME),
16

  the surface relaxations of 

the blends were characterized by two separate time-scales: a rapid process associated 

with a PVME-rich environment, and a second dynamic process, two orders of magnitude 

slower, associated with polymer chains in a local compositional environment appreciably 

richer in PS.  In this paper we report the effect of PS brush coated gold nanoparticles on 

the surface dynamics of the PVME chains in a PS/PVME/PS-Au nanocomposite 

measured by XPCS. Our primary finding is that in the nanocomposite, the dynamics are 

shown, remarkably, to be nearly an order magnitude faster than those of the neat 

PS/PVME blend, suggesting that the surface properties of the nanocomposite remain 

significantly more fluid than the neat blend.  The dynamics of the surface are otherwise 

similar to those in the neat blend; the polymer chain relaxations manifest the influence of 

two significantly different average compositional environments. 

7.2 EXPERIMENTAL SECTION 

7.2.1 Materials 

 In this study we investigated blends of deuterated polystyrene (dPS), Mn=10,900 

g/mol. (Mw/Mn = 1. 09) and poly(vinyl methyl ether) (PVME), Mn=24,400 g/mol. (Mw/Mn 

= 1.2) purchased from Polymer Source Inc. The polymers were blended in a ratio of 75 

wt. % dPS and 25 wt. % PVME. Polystyrene grafted gold nanoparticles were also 

incorporated into the polymer blends at 4 wt. % Au.  
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7.2.2 Sample Preparation & Storage 

Two types of thin films were prepared and examined for this study.  In the first, 

thin films of the polymer blends (75% dPS, 25% PVME) were prepared by spin-coating 

from a toluene solution onto pre-cleaned silicon substrates with a native oxide layer of 

approximately 1.5 nm, measured by variable angle spectroscopic ellipsometry (VASE, 

J.A. Woollam M-2000).  The substrates were cleaned by washing with ethanol, acetone 

and toluene and were then treated with UV-Ozone. The substrates were rinsed in ethanol, 

acetone and toluene prior to being UV-cleaned for 3 minutes. The polymer solutions were 

immediately spin-coated following the cleaning procedure. The samples were then 

immediately transferred to a vacuum oven where the samples were annealed at room 

temperature for 24 hours under vacuum and then 18 hours at 65°C (Tg+30°C). The 

samples were then kept in a desiccator cabinet until they were measured by XPCS or 

VASE. After the measurements were completed, the samples were verified to be smooth 

and continuous by optical microscopy and atomic force microscopy in order to confirm 

the films did not dewet from the substrate. The second class of thin films was polymer 

nanocomposites (PNCs).  PNC films were prepared by adding 4 wt. % (~0.2 vol. %) Au 

NPs to the polymer solution prior to spin-coating. 

7.2.3 Nanoparticle Synthesis 

Gold nanoparticles (Au NPs) were synthesized using the two-phase arrested 

precipitation method reported by Brust et al.
19

 Thiol-terminated polystyrene molecules 

(PS-SH) of number-average molecular weight Mn = 1100 g/mol. (Mw/Mn = 1.12), 

purchased from Polymer Source, Inc., were then grafted onto the surfaces of the 

nanoparticles. We will refer to the surfaces grafted chains as a brush layer, throughout 

this article. The newly synthesized particles were cleaned at least 10 times using 

methanol and toluene to remove excess ligands and salts in the solution. Information 

from thermogravimetric analyses (TGA, TA 2960) of the samples, together with the 

weight fractions and densities of the gold and the ligands, was used to estimate the 

grafting densities, σ, of the nanoparticles.  

7.2.4 Nanoparticle Characterization 

The diameters of the NP cores, Dcore, and the grafted brush thicknesses, hbrush, 

were determined from scanning transmission electron microscopy (STEM, JEOL 2010F), 
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high angle annular dark field (HAADF) operated at 200 kV, images of the samples. The 

average particle sizes were determined by measuring the diameters of groups more than 

300 NPs in each image. Two sets of brush-coated nanoparticles were prepared: (1) Au(5)-

PS is a nanoparticle of Dcore = 5.1 ± 1.2 nm, N = 10, σ = 2.1 chains/nm
2
; and (2) Au(2)-

PS is a nanoparticle of Dcore = 2.2 ± 0.45 nm, N = 10 and σ = 1.9 chains/nm
2
. 

7.2.5 Nanoparticle Distribution 

The film morphology and distributions of nanoparticles in these PNCs were 

determined using a combination of STEM and dynamic secondary ion mass spectrometry 

(DSIMS). The samples examined using STEM were prepared first by spin-coating 

solutions onto glass slides and then floating the film from the slide using deionized water. 

These films were then transferred onto Si3N4 grids and subsequently dried by vacuum 

annealing at 65°C for 16 hours. DSIMS measurements, performed at University of 

California Santa Barbara by Tom Mates, using a Physical Electronics 6650 Quadropole 

instrument, were used to determine the depth profile of Au within the PS films.  

7.2.6 Calorimetry Measurements 

The glass transition of ~5-10 mg of the pure polymers as well as the blend, were 

measured by differential scanning calorimetry (DSC, TA Instruments Q200). Each 

sample was first heated to 150°C at a rate of 10°C/min. to erase previous thermal history. 

The samples were then quenched to -100°C at 50°C/min. using a liquid nitrogen cooling 

system. A second heating scan from -100°C to 150°C was then immediately carried out at 

10°C/min. The Tg was determined from the temperature corresponding to half the 

complete change in heat capacity on the second heating scan. All DSC measurements 

were completed in a nitrogen atmosphere. It is important to note that the PVME and PS 

chains are miscible at the temperatures (80°C and 90°C) where the experiments were 

conducted. For the materials used in our experiments, the lower critical solution 

temperature (LCST) is above 200°C.
20, 21

 Further the Tg of PVME is -35C and that of the 

PS component is 91C.  PVME possesses a much lower surface energy than PS, 32 and 

22 mN/m respectively (at 150°C), and resides at the free surface at concentrations in 

excess of its bulk.
22, 23
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7.2.7 XPCS Measurements 

The free surface dynamics of supported polymer films were investigated using 

XPCS. The XPCS experiments were performed at beam line 8-ID-I at the Advanced 

Photon Source (APS) at Argonne National Laboratory. Details of the XPCS experiment 

are described elsewhere.
24

 We used an incident angle of 0.14°, less than the critical angle 

of 0.16° of the PS/PVME system; which was determined by x-ray reflectivity with 

incident x-ray energy of 7.5 keV. This limits the penetration of the x-ray beam to less 

than 10 nm from the free surface.
24

 A fast x-ray reflectivity measurement was performed 

on the same spot as the dynamics measurement in order to ensure that the sample was not 

damaged during measurement by an induced surface roughness. In addition the observed 

intensity did not change more than 5% during a dynamics measurement. 

7.2.8 VASE Measurements 

The same sample structure (polymer blend on pre-cleaned silicon) was used with 

variable angle spectroscopic ellipsometry (VASE, J.A. Woollam M-2000) in order to 

determine the wetting layer thickness. For these measurements, the ellipsometric angles 

Ψ and Δ are collected over the entire spectral range (375 – 1700 nm). The optical 

constants were obtained from a 200 nm film of each of the pure polymer components by 

fitting Ψ and Δ to a Cauchy model. For the blend films, first a Cauchy layer was used in 

order to obtain an estimate for the film thickness. Then, a three layer effective medium 

approximation (EMA) model was then used to model the blend films, where the optical 

constants of PS and PVME were fixed, but the weight fraction of PS in each layer and the 

layer thickness were allowed to vary. This allowed for obtaining a lower mean squared 

error (MSE) than fitting to a Cauchy layer for the entire film. The sum of all three EMA 

layers was verified to be approximately the same as the estimate found from the Cauchy 

model. Similarly a gradient model was applied, where the optical constants were allowed 

to follow a simple linear and exponential gradient from the interface to the interior, but 

the MSE was found to increase compared to the three layer model. 

7.3 RESULTS AND DISCUSSION 

In this study we investigated the surface dynamics of supported thin films 

consisting of a miscible blend of 75% deuterated PS (dPS) and 25% PVME containing 4 
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wt. % Au nanoparticles (NPs) of different sizes (2 and 5nm diameter). The XPCS 

measurements of the dynamics of the dPS/PVME/brush-coated gold NPs polymer 

nanocomposites reveal the existence of two distinct relaxations. Details of the XPCS 

experiment are described elsewhere as well as in the methods section.
24

 Plotted in Figure 

7.1, for various q-vectors, are the intermediate scattering functions, f(q,t), determined 

from the intensity autocorrelation functions, g2(q,t): 

g2(q,t)=1+Af(q,t)
2
       (7.1) 

for experiments performed at 90°C. 
25

 In this equation A represents the speckle 

contrast and the intermediate scattering function is:  

  (   )      [ (   ⁄ )]  (   )    [ (   ⁄ )],  (7.2) 

where r is the fraction of the contribution to the exponential decay from the 

shorter relaxation; and    and    are the shorter and longer relaxation times, respectively. 
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Figure 7.1 (a) Measured intermediate scattering function f(q,t) of dPS11k/PVME  

with 4 wt% 2nm Au NPs for 3 different q-vectors at T= 90°C. Solid lines 

are the fittings to a simple exponential, assuming that two relaxations (τ1 

& τ2) exist (eq. 2 in the main text). (b) Relaxation time (τ) as a function of 

q-vector (q//) at T=90°C (circles). The black squares represent the 

relaxation time of the faster relaxation and the red circles the slower 

relaxation. 

As discussed in our previous publication, these two relaxation processes represent 

the dynamics of chains undergoing translational motion in one environment with a high 

PVME concentration and the other exhibiting significantly slower chain relaxations in a 

different environment, with a higher PS concentration.  This point is further illustrated in 
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Figure 7.1 where the relaxation time is plotted as a function of q-vector; a 2 order of 

magnitude difference between the two relaxation processes is evident.  

Because the scattering signal of polymer thin films from XPCS measurements 

conducted below the critical angle of external reflection are dominated by the relaxation 

modes of thermally induced surface capillary waves, the viscosity of the surface layer 

may be extracted based on the following. According to hydrodynamic theory the ratio τ/d 

is proportional to η/γ, where η is the viscosity γ is the surface tension, such that: 

     
    (     (      )     

   )

     (     (     )      (     )      ) 
.   (7.3) 

This equation has been successfully applied to hompolymer films, from which the 

viscosity was extracted.
24

 Under these conditions, the relaxations throughout the film are 

manifested in the relaxation spectrum measured using XPCS, in the off-specular mode.  

Hence the viscosity measured using this technique is indicative of a viscosity of the entire 

film of thickness d, as opposed to a surface viscosity.  We employ this analysis for the 

PS/PVME blend system.  However in our case, the effective film thickness, d, is the 

thickness of the surface interfacial layer.
16

 In the neat blend, this layer possesses an 

average composition that is rich in PVME, 70%, compared to the bulk, which is 25%, as 

discussed previously. Due to the high PVME concentration in this layer the surface 

viscosity is orders of magnitude smaller than that of the remainder of the film. Hence one 

may consider the surface layer to relax in a manner, with non-slip boundary conditions,
26

 

independent of the remainder of the film.  In other words, we use the approximation that 

the relaxation spectrum is representative of the surface layer dynamics, not that of the 

remainder of the film.  

The composition of the free surface region of a thin film nanocomposite blend is 

readily examined using variable angle spectroscopic ellipsometry (VASE). Moreover the 

thickness of the wetting layer, d, may be extracted. We determined that d=7.0 ± 1.0 nm in 

the nanocomposite containing the 2nm Au nanoparticles, and d=8.1 ± 1.0 nm in the other 

nanocomposite containing the 5nm Au nanoparticles.   We also learned that the effective 

concentration of PVME in the wetting layer was 80 ± 15 vol. % in both nanocomposites, 

compared to 70 ± 15 vol. % in the neat blend. These results are consistent with dynamic 

secondary ion mass spectroscopy (dSIMS) measurements, as discussed later. 
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Figure 7.2 The relaxation time normalized by the surface layer thickness d, τ/d, is 

plotted as a function of q//d for measurements of the PNC blends at 

T=80
o
C. The closed symbols represent the first relaxation and the open 

symbols represent the second relaxation process. 

The data shown in Figure 7.2, plotted as the ratio of τ/d vs. q// d, clearly illustrates 

that η/γ is proportional to τ/d.
24, 27

 These XPCS measurements were off-specular 

measurements, conducted below the critical angle (θc ≈ 0.16
o
) for the neat dPS11k/PVME 

blends (squares), at a temperature of T=80
o
C.  The faster relaxations represent the center 

of mass diffusive motions of the PVME chains in a PVME rich, 70% environment at the 

free surface, compared to 25% in the bulk, as has been previously discussed.
16

 The 

second, slower relaxation is of course associated with the dynamics of PVME chains in 

an environment containing a higher local concentration of PS and associated with a 

higher local Tg. 

The important observation is that the relaxation times of the polymer chains at the 

free surface in the nanocomposite are appreciably more rapid than those in the pure 

polymer/polymer blend, as shown in Figure 7.2.  The second relaxations in the 

nanocomposites are also more rapid than those of the polymer/polymer blend.  The 

enhanced dynamics would be consistent with the apparently enhanced fraction of PVME 

at the free surface in the PNC, compared with the neat blend.  It is important to note 

moreover that there is a particle size dependence on the dynamics at the free surface, 

which will be discussed later. 
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  The data in Figure 7.3 reveal that the viscosities extracted from the XPCS data 

are independent of film thickness.  This is not unexpected because the surface layer 

thickness is comparable in these films.  Additionally the surface region relaxes, 

approximately, independently of the remainder of the film because of the significant 

differences between the PVME composition at the free surface and in the bulk.  

 

Figure 7.3 τ/d is plotted as a function of q// d, for 3 different film thicknesses: 200nm 

(black squares), 100nm (red circles) and 50nm (blue triangles), at T= 80
o
C 

for Au/dPS/PVME blends containing (a) 2nm Au NPs and (b) 5nm Au 

NPs. 

The viscosities extracted from these data are plotted in Figure 7.4.  Notably, the 

viscosity of the neat blend is approximately equal to the zero-shear viscosity measured by 
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rheology, as has previously demonstrated.
16

 Similar observations have been documented 

for homopolymers, where the viscosity extracted from the XPCS data is equal to bulk the 

zero-shear viscosity measured using rheology.
24, 28

 This follows from the fact that the 

surface relaxation spectrum manifests the influence of the relaxations throughout the 

entire homopolymer film, for homopolymer films that are not too thin.
24

 

 

Figure 7.4  Viscosity as a function of NP diameter at 80
o
C (squares) and 90

o
C 

(circles). The viscosity calculated from relaxation 1 (closed symbols) and 

relaxation 2 (open symbols) are shown, and the viscosity of the pure 

polymer blend (which is indicated as no particles on the abscissa). 

It is clear from the foregoing that the viscosities for the nanocomposite systems 

are more than an order of magnitude smaller than those of the neat blend.  Moreover the 

viscosities of the PNC containing the 5 nm particles are a factor of 5 smaller than those 

containing the 2 nm particles. To understand these results, it is important to understand 

the following about the dynamics of miscible polymer blends.  In a compatible A/B 

mixture the A and B chains experience different average local compositional 

environments, which have important consequences on their dynamics.  Specifically 

monomer-monomer mixing of the dissimilar A/B segments is not random, due to the 

connectivity between monomers that constitute each chain.
29, 30

  The local environment of 

a monomer is characterized by a self-concentration that is different from the average 

macroscopic concentration of the bulk; the length scale is on the order of the Kuhn step 

length, at least close to the glass transition.
31, 32

 So spatially the local composition will 

vary from φself to an effective composition φeff, due to the effect of the self-concentration 
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and of concentration fluctuations. Natural consequences of the chain connectivity and 

local concentration fluctuations are that the A and B-type chains experience different, and 

distinct, local compositions and a distinct local glass transition temperatures Tg
eff

. 

Consequently the relaxation rates of the individual components are significantly different, 

particularly when there is a significant difference in the Tg’s of the pure components.  The 

longest relaxation time, L, of the dynamics of a polymer chain in a melt is dictated by a 

molecular friction factor, ζ, manifesting the “frictional drag” that the chain experiences 

due to local inter- and intra-molecular interactions. In other words the characteristic 

relaxation time of a chain is sensitive to its local composition environment. 

 

Figure 7.5 (A) The normalized depth profiles of the components, determined by 

dSIMS, of the nanocomposite containing 4wt% of the 2nm Au 

nanoparticles is shown here.  (B) The depth profiles of Au in both 

nanocomposites are plotted. 
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Having discussed the dynamics in miscible blends and the effect of a free surface 

on the dynamics of a mixture we now turn to the question of the surface dynamics of 

polymer chains in polymer nanocomposites. We have shown that these nanoparticles 

exhibit a tendency to preferentially migrate to free surfaces of homopolymers and 

polymer blends,
6, 33, 34

 where they modify the composition of the surface region. The 

depth profiles (Figures 5a and 5b), determined using secondary ion mass spectroscopy 

(SIMS), indicate that the brush-coated gold nanoparticles preferentially enrich the 

interfaces of both nanocomposites. Because the resolution of the SIMS experiment is 

smaller than the thickness of the wetting layer, quantitative arguments on the size and 

composition of the wetting layer cannot be gleaned from these results. Nevertheless it is 

evident from the H-profile in Figure 5A that there may be an excess of hydrogen at the 

free surface; this would be consistent with excess PVME in this region. This is consistent 

with the VASE data and anticipated, due to the lower surface tension of PVME.  

The interfacial segregation of nanoparticles may be understood from the 

following. In athermal systems nanoparticles migrate to interfaces because the host 

polymer chains gain conformational entropy; this entropic gain would be mitigated by the 

loss of translational entropy of the nanoparticles, which increases with decreasing 

nanoparticle size.
35

  Van der Waals interactions between the nanoparticles and an 

interface would contribute to a preferential attraction of the nanoparticles to a substrate.
36

  

The concentration profiles of the Au nanoparticles in SIMS spectra in Figure 5B show 

evidence of the preferential segregation of nanoparticles to both interfaces.  The 

segregation of the 5 nm diameter Au nanoparticles is more significant than that of the 2 

nm nanoparticles, due to the larger van der Waals forces associated with the larger 

nanoparticles. The free surface enrichment is also larger for the larger nanoparticle 

system, due to entropic effects.  The lower interfacial segregation exhibited by the 

smaller particles is due to the fact that the host chains experience a much lower entropy 

gain when the nanoparticles segregate to the interfaces.  Since the PVME chains possess 

a considerably lower surface energy than PS they will remain at the free surface in excess 

of the bulk, as shown in Figure 7.5.
22, 23

  

We now comment on the reason the surface dynamics are faster in the 

nanocompsite than in the neat PS/PVME blend.  There would be two reasons. First the 
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VASE measurements indicate that PVME exists at the free surface of the nanocomposites 

at larger concentrations than in the neat blend.  Larger PVME concentrations in the 

surface region would be consistent with lower surface viscosities.  The second reason is 

related to polymer brush/free chain interactions. A reduction of the viscosities of blends 

of PS/PS-brush-coated Au nanoparticles in relation to pure PS has been reported; this is 

due to a reduction of the effective friction ζ (reduction in the longest relaxation times) 

that the flexible PS chains experience in contact with these nanoparticles.
30, 31

 

7.4 CONCLUSIONS  

With the use of XPCS, we have measured the surface dynamics of miscible PS-

PVME blends. We have shown that the surface dynamics of chain segments in a polymer 

nanocomposite are significantly faster than that of the neat polymer blend. In addition the 

polymer blends exhibit polymer chain dynamics of two different time-scales of dynamics, 

which are indicative of relaxations within two very different local compositional 

environments.  These results provide a means to control the surface viscoelastic behavior 

of polymer systems, which would be useful in a range of applications involving thin 

films. 
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CHAPTER 8 

CONCLUSIONS 

 

The work outlined in this dissertation was conducted with the goal of further 

understanding how complex polymer systems influence the polymer chain dynamics in 

both the glassy and rubbery state. Systems were investigated in both the bulk state as well 

as in supported films to further the understanding of how interfaces play a crucial role in 

governing properties when a polymer is confined in thin films. In this dissertation, we 

first demonstrated that with increasing functionality star-shaped molecules exhibited 

slower structural relaxations than their linear analogs. We then demonstrated that as the 

functionality was further increased, the rate of structural relaxations eventually saturated 

at a soft colloidal like regime; while consequently as the degree of polymerization of each 

arm was increased the aging behavior would return to one akin to linear polymers. In 

chapter 5, we demonstrated that the deviation from linear-like physical aging behavior 

was strongly correlated to local elastic properties in the glass state, as measured by 

incoherent neutron scattering. Then by confining star-shaped molecules between 

interfaces, the structural relaxation behavior can significantly differ from that of the bulk, 

which is directly connected to the changes in local glass transition temperature. The role 

of interfaces on the changes in dynamics was further investigated in the case of polymer 

blends and polymer nanocomposites taking advantage of the high surface area of 

nanoparticles. 

In chapter 2, time-dependent structural relaxations, physical aging, of films, with 

thicknesses in the range 0.4 microns < h < 2 microns, of star-shaped polystyrene (SPS) 

macromolecules were investigated.  Our studies reveal that the aging rates of star-shaped 

PS macromolecules are appreciably slower than their linear chain analogs. The 

magnitude of the difference between the aging rates of the linear and star-shaped 

macromolecules increases with increasing functionality, f, and decreasing degree of 
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polymerization per arm, Narm, of the stars.  Our results are consistent with the notion that 

constraints imposed due to the architecture of the macromolecule suppress relaxations 

that accommodate the reduction of free volume of the system.  

In chapter 3, this phenomenon was shown to extend to higher f and larger Narm. In 

this chapter we address the more general question regarding the structural relaxation 

behavior of star-shaped molecules in which there is a limit to the effect of polymer 

architecture as the molecules begins to exhibit more colloid like behavior with increasing 

f, and decreasing Narm. We demonstrated that that the structural relaxation of star-shaped 

molecules exhibit a limit to the reduction in physical aging rate as the functionality is 

further increased to 32 and 64 arms. The critical functionality at which the limit occurs 

depends also on Narm. We also demonstrate that the influence of polymer architecture 

diminishes at aging temperatures close to Tg. The influences of architecture were 

understood in terms of the competition between the departure from equilibrium and the 

restriction of motions at low temperature. 

In chapter 4, the influence of temperature and the competition between driving 

force and glassy dynamics were investigated in further detail. The aging rates, were 

shown to exhibit a maxima at a threshold departure from Tg, ΔTth =Tg-Tage. ΔTth decreased 

with increasing f; and the aging rate exhibited a stronger decrease with T, with increasing 

f. Measurements of the atomic vibrations of these polymers, using inelastic neutron 

scattering, rationalize this behavior in terms of the local elastic properties and their 

correlation with the physical aging rate. 

In chapter 5, we show that the physical aging of star-shaped macromolecular 

glassy films in the thickness regime of a few hundred nanometers and thinner occurs 

significantly slower than the bulk.  The slow aging of these macromolecular systems in 

this thickness regime is understood, universally, in terms of gradients in the local glass 

transition temperature, Tg, of the films in the vicinity of interfaces.  In which case a 

gradient Tg model was employed in order to predict the thickness dependence of the 

aging rate based on the bulk aging rate and the local Tg. 

In chapter 6, we turned our attention to miscible A/B polymer/polymer mixtures. 

In the case of thin films, they form a segregated layer at the free surface, associated with 

the preferential segregation of the lower cohesive energy density component. With the 
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use of X-ray photon correlation spectroscopy (XPCS) we showed that the chain dynamics 

at the free surface of polystyrene (PS)/polyvinyl methyl ether (PVME) thin film mixtures 

can be orders of magnitude faster than in the bulk. These differences in dynamics 

manifest from differences between the local compositions of the blend at the free surface 

and the bulk, as well as film thickness constraints. 

In chapter 7, we reported an unusual phenomenon wherein the surface viscosity of 

polymer nanocomposites of PS, PVME and PS-coated gold nanoparticles (PS/PVME/PS-

Au) is over an order of magnitude smaller than that of the neat miscible PS/PVME blend.  

Our X-ray photon correlation spectroscopy (XPCS) studies of the surface dynamics also 

reveal that the polymer chains manifest dynamics associated two separate average 

compositional environments: a PVME-rich region, significantly in excess of its bulk 

concentration, and a separate PS-rich environment, where the dynamics are 

approximately two orders of magnitude slower. The unusually rapid surface dynamics in 

the PS/PVME/PS-Au nanocomposite are due largely to the excess of PVME chains and 

the polymer/brush-coated nanoparticle interactions at the free surface. 
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APPENDIX A 

MATERIALS LIST 

A.1 MATERIALS 

A list of the polymers used in this Ph.D. is displayed in Table A.1. The star-

shaped molecules were synthesized by Georgios Sekallariou of the Chemistry 

Department at the University of Athens. Some of the low functionality stars were 

purchased from Polymer Source Inc, which are indicated in the table. The remaining, 

high functionality star-shaped PS were synthesized by means of anionic polymerization 

using high vacuum techniques.
1, 2

  Excess of the living poly(styrenyl)lithium were reacted 

with the appropriate chlorosilane linking agent.
3
  Sufficient time for the coupling reaction 

has to be allowed, and the excess arm material was removed by fractionation. The linear 

polystyrene molecules used in this study of various molecular weights (not shown in the 

table below) were purchased from Pressure Chemical. 
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Table A.1 A list of the star-shaped polymers used in this study. 

Name Functionality (f)
a
 Mn

arm
 (kg/mol.)

c
 PDI

d
 

StarPS-3arm-19K* 3 19 1.03 

StarPS-3arm-109K* 3 109 1.03 

StarPS-4arm-4K* 4 4 1.03 

StarPS-8arm-10K* 8 10 1.03 

StarPS-8arm-13K 8 13 1.03 

StarPS-8arm-25K* 8 25 1.03 

StarPS-8arm-29K 8 29 1.02 

StarPS-8arm-35K* 8 35 1.01 

StarPS-8arm-42K* 8 42 1.03 

StarPS-8arm-47K* 8 47 1.03 

StarPS-8arm-57K 8 57 1.02 

StarPS-16arm-13K 16 13 1.02 

StarPS-16arm-29K 16 29 1.02 

StarPS-16arm-57K 16 57 1.01 

StarPS-32arm-9K 32 9 1.03 

StarPS-32arm-36K 32 36 1.03 

StarPS-32arm-52K 32 53 1.01 

StarPS-32arm-80K 32 80 1.01 

StarPS-32arm-140K 32 140 1.01 

StarPS-64arm-9K 64 9 1.02 

StarPS-64arm-36K 64 36 1.01 

StarPS-64arm-52K 64 52 1.01 

StarPS-64arm-80K 64 80 1.01 

StarPS-64arm-140K 64 140 1.01 

a
Functionality, f ,determined by the ratio (Mw)star/(Mn)arm. 

b
From Low Angle Laser 

Light Scattering in THF at 25 ºC. 
c
From membrane osmometry in toluene at   35 ºC. 

d
From SEC in THF at 40 ºC calibrated with linear PS standards. *Purchased from 

Polymer Source Inc. 
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APPENDIX B 

AGING EXPERIMENT 

B.1 AGING EXPERIMENTAL PROCEDURE 

1. Anneal the sample in oven for 24 hours at Tg + 30°C in a vacuum oven. 

2. Air cool in oven down to room temperature. 

3. Anneal sample in spectroscopic ellipsometer (JA Woollam, M-2000Di) heat 

stage for 30 min. at 150°C. 

i. Under nitrogen gas purge. 

ii. Use liquid nitrogen to ensure cooling rates and temperature stability. 

4. Measure the film thickness upon cooling to 25°C. 

i. Acquisition time 5 seconds. 

ii. Use high accuracy mode. 

iii. Only use the QTH lamp 

iv. Estimate the Tg of the polymer film by linear fit to the rubbery and 

glassy regions of the thickness vs. temperature curve. 

5. Without removing sample from the ellipsometer heat cell, setup aging 

temperature profile. 

6. Ramp to 40°C above Tg at 10°C/min. 

7. Hold for 30 min. 

8. Ramp to 25°C at 85C/min. 

9. Hold for 2 min. 

10. Ramp to Tage = Tg – xx, where the Tg was measured in step 4. 

11. Acquire data for 360 min. 

i. Data acquisition time 15 sec. 

ii. High accuracy mode on. 

iii. Ramp step acquisition increment = 0 sec. 
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iv. Hold step acquisition increment = 60 sec. 

B.2 FITTING TO AGING RESULTS 

The film thickness from the aging experiments described in the previous sections 

is fit in order to determine the average aging rate of the particular film. The initial zero 

time value is taken to be the time in which the temperature during the quench in step 8 

passes through the Tg of the material. The film thickness data is then fit to the following 

equation: 

 ( )      (    )          (B.1) 

where h is the film thickness, t is time, b is the approximate aging rate, t0 is the 

time shift factor, and c is the approximate initial thickness; where b, t0, and c are fitting 

parameters. Once a value for t0 is found, the time values for the aging values are shifted 

according to t0. The film thickness values are then normalized by the equilibrium value, 

this value is obtained by taking the thermal expansion coefficient of the rubbery regime, 

found in step 4 through the film thickness found during annealing at high temperature in 

step 7, to the aging temperature. The resultant values of aging time vs. normalized film 

thickness are then fit to the equation described in section 2, equation 2.2. These 

experiments are then repeated 3-5 times in order to obtain the average aging for the 

sample. 

B.3 REPRODUCIBILITY MEASURMENTS 

We extended experiments of our films for different durations and the aging rate 

was calculated from the data at numerous stages throughout the aging process.  As a 

specific example, consider the data in Figure B.1 representing linear chain PS (LPS-

152K); it was aged at ΔTage= -50°C, the lowest aging temperature investigated in this 

study.  The inset of Figure B.1 shows how the thickness of the film changed with time.  

The aging rate was calculated continuously along the slope of this line.  It is clear from 

this data that the aging rate is stable for all aging times longer than 200 minutes.  While 

the aging rate fluctuated within this time scale, it always remained within the 

experimental error of ~0.5 x 10
-4

.  Therefore, the experimental time of 360 minutes was 

more than sufficient to determine an average aging rate of the material.
1, 2

  Each 
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experiment was repeated 3-5 times to ensure the reproducibility of the results.  Our 

studies of supported polymer films (PS/SiOx, SPS/SiOx) in the thickness range 0.4 

microns < h < 2 microns reveal no dependence of aging rate on film thickness.  We 

however, note that films that are quenched in the freely standing state, exhibit thickness 

dependent aging behavior in this thickness range.
2-4

 

 

Figure B.1 The aging rate, at ΔTage = -50
o
C, is shown here for a H(T=24

o
C) = 1.1 μm 

LPS-152K film. The aging rate is determined from the slope, a typical plot 

of which is shown in the inset. 
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APPENDIX C 

GLASS TRANSITION MODEL 

C.1 GRADIENT TG MODEL 

Kim et. al., showed that a local gradient-Tg model could be used to describe the 

distribution of Tg throughout a supported thin film.
1
 This was done by dividing the film 

into infinitesimally thin layers, each with its own discrete glass transition.  It is important 

to note that the model used in the current publication is the same as the Kim model for 

LPS-152K and SPS-8-25K, and only a slight modification, which will be discussed in 

more detail later, was incorporated to account for the free surface Tg of SPS-8-10K. For a 

full description and derivation of these equations, please refer to the original paper by 

Kim and co-workers. The Kim model relies on three parameters: the glass transition 

temperature of the bulk polymer, Tg
∞
, the characteristic length which the interface 

influences the local glass transition, ξ, and a measure of the strength of the interfacial 

interaction between the polymer and the interface, k. It is important to note that ξ is not 

the thickness of the mobile layer, 2ξ is the distance from the free surface to the point in 

the film, at which the bulk Tg is recovered. Kim’s gradient model applies well to the LPS-

152K system, but the model assumes that the free surface Tg is lower than the bulk Tg, 

which is not the case in SPS-8-10K. Therefore, we used a very similar model, but 

modified the function for the free surface Tg to allow for an increase relative to the bulk. 

The only modification can be observed in equation C.6, but some of the equations are 

repeated for clarity.  

The model begins by first describing the thickness dependence of the Tg for each 

material, which are reported in a previous publication.
2
 As the Tg versus H behavior of 

LPS-152K appears to follow a growth in Tg with increasing thickness while saturating at 

infinite values, the Michaelis-Menten (M-M) function was used. This function is 

predominantly been used in enzyme kinetics, but has also been used previously to 
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describe the Tg vs. H behavior.
1
 We determined the values for Tg

∞
 and ξ by fitting the M-

M function,  

   ( )⁄      
 ⁄     ⁄       

 ⁄      (C.1). 

We fit equation C.1 to data previously published by our group on this system; Tg
∞ 

=99 °C and =2.3 nm for LPS-152K.
2
 The thickness dependence of the Tg relative to the 

bulk is shown in Figure C.1; the results of the model calculations, obtained using 

equation C.2, are overlaid. The predictions of the model are drawn as solid lines on this 

plot. It is apparent that the trends predicted by the model are entirely consistent with 

experiment. 

 

Figure C.1 The glass transition temperature is plotted as a function of film thickness, 

reported in Ref. [1] for LPS-152K (black squares), SPS-8-25K (green 

triangles) and SPS-8-10K (red circles). The solid lines represent the 

expected average Tg values based on the fitting described in the text. 

In this model, it is assumed that the film is divided into layers that are 

infinitesimally thin, each with their own Tg, denoted Lg(x). Because both the Tg of a film 

of thickness H, Tg(H), and Lg(x) are continuous and differentiable functions, the mean 

value theorem can be used to draw the local glass transition function. The average Tg of a 

film is related to the local glass transition temperatures, Lg(x), throughout the film such 

that 
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  ( )   ∫   ( )  
 

 
∫   
 

 
⁄ .    (C.2) 

Which represents a weighted average of the local glass transition throughout the 

film, where the local Tg, 

  ( )    ( )    ( )-{  ( )    ( )},    (C.3) 

where Sg(x)  and Ig(x)  are symmetric functions with respect to the film thickness 

representing the local glass transition of a layer at the free surface and substrate 

respectively. The local glass transition function was split into two symmetric functions in 

order to incorporate interactions from both interfaces. Thus a positive, negative or neutral 

interfacial interaction can be incorporated as can be seen in the following two examples 

(SPS-8-10K and SPS-8-25K). In this equation, the glass transition of a layer near the free 

surface is qualitatively represented by 

  ( )    
   (    ) (   )      (C.4) 

The function for Sg(x) is found by solving combining equations C.1-C.3 and 

solving the differential equation. The derivation is shown in detail in Ref. 2. This 

equation reflects the fact that the Tg at the free surface is lower than the interior.  As 

previously stated, Ig(x) is a symmetrical function to Sg(x) with respect to the thickness of 

the film H.  

  ( )    
  [( - )(    - )     ] (   - )    (C.5) 

In addition there is an additional term that shows up in this equation, 2k. This 

term arises to account for and control the profile at the substrate interface, for instance to 

account for H-bonding or adsorption to the substrate. In the original works by Kim et. al. 

this term was not included in the function for the free surface (Sg(x)), because all polymer 

films were assumed to exhibit a decrease in Tg at the free surface. Therefore it was not 

necessary to allow for a positive interaction with this surface.  Also, since in the linear 

chain (LPS-152K) PS/SiOx system, the local Tg at the substrate is comparable to the bulk 

Tg, and solving for Lg(x=H) = Tg
∞
, Ig(x=H) must be Tg

∞
. In order for this to be true, k = 

/2 for LPS-152K, thus accounting for a neutral interaction with the substrate. In the case 

of SPS-8-25K, the variable k is greater than /2 to allow for the local glass transition at 

the substrate to increase in accordance with observations in previous publications.
2, 3
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In the case of SPS-8-10K, there is an increase in local Tg at both the free surface 

and substrate.
2
 Since the Tg at the free surface of the SPS-8-10K macromolecule is higher 

than the interior, then for this system equation C.4, the function for the Tg of a layer near 

the free surface, must be modified to reflect this difference. Please note this is the only 

modification that is made to the Kim model, and it is only used for SPS-8-10K. Therefore 

in the case of the SPS-8-10K molecule equation C.4 is modified to also include a positive 

interaction parameter, k 

   ( )    
  [ (    )     ] (   )     (C.6) 

This modification was made in order to account for the increase in local glass 

transition at the free surface which was observed for this material measured by variable 

energy positron annihilation spectroscopy.
2
 This modification makes Sg(x) and Ig(x) truly 

symmetrical with respect to the thickness of the film for this material. The local Tg 

functions, Lg-Tg
bulk

, were calculated for 50 nm films of the polymers are plotted in Figure 

5.4 of this document.  The free surface Tg’s of the polymers were determined using 

variable energy positron annihilation lifetime spectroscopy (PALS), while the Tg’s of 

star-shaped systems, in the vicinity of the substrate, were determined from thickness 

dependent measurements of ultra-thin films and reported in previous publications.
2, 3

 The 

results from PALS along with the resulting free surface Tg’s are shown in the inset of 

Figure 5.4 of the main text. 
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