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Abstract

 

The study of dynamic relaxations in polymer chains has been one of the cornerstones of 

polymer physics research for over half a century. Increased understanding of polymer chain 

relaxations has led to the development of macromolecules for packaging, drug delivery and 

sensor applications. As the challenges for these applications have become more demanding, it is 

now necessary to tailor polymer relaxation properties in more detailed and specific ways. In this 

thesis, we investigated two methods for tailoring polymer chain dynamics: (1) manipulation of 

molecular architecture and (2) introduction of inorganic nanoparticles into a polymer host. First, 

we demonstrate that the translational dynamics in star-shaped polystyrene can be tailored to 

behave as either a linear polymer or a soft colloid through the control of the star-shaped polymer 

molecular parameters such as functionality and arm molecular weight.  

We show that this is due to entropic intermolecular interactions caused by a tunable high-

density core region close to the star branch point. Second, we show that in thin polymer films, 

the translational dynamics of the host polymer can be tailored through the introduction of 

inorganic polymer chain-end grafted particles. When these particles are well-dispersed 

throughout the polymer host, the relaxations of the host are shown to be strongly dependent on 



 

  xviii  
 

the confinement of the nanoparticles and the suppression of nanoparticle dynamics – leading to 

an order of magnitude increase in viscosity. If the particles are not well-dispersed, they are 

shown to segregate to the film interfaces and cause a region of high viscosity at the film free 

surface.  This work highlights influences of molecular architecture, confinement and interfacial 

interactions on the dynamic relaxations of polymers and illustrates how these influences can be 

used to tailor polymer properties. 
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Chapter 1 

Introduction

 

I.1 Motivation and Objectives  

 Polymers are used in a number of important technologies ranging from packaging to 

functional materials in energy and sensor applications.
1–15

 Polymers offer flexible, lightweight 

materials and cheaper manufacturing costs than presented by many inorganic alternatives. The 

next frontier of advancement in polymeric materials involves tailoring their nano-scale structure 

in order to further modify their properties. Many strategies are currently used to modify the 

properties of polymeric materials including copolymerization and blending polymers of different 

chemistry. 
16–23

Two strategies that have always been at the forefront of understanding structure 

property relationships in polymers are the manipulation of macromolecules topology and the 

addition of nanoscale fillers to a polymer host.
24–31

 

 In many polymer applications, confinement of the system to a thin film geometry is 

required or beneficial.  Studies of polymer thin film properties have revealed that a number of 

properties change upon confinement to a thin film: glass transition temperature, viscosity, and 

local density.
32–42

 There are two aspects of confinement that influence the properties of the 
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polymer host: interactions between the polymer and a solid or vapor interface and effects caused 

by geometric confinement of a polymer to film thickness on the order of the polymer radius of 

gyration. Recent simulations have probed the influences of different interfaces on the dynamics 

of polymers confined to both supported and free standing films.
37,43

 Polymer chains near the free 

surface are known to gain configurational freedom leading to increased mobility at the free 

interface due to a reduction in nearest neighbors and longer range confinement effects.
32,42,44,45

 

Near the substrate, polymer chains are known to have interactions that vary dependent upon the 

relationship of the polymer with the substrate. For monomers near weakly attractive smooth 

substrates or non-wetting surfaces, their mobility is increased by comparison to the bulk due to a 

reduced molecular caging effect.
46–49

 When attractive or specific interactions exist between 

monomers and the substrate, reduced mobility is observed and molecular packing and 

organization have been measured in some systems. 
47,49

As film thickness is decreased, the layers 

near these interfaces take on a larger fraction of the film and have a more substantial influence 

on the average film properties. 
47,50,51

Polymer chains also exhibit very different behaviors in thin 

films due to confinement effects, and substantially different behaviors may be observed when 

film thickness approaches important length scales related to the physical characteristics of the 

polymer.
52

 

 Altering the behavior of polymers for both bulk and thin film applications requires 

control of polymer behavior using a variety of different parameters. One polymer property that 

allows for unique control of polymer behavior is molecular architecture. Manipulation of 

polymer architecture allows control of polymer properties while maintaining the same chemical 

constituents as a linear macromolecule which opens the door for interesting, new behavior. 

53,54
The simplest branched architecture is a star-shaped molecule where by a number of linear 
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chains are connected by a single branch point. Star-shaped polymers have been known to exhibit 

interfacial behaviors that differ drastically from their linear analogs.
55–58

 These changes in 

interfacial behavior occur because of a reduced enthalpic penalty for star shaped polymers to 

adsorb to an interface and results in unique properties such as interfacial ordering, wetting, and 

changes to the glass transition temperature.
59–66

 

 Another method of modifying polymer behavior is through the addition of nanoscale 

fillers to a polymer host. The incorporation of these nanoparticles within a polymer host allows 

for material properties that are unique, and change polymer electrical, optical and mechanical 

properties.
2,26,28,29

 These polymer nanocomposite systems and their associated properties are 

dependent on dispersion of particles throughout the polymer host. This is particularly 

challenging since inorganic particles aggregate in the bulk, in order to minimize surface energy, 

leading to inhomogeneity in their effect on polymer properties. 
67–70

 This aggregation can be 

mitigated by grafting linear polymer chains to the surface of the nanoparticle, creating a brush 

layer which can enhance particle dispersion throughout the polymer host depending upon the 

interaction between the grafted brush and host chains – as well as particle size/shape. Many 

studies have been done showing an improvement in particle dispersion using this strategy; 

however, even these polymer nanocomposite films are subject to interfacial segregation of the 

particles in supported thin films.
71–73

 By manipulating brush and host chain properties, grafting 

chain density and particle size it is possible to tailor the dispersion of nanoparticles and control 

interfacial segregation.
74

   

 Previous work in our group has shown that a number of properties in both star-shaped 

polymer and polymer nanocomposite systems change upon confinement. Star-shaped polymers 

have been studied extensively and exhibit a transition from behavior resembling linear chains to 
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that of a soft colloid as the macromolecular parameters of the polymer are changed.
55,75

 This 

change extends to wetting,
56

 aging,
57

and the glass transition temperature of these systems when 

confined to a thin film.
58

 The first part of this thesis will involve an investigation of how the 

translational dynamics of star-shaped polymers in the bulk influence the transition from 

polymeric to colloidal behavior in these polymers. The second part of this work will explore the 

influences of both confinement and interfacial segregation on dynamics in polymer 

nanocomposite films with grafted particles and linear host polymer chains. These two 

components will then be used to provide some insight into polymer nanocomposite systems of 

grafted particles with star-shaped polymer hosts. This research highlights how molecular 

topology and the addition of inorganic components can substantially influence the dynamics of 

host polymers when confined to a thin film.  

   

I.2 Background  

I.2.1 Dynamics in Star-shaped Polymers 

A star-shaped macromolecule is composed of a branch point unto which f chains, each of 

molecular weight per arm Ma, are covalently bonded. Due to the entropic restrictions associated 

with the attachment of molecules to the branch point, the density of chain segments is highest in 

the central core region and decreases toward the ends of the arms where the chain segments have 

the largest configurational freedom.
76,77

 The radius of the central core region 𝒓𝒄 increases with 

the functionality as 𝒓𝒄 ∝ 𝒇𝟏/𝟐. The segments that compose the outer regions of the molecule, the 

corona, are able to relax freely and intermix with segments from other molecules, filling space.
78

 

For stars with high functionalities and sufficiently short arms, entropic repulsions  are 
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responsible for the emergence of structural order,
58,79–86

 wherein the stars exhibit a tendency to 

“pack” like soft particles.  

 

 

The dynamics of unentangled linear chains are well described by the Rouse model where 

the diffusion coefficient D is inversely proportional to the molecular weight M of the chain, 

because the friction coefficient is proportional to the chain length.
87–89

 For highly entangled 

linear polymer melts, the Reptation model, and experiment, describes the translational diffusion 

of the polymer host chains. In this model, entanglements with neighboring chains restrict the 

chain to a virtual tube. In order for the chain to move through these obstacles, it must reptate 

through this virtual tube along its contour length. This model indicates that the translational 

diffusion coefficient is proportional to M
-2

.
90,91

  

For long-arm, low-functionality, entangled, star-shaped macromolecules, the center of 

mass motion is  facilitated by an arm retraction mechanism, wherein the arm of a star-shaped 

macromolecule moves along the primitive path within a “tube” toward the branch point.
92–95

 

Here diffusion is much slower – as the arm retraction process is entropically unfavorable – and 

depends exponentially on the length of the arm Ma. The segments of the arms near the free ends 

relax much faster than segments in the core region of the star;
96,97

 this behavior and the much 

Figure I.1: Schematic representation of star-shaped polymers as functionality is increased 
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slower center-of-mass dynamics of the chains are responsible for a hierarchy of length-scales and 

time-scales that characterize the dynamics of star shaped polymers. 

Milner and McLeish,
98,99

 in a quantitative model describing the dynamics of entangled 

star-shaped macromolecules, showed that the free end of an arm makes excursions along the 

primitive path a fractional distance s, subject to a potential Ueff(s) described by: 

 

  𝑼𝒆𝒇𝒇(𝒔) =
𝟏𝟓𝑴𝒂

𝟒𝑴𝒆

𝟏−(𝟏−𝒔)𝟏+𝜶[𝟏+(𝟏+𝜶)𝒔]

(𝟏+𝜶)(𝟐+𝜶)
     (1)  

  

The exponent α is related to the dilution exponent used to account for dynamic dilution effects 

on the entanglement network. The relaxation time τ(s) used in the Milner-McLeish (MM) model 

has two components: an activated relaxation time dependent upon Ueff(s), 𝝉𝒍𝒂𝒕𝒆(𝒔), and a 

relaxation time 𝝉𝒆𝒂𝒓𝒍𝒚(𝒔) related to early time, “Rouse retraction,” of the arm free end before it is 

influenced by the restriction of the branch point. Quantitatively, 

 

   𝝉(𝒔) ≈
𝝉𝒆𝒂𝒓𝒍𝒚(𝒔)𝐞𝐱𝐩 [𝑼𝒆𝒇𝒇(𝒔)]

𝟏+𝐞𝐱𝐩 [𝑼𝒆𝒇𝒇(𝒔)]
𝝉𝒆𝒂𝒓𝒍𝒚(𝒔)

𝝉𝒍𝒂𝒕𝒆(𝒔)

      (2) 

 

Since Ueff(s) is proportional to the ratio of the molecular weight of the arm Ma to the molecular 

weight between entanglements Me, then τ(s) depends exponentially on Ma/Me.
92–94,98

 The stress 

relaxation modulus G(t) is predicted to depend on τ(s) such that: 

 

   𝑮(𝒕) = 𝟐𝑮𝑵 ∫ 𝒅𝒔(𝟏 − 𝒔)𝜶𝟏

𝟎
𝐞𝐱𝐩 [−

𝒕

𝝉(𝒔)
]     (3) 
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and the frequency dependent complex modulus G*(ω) is: 

 

   𝑮∗(𝝎) = 𝟐𝑮𝑵 ∫ 𝒅𝒔(𝟏 − 𝒔)𝜶 −𝒊𝝎𝝉(𝒔)

𝟏−𝒊𝝎𝝉(𝒔)

𝟏

𝟎
    (4) 

 

While the Milner-McLeish model provides a good description of the viscoelastic moduli 

G’(ω) and G’’(ω) for low functionality entangled stars,
100,101

 it is, or course, not successful at 

describing the behavior of high functionality star polymers,  due to effects associated with the 

size of the core
79–81,100,102–105

 and associated entropic effects, not specifically addressed by the 

theory.  

As functionality is increased to a very large number of arms, 𝒇 > 𝟐𝟒, the size of the core 

becomes large enough that it is possible to observe the emergence of a second relaxation process 

at time scales longer than that associated with the arm retraction mechanism. As functionality is 

further increased, this relaxation becomes more distinct and has been related to cooperative 

rearrangements of the cores of these macromolecules – similar to the behavior of a colloidal 

system. For short arms, these effects become much more pronounced, and the transition from 

behavior of low functionality, entangled to high functionality, unetangled  stars is currently the 

subject of great research interest.
55,57,75,81,82

 

 

I.2.2 Dynamics in Polymer Nanocomposites 

Polymer nanocomposites involve the addition of nanoscale fillers to a polymer host and 

have been the source of research interests for several decades due to the wide range of 

improvements provided by adding inorganic particles to a polymer host. The properties of both 
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components, as well as interactions between them, can yield changes to thermal, mechanical and 

dynamic properties of the system. Controlling dispersion of these nanoparticles within the 

polymer host is thereby paramount to control of properties throughout the system. One strategy 

commonly employed to achieve NP dispersion throughout a PNC is to graft polymer chains onto 

the NP surfaces.
74,106–114

 A number of parameters contribute to the overall morphology of the 

PNCs: the surface chemistry of the NPs, grafted chains and polymer host chains, the degree of 

polymerization of grafted and host chains, the NP surface grafting densities 𝝈, the 

thermodynamic interactions between the grafted and host chains,
115

 as well as the size and shape 

of the nanoparticles . Intermixing between the grafted and free host chains may be controlled 

through changes in key physical parameters. In the simple case where, chains of degree of 

polymerization N grafted on a flat surface, mixed with free chains of identical 

chemistry (𝐅𝐥𝐨𝐫𝐲 − 𝐇𝐮𝐠𝐠𝐢𝐧𝐬 𝐢𝐧𝐭𝐞𝐫𝐚𝐜𝐭𝐢𝐨𝐧 𝐩𝐚𝐫𝐚𝐦𝐞𝐭𝐞𝐫 𝝌 = 𝟎), but of degree of 

polymerization P, transitions between the situation in which strong mixing occurs between the 

grafted and free chains (the so-called wet to dry brush condition) and that where limited mixing 

(dry-brush) occurs is dictated by the condition:
109

 

 

𝝈√𝑵 = (𝑵 𝑷⁄ )𝟐                (5) 

In bulk PNCs with low NP concentrations, the dynamics of the NPs are strongly 

impacted by their size with respect to the host polymer chains and by interactions between the 

grafted polymer chains and host polymer chains. In cases where the particle radius is much larger 

than the equilibrium polymer coil size or the characteristic entanglement mesh, the dynamics of 

the particles have been shown to be dictated by the classical Stokes-Einstein (SE) equation.
36,116–

121
 When the particle size is less than the characteristic entanglement mesh, faster particle 
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dynamics than predicted by the SE prediction have been observed both experimentally and 

computationally.
116–118,122

  

In the non-continuum regime, particles have been shown to exhibit anomalous behavior 

which can generally be categorized as either subdiffusive (related to restricted or hindered 

translational dynamics) or hyperdiffusive (related to a response to internal stress 

relaxation).
123,124

 The diffusion of a particle in a Newtonian fluid as described by Stokes-Einstein 

equation can be described by a mean squared displacement of which increases with time as 

〈𝑥2(𝑡)〉 ∝ 𝑡𝛼; 𝛼 = 1. When the particles are substantially constrained, the particles exhibit 

subdiffusive behavior due to crowding where 0 < 𝛼 < 1. Hyperdiffusive behavior is observed 

when 𝛼 > 1 and is observed in colloidal gels, entangled polymer systems close to the glass 

transition temperature, and some entangled polymer systems when the particles are close to the 

size of the entanglement mesh. 

With regard to the dynamics of the host chains of a PNC, the situation depends on 

whether the host chains are entangled or unentangled. For the simplest case, where 𝝌 = 𝟎 and 

the grafted particles are dispersed throughout an unentangled host, the translational dynamics of 

the host chains are fast compared to the neat polymer host, whereas the dynamics decrease 

compared to the neat host when the grafted chain lengths are long compared to the entanglement 

molecular weight. 
125,126

 Regarding the segmental dynamics of the host chains in the bulk, the 

grafted-host chain interactions can lead to increases or decreases in relaxation time by several 

orders of magnitude at low concentrations. In the case of a brush layer where the host chains 

strongly interpenetrate the grafted layer, the segmental relaxation time of the host increases by 

almost an order of magnitude over the behavior of the neat homopolymer chains.
127

 When the 

host chains do not interpenetrate the grafted chain layer as well, the particles have been observed 
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to decrease the segmental relaxation time by several orders of magnitude. This effect is mitigated 

at higher concentrations, as the particle aggregate in order to minimize surface energy. 

These parameters provide several mechanisms through which the dynamics of the 

polymer host can be tailored through control of concentration, particle size, particle shape and 

brush layer interactions.  

   

I.2.3 Dynamics in Polymer Thin Films 

Polymer thin films have been shown to exhibit very different properties from their bulk 

analogs, and this allows them to have many applications ranging from coating to drug delivery 

technologies.  A major source of difference between polymer properties in thin films versus the 

bulk is the increased importance of interfacial interactions. Interfaces have a strong influence on 

which are both directly adjacent to them as well as monomers 10s of nanometers into the film 

due to specific substrate-monomer interactions and molecular packing/organization 

respectively.
128

 It should be noted that monomer dynamics and density are heterogeneous as a 

function of depth throughout the film, and as a consequence monomer density does not directly 

correlate with local monomer dynamics.
47,129,130

 These effects are particularly evident when 

considering the influences of free volume and local organization on the dynamic behavior of 

polymer chains. 

 The influence of interfacial interactions on polymer dynamics becomes more substantial 

as film thickness is decreased. For very thin films, the film is mostly composed of interfacial 

layers which force a cut-off of bulk relaxation modes.
57,131

 The influence of interfacial behaviors 

on the glassy dynamics (𝑇 < 𝑇𝑔) of polymer films becomes more substantial as temperature is 
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decreased.
57,131

 Regarding behavior near the free surface, the dynamics in this region becomes 

similar to the bulk once the temperature is increased substantially above the glass transition.
48

 

The dynamics of polymer chains near the substrate are also strongly dependent upon the 

smoothness of the substrate and thermodynamic interactions between the polymer chains and the 

substrate. For smooth films, the dynamics of the polymer chains are shown to become faster as 

film thickness is increased, while these effects are mitigated for rough films.
129,130

 If there are 

strong, specific interactions between the polymer and the substrate, the dynamics of the polymer 

host chains can be slowed substantially by comparison to polymers which have non-specific 

interactions. The local behavior of polymers near interfaces is a primary influence when 

considering the changes to polymer structure and properties upon confinement to a thin film and 

opens the doors for their use in many new applications.  

 In this thesis, we explore two different methods of altering polymer dynamics: the 

manipulation of molecular architecture to control translational dynamics in star-shaped 

polystyrene and the different influences of polymer chain-end grafted gold nanoparticles on the 

dynamics of poly (2-vinyl pyridine) confined to a supported film. Our study of star-shaped 

polymers explores the influence of star-shaped polymer molecular parameters (functionality and 

arm molecular weight) on the transition from translational dynamics associated with an arm 

retraction mechanism to a more cooperative relaxation process associated with colloidal 

behavior. In our exploration of polymer nanocomposite films, we examine the role of grafted 

brush layer-host chain dynamics on the dynamics of the host chain upon confinement to polymer 

films. We explore the role that confinement to relevant length scales in miscible polymer 

nanocomposites has on polymer host chain dynamics as well as the influence of interfacial 

interactions and surface segregation on dynamics observed in these films.  
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Chapter II 

 Dynamic Transitions in Star-shaped Polystyrene

 

Reprinted with permission from  Johnson, K. J.; Glynos, E.; Sakellariou, G.; Green, P. 

Macromolecules 2016, 49, 5669-5676. Copyright 2016 American Chemical Society. 

II.1. Introduction: 

 

Molecular topology can strongly influence the physical properties of polymers. Examples 

of physical properties include surface tension,
1,2

 the preferential segregation of branched 

macromolecules to surfaces,
3,4

 glass transition temperatures of both bulk and thin films,
5–7

 

wetting phenomena,
8,9

 physical aging,
10–12

 dynamics,
13–19

 and bulk rheological behavior.
20–22

 

Recent molecular simulations,
23,24

 together with new molecular design principles and synthetic 

strategies
25–28

 that enable molecules with tailored chemistries, controlled molecular weight 

distributions and specific molecular weights to be synthesized, have enabled a deeper 

understanding of the influence of molecular topology on the physical properties of polymers. Of 

specific interest in this paper is the rheological behavior of star-shaped macromolecules of 

varying functionalities f (number of arms) and molecular weights per arm Ma. A star-shaped 

macromolecule is composed of a branch point unto which f chains, each of molecular weight per 

arm Ma, are covalently bonded. Due to the entropic restrictions associated with the attachment of 
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molecules to the branch point, the density of chain segments is highest in the central core region 

and decreases toward the ends of the arms where the chain segments have the largest 

configurational freedom.
29,30

 The radius of the central core region 𝑟𝑐 increases with the 

functionality as 𝑟𝑐 ∝ 𝑓1/2. The segments that compose the outer regions of the molecule, the 

corona, are able to relax freely and intermix with segments from other molecules, filling space.
31

 

For stars with high functionalities and sufficiently short arms, entropic repulsions  are 

responsible for the emergence of structural order,
7,12,21,22,32–36

 wherein the stars exhibit a 

tendency to “pack” like soft particles. These structural effects are manifested in the physical 

properties of stars-wetting, thin film glass transition temperatures and the glass transition – 

particularly with functionalities, greater than approximately 4 – 6.  

The translational diffusion of macromolecules is strongly dependent on molecular 

topology. The dynamics of unentangled linear chains are well described by the Rouse model 

where the diffusion coefficient D is inversely proportional to the molecular weight M of the 

chain, because the friction coefficient is proportional to the chain length.
37–39

 For highly 

entangled linear polymer melts the Reptation model, and experiment, indicates that the 

translational diffusion coefficient is proportional to M
-2

.
40,41

  For long-arm, low-functionality, 

entangled, star-shaped macromolecules, the center of mass motion is enabled by an arm 

retraction mechanism, wherein the arm of a star-shaped macromolecule moves along the 

primitive path within a “tube” toward the branch point.
42–45

 Here diffusion is much slower – as 

the arm retraction process is entropically unfavorable – and depends exponentially on the length 

of the arm Ma. The segments of the arms near the free ends relax much faster than segments in 

the core region of the star;
46,47

 this behavior and the much slower center-of-mass dynamics of the 
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chains are responsible for a hierarchy of length-scales and time-scales that characterize the 

dynamics of star shaped polymers. 

Milner and McLeish,
48,49

 in a quantitative model describing the dynamics of entangled 

star-shaped macromolecules, showed that the free end of an arm makes excursions along the 

primitive path a fractional distance s, subject to a potential Ueff(s) described by: 

 

  𝑈𝑒𝑓𝑓(𝑠) =
15𝑀𝑎

4𝑀𝑒

1−(1−𝑠)1+𝛼[1+(1+𝛼)𝑠]

(1+𝛼)(2+𝛼)
     (1)  

  

The exponent α is related to the dilution exponent used to account for dynamic dilution effects 

on the entanglement network. The relaxation time τ(s) used in the Milner-McLeish (MM) model 

has two components: an activated relaxation time dependent upon Ueff(s), 𝜏𝑙𝑎𝑡𝑒(𝑠), and a 

relaxation time 𝜏𝑒𝑎𝑟𝑙𝑦(𝑠) related to early time, “Rouse retraction,” of the arm free end before it is 

influenced by the restriction of the branch point. Quantitatively, 

 

   𝜏(𝑠) ≈
𝜏𝑒𝑎𝑟𝑙𝑦(𝑠)exp [𝑈𝑒𝑓𝑓(𝑠)]

1+exp [𝑈𝑒𝑓𝑓(𝑠)]
𝜏𝑒𝑎𝑟𝑙𝑦(𝑠)

𝜏𝑙𝑎𝑡𝑒(𝑠)

      (2) 

 

Since Ueff(s) is proportional to the ratio of the molecular weight of the arm Ma to the molecular 

weight between entanglements Me, then τ(s) depends exponentially on Ma/Me.
42–44,48

 The stress 

relaxation modulus G(t) is predicted to depend on τ(s) such that: 

 

   𝐺(𝑡) = 2𝐺𝑁 ∫ 𝑑𝑠(1 − 𝑠)𝛼1

0
exp [−

𝑡

𝜏(𝑠)
]     (3) 
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and the frequency dependent complex modulus G*(ω) is: 

 

   𝐺∗(𝜔) = 2𝐺𝑁 ∫ 𝑑𝑠(1 − 𝑠)𝛼 −𝑖𝜔𝜏(𝑠)

1−𝑖𝜔𝜏(𝑠)

1

0
     (4) 

 

While the Milner-McLeish model provides a good description of the viscoelastic moduli 

G’(ω) and G’’(ω) for low functionality entangled stars,
16,20

 it is, or course, not successful at 

describing the behavior of high functionality star polymers,  due to effects associated with the 

size of the core
20–22,32,50–53

 and associated entropic effects, not specifically addressed by the 

theory.  

The majority of experimental work on star polymers has been dedicated to entangled, low 

functionality molecules, where the Milner-McLeish model provides an adequate description of 

the dynamics. Relatively little emphasis has been placed on the study of short-arm, high 

functionality star polymers
23,32,33

, whose dynamics are not described by the Milner-McLeish 

model. Recent simulations
23,33

  and experiments
7,12

 suggest evidence of a transition from chain-

like to colloid-like behavior for star polymers with functionalities as low as f=6 with sufficiently 

short arms. To further explore this transition we performed oscillatory shear measurements to 

develop deeper insight into the behavior of star polymers possessing a wide range of 

functionalities - 2 ≤ f ≤ 64- and molecular weights per arm- 7 kg./mol. ≤ Ma ≤ 80kg./mol. (See 

Table 1).  Combinations of f and Ma that delineate boundaries where the mechanisms of arm-

retraction and cooperative dynamics, associated with spatial ordering of the molecules, occur are 

identified and discussed.  

II.2. Experimental Section:  
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The star-shaped polymers (Table 1) were synthesized via anionic polymerization under 

high vacuum
52,54,55

 conditions;  star polymers identified with an asterisk (*) were purchased from 

Polymer Source Inc. (Canada). The glass transition temperatures 𝑇𝑔  of the molecules were 

measured using modulated differential scanning calorimetry. The oscillatory shear rheometry 

measurements were performed using an ARES 2K FRTN1 strain-controlled rheometer (TA 

Instruments, USA) with parallel plates 8 mm in diameter. Temperature control was achieved 

using an air/nitrogen convection oven to create an inert atmosphere during measurements at all 

temperatures. Samples were pressed into disks using a Carver Press and a custom built mold. 

These samples were then placed on a bottom plate, and temperature was increased until melt 

conditions were achieved, after which the samples were compressed. After an equilibration time, 

the samples were trimmed and further compressed to a thickness of 0.5 to 1.0 mm. Before 

measurements were performed at each temperature, the samples were held for 20 to 30 min in 

order to allow relaxation of residual stresses. The thermal expansion of the plates was taken into 

account by making appropriate changes to the gap spacing as temperature was varied. 

Measurements were taken over a temperature range of 120℃ 𝑡𝑜 180℃ depending on the sample. 

Frequency sweeps varied from 200 to 0.1 rad./sec. in order to maintain stability of the samples at 

higher temperatures; the strain amplitude was kept in the linear viscoelastic regime, which was 

determined by a strain sweep at 200 rad/s for every temperature. Multiple runs were performed at 

every temperature in order to ensure the reproducibility, equilibration, and thermal stability of 

the samples for the given experimental parameters. 

 

Table II.1: Star-shaped polymer molecular parameters 

Name Functionality Ma 

(kg/mol) 

Tg 

(˚C) 
Z=

𝑴𝒂
𝑴𝒆

⁄  PDI 
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LPS-50K* 2 25,000 102.5 1.88 1.02 

SPS 4-7K 4 7,000 99.8 0.53 1.03 

SPS 4-55K 4 55,000 105.6 4.14 1.03 

SPS 4-85K 4 85,000 105.9 6.39 1.03 

SPS 8-10K* 8 10,000 82.2 0.75 1.03 

SPS 8-29K 8 29,000 90 2.18 1.02 

SPS 8-57K 8 57,000 91.9 4.29 1.02 

SPS 16-14K 16 14,000 71.3 1.05 1.02 

SPS 16-29K 16 29,000 91.1 2.18 1.02 

SPS 16-57K 16 57,000 92.8 4.29 1.01 

SPS 32-8K 32 9,000 79.9 0.68 1.03 

SPS 32-36K 32 36,000 86.3 2.71 1.03 

SPS 32-52K 32 52,000 87.7 3.91 1.01 

SPS 32-80K 32 80,000 105.4 6.02 1.01 

SPS 64-8K 64 9,000 76.8 0.68 1.02 

SPS 64-36K 64 36,000 85.7 2.71 1.01 

SPS 64-52K 64 52,000 86.6 3.91 1.01 

SPS 64-80K 64 80,000 105.2 6.02 1.01 

 

The number of entanglements per arm to 𝑍𝑎 =
𝑀𝑎

𝑀𝑒
0 , where 𝑀𝑒

0 is the entanglement molecular 

weight of an equilibrated linear chain (=13,300 g/mol),
56

 ranged from 0.5 to 6. 

In order to provide a perspective on how the size of core region with respect to the size of 

the total star we applied the scaling argument from the Daoud-Cotton model, which indicates 

that the radius of the core region scales as: 

 𝑟𝑐~ 𝑓1/2𝑙𝑝        (5) 

 

with the persistence length, 𝑙𝑝, corresponding to the size of statistical unit. The number of 

statistical units that are a part of the core region¸ N, is related to the functionality as: 

 

 𝑓~𝑁2       (6) 

 

Through equations 5 and 6 the size of the core region can be rewritten as: 



 

24 
 

 

      𝑟𝑐~ 𝑁𝑙𝑝       (7) 

 

Suggesting that, the volume fraction of the core region may change substantially for polymers of 

different 𝑙𝑝, for the same Ma and f . For this scaling argument, we assume that the behavior of the 

star-shaped polymer core in the melt is similar to its behavior in a theta solvent. The radius of 

gyration of the star, Rg, while not applicable in the melt, does help provide some perspective on 

the size of the core. The radius of gyration of the star was calculated using the equation presented 

by Likos
9,57

: 

 

    〈𝑅𝑔
2〉𝑠𝑡𝑎𝑟~

3𝑓−2

𝑓2
〈𝑅𝑔

2〉𝑙𝑖𝑛𝑒𝑎𝑟     (8) 

 

 which generates a star radius of gyration dependent on both functionality and total star 

molecular weight (since the linear 𝑅𝑔 of polystyrene in a theta solvent depends on molecular 

weight as 𝑅𝑔 ∝ √𝑀𝑤).The radius of gyration of linear polystyrenes was taken from literature
58

 

and used to determine the radius of gyration of the star with equation 8. 

 

The data in Table 2 shows the radius of the core with respect to the star radius of gyration 

for the star-shaped polymers used in this study. The persistence length of polystyrene used was  

𝑙𝑝 = 0.73 𝑛𝑚. 

Table II.2: Star-shaped polymer core radius and radius of gyration 

Name rc (nm) Rg (nm) 

SPS 4-7K 1.46 3.69 
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SPS 8-10K 2.065 4.63 

SPS 16-14K 2.92 5.60 

SPS 32-9K 4.13 4.54 

SPS 64-9K* 5.84 4.56 

SPS 8-29K 2.065 7.88 

SPS 16-29K 2.92 8.06 

SPS 32-36K 4.13 9.07 

SPS 64-36K 5.84 9.12 

SPS 4-55K 1.46 10.35 

SPS 8-57K 2.065 11.05 

SPS 16-57K 2.92 11.29 

SPS 32-52K 4.13 10.90 

SPS 64-52K 5.84 10.96 

SPS 4-85K 1.46 12.86 

SPS 32-80K 4.13 13.53 

SPS 64-80K 5.84 13.60 

 

It is evident from table 2 that the core region occupies a comparatively large volume fraction of 

molecules with short arm stars, for a fixed functionality. Note that this scaling behavior is not 

reliable when the number of entanglements per arm 𝑍 < 1. The asterisk in the table denotes 

where the scaling argument fails to accurately model the core size. For these polymers, we 

assume that the core occupies nearly the entire size of the star-shaped polymer.   

 

II.3. Results & Discussion: 

 

 We observed a transition from the linear viscoelastic behavior for linear-chain and for 

low functionality star polymers, to behavior that manifests the influence of the core size -

 𝑟𝑐 ∝ 𝑓1/2- for molecules with functionalities f≥8. In order to understand this transition, the 

dynamics of an entangled linear chain polystyrene is first summarized in Figure 1, where G’ and 

G’’ are plotted as a function of frequency, and at low frequencies G’~ω
2
 and G’’~ω. The 

relaxation rate 1/τe, or frequencies ωe=1/τe, associated with the onset of entanglement effects,  
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and ωR (ωR =1/τR) associated with Reptation where are depicted.  These parameters will serve as 

a basis of comparison with those of the star polymers. In order to fit our data to the Milner-

McLeish model, we relied on a hierarchical algorithm, developed by Larson and coworkers.
59–61

 

 

 

 

 

In this algorithm, the plateau modulus, GN, and entanglement time, τe, used to achieve the fits 

were taken directly from the experimental data; the entanglement spacing, Me, and monomer size 

were assumed to be the same as linear polystyrene. Vlassopoulos and co-workers used a similar 

method to fit the Milner-McLeish model to viscoelastic data for star-shaped polybutadiene and 

polyisoprene molecules.
51
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Figure II.1: Storage and loss modulus master curves for linear 

polystyrene, Mw= 50 kg/mol. Solid and dashed lines represent 

linear viscoelastic predictions of the frequency dependent storage 

and loss moduli, respectively. The dotted vertical lines correspond 

to the relaxation frequencies ωe associated with the entanglement 

effects and ωR, associated with Reptation. The reference 

temperature is TREF=150°C. 
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It is confirmed in Figure 2 that for low functionality stars (f=4), the Milner-McLeish 

model does a good job of describing G’(ω) and G’’(ω), as expected.
48

 The plateau modulus is, 

nevertheless, slightly underestimated for the for the longest arm star polymer (Ma=85 kg/mol).  

 

 

 

As expected, the behaviors of the higher functionality stars are not appropriately 

described by the Milner-McLeish predictions.  This is illustrated in Figure 3 where the storage 

and loss moduli for the high functionality stars (f=64, 9 kg/mol < Ma < 80 kg/mol) are shown to 

exhibit an additional relaxation processes in the low frequency regime.  The relaxation denoted 

by 𝜔𝑅* is associated with the arm relaxations; it is necessarily molecular weight dependent. The 

second relaxation ωc  is identified by the intersection of the lines extrapolated from the low 

frequency values of  G’ and G’’ -in the terminal regime – and are associated with the emergence 

of a new mechanism that facilitates center of mass motion. The effect of this second process on 
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Figure II.2: Storage and loss modulus master curves for 4 arm stars. 

Closed symbols for experimental data of storage modulus; open symbols 

for experimental data of loss modulus. Red left triangles (SPS4-7K); green 

diamonds (SPS4-55K); blue triangles (SPS4-85K). Dashed curves 

correspond to MM fits for the loss modulus; solid curves correspond to 

MM fits for the storage modulus. Colors of fits correspond to the 

respective experimental data. Reference temperature is T=Tg+ 50°C. 
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the viscoelastic response is especially apparent in the plot of tan δ =G’’/G’ versus ω/ωmin (Figure 

3b), where the shoulder in tan δ is prominent. The deviation from the linear viscoelastic 

predictions increase as the arm length decreases and the functionality increases. Vlassopoulos 

and coworkers determined that the emergence of ωc, is associated with a cooperative relaxation 

process .
20–22,51

 Experiments and simulations show evidence of structural ordering of the 

macromolecules with high f and low Ma; 
7,23,30,50,52

 this is consistent with the assessment that a 

cooperative process would play an increasingly important role in the dynamics as f increases and 

the arm lengths decrease. This would be one reason the Milner-McLeish model is not applicable 

to high functionality stars. 

 

 

The transition from a purely arm relaxation process to a purely cooperative relaxation 

process is due to the increasing core fraction - rc/Rg –  and the associated tendency of the 

molecules toward structural ordering. Note further that because the core occupies a larger 

Figure II.3: a) Storage and loss modulus master curves for SPS 64-36K star shaped polymer. 

Closed symbols for experimental data of storage modulus; open symbols for experimental data 

of loss modulus. The terminal regime scaling of the storage and loss moduli are described by 

blue solid and dashed lines respectively. Reference temperature is T=Tg+50 ˚C. b) Normalized 

tanδ plotted as a function of normalized frequency. Black stars SPS 64-9K. Blue circles SPS 

64-36K. Dashed line represents normalized MM fit for tanδ. MM fit parameters: GN=4.5e5 Pa, 

τe=0.05s, Me=13.3 kg/mol. 
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volume fraction of the star with increasing f  (𝑟𝑐 ∝ 𝑓1/2), the star becomes less compliant -the 

segments in this region are increasingly stretched and have a higher packing density. This is 

responsible for the weaker frequency dependence of G’ in the low frequency range. This chain-

like to colloidal-like transition is also evident in the behavior of thin films, wetting, and 

dynamics in this range of functionalities and molecular weights.
6-12

 

The influence of changes in “packing” of the molecules with functionality is evident in 

both the shift parameters and the glass transition temperatures of these stars. The master curves 

(time-temperature superposition, TTS) of the storage and loss moduli used in this study were 

achieved through horizontal shifts. Figure 4 shows the horizontal (aT ) shift factors used to 

generate the master curves in this study. The vertical shift factors of the systems were 

independent of both functionality and arm length (bT = 1). For the stars of higher molecular 

weight, the horizontal shift factors are very similar to those of a linear polystyrene chain (WLF 

parameters of C1
g
=14.41 and C2

g
=53.60K (dark line), which are in good agreement with values 

of linear polystyrene in the literature, C1
g
=13.7 and C2

g
=50K).

62
The shift factors of these long 

arm stars appear to be largely independent of functionality (4a). However, as the arm length is 

decreased and the functionality is increased, the WLF parameters begin to differ from the 

behavior of the longer arm stars (4b). For the high functionality, short arm stars the WLF 

parameters deviate substantially from linear behavior. The value of C2
g
 increases substantially 

for these high f, low Ma stars (4c), which is indicative of a significant decrease in fragility as 

these star-shaped polymers begin to order and the intermolecular interactions have a more 

pronounced impact. As these star-shaped polymers approach the behavior of a hard colloid, it is 

to be expected that time temperature superposition would no longer be relevant as interactions in 

hard colloid systems are temperature independent. 
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 The glass transition temperatures of these star-shaped molecules exhibit distinct changes 

with f and Ma regime, as shown in Figure 5, where the glass transition temperature is plotted as a 

function of the number of chain ends/total star Mn. For very long arms, regardless of 

functionality, the behavior is similar to that of linear-chain polystyrene, as described some time 

ago by Fox and Flory.
63

  It might be anticipated that the number of chain ends per molecule 

would increase the fractional free volume, leading to a decrease in Tg. This effect would not be 

apparent for long chains, as confirmed by these data. However, it becomes significant when the 

arm lengths of the molecules are shorter; the effect is much larger for the star-shaped polymers, 

as anticipated.  Surprisingly, the decrease is not a strong function of f; in fact there is a saturation 

in the behavior with increasing f for arms of moderate lengths, Ma~Mc or greater. Moreover the 

Tgs of the shortest arms (Ma<Me) are higher than some of the molecules of intermediate arm 

Figure II.4: a) Horizontal shift factors of all stars at T=150˚C. Solid line is WLF 

Fit to data. b) Horizontal shift factors of 32 arm stars at T=150˚C. c) WLF 

parameters for 32 arm stars.  
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lengths, (see Table 1, SPS 16-14K). These behaviors are associated with the structure and 

packing of the star-shaped molecules with increasing f and decreasing Ma.  The viscosity-

temperature behavior of these molecules is less “fragile” than their high molecular weight 

analogs. Overall, this is consistent with the existence of intermolecular interactions (ordering) 

between the stars, mentioned earlier, as f increases and Ma decreases. 

 

As indicated earlier, the influence of the effects of ordering in high f star polymer melts 

has been suggested to begin for short arms at functionalities of f ≥ 6.
23,33

 to get further insight 

into this issue with regard to the dynamics of PS, we investigated the behavior of stars of f=8 and 

varying values of Ma (10 kg/mol<Ma<57 kg/mol). The data in Figure 6 reveal that while the arm-

retraction mechanism primarily determines the dynamics for the SPS 8-57K and SPS 8-29K 

molecules, the behavior of the SPS 8-10K sample is different. The storage modulus of this 

molecule, with the unentangled arms, exhibits a slightly weaker frequency dependence. While 

the core region for these moderate functionality stars is not particularly large,
21,29

 the influence of 

the core coupled with the short arms would be responsible for the increased storage modulus 

(more elastic behavior) at low frequency.  

Figure II.5: Glass transition temperature (Tg) plotted as a function of the number of 

chain ends/ total molecule Mw. Dark line represents expected behavior for linear 

chains based on Fox-Flory equation. 
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 For linear chain polymers, the critical molecular weight Mc denotes the onset of the 

effects of entanglements on the viscosity, so it might be interesting to examine the extent to 

which these parameters play a role toward determining the dynamics of star polymers, 

particularly for high f. To this end we probed the viscoelastic relaxations of stars where Ma~Mc.  

The data in Figure 7 shows the mechanical relaxations for SPS molecules of 8<f<64 where 

Ma~Mc. It is evident that for this molecular weight Mc the core region begins to influence the 

dynamics of the star center-of-mass when f≥16 (7a&b); these deviations become larger as f is 

increased and are largest when f≥64.  
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Figure II.6: Storage and loss modulus master curves for 8 arm stars. 

Closed symbols for experimental data of storage modulus; open symbols 

for experimental data of loss modulus. Grey squares (SPS8-10K); blue 

circles (SPS8-29K); green diamonds (SPS8-57K). Dashed curves 

correspond to MM fits for the loss modulus; solid curves correspond to 

MM fits for the storage modulus. Colors of fits correspond to the 

respective experimental data. Reference temperature is T=Tg+ 50°C. 
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When f=64, and the arms are short, a large fraction of the star is occupied by the core and 

intermolecular repulsions between the arms are responsible for the onset of structural order, 

reported earlier. The dynamics of these molecules is necessarily cooperative with an onset 

frequency of ωc. Evidence of the onset of this cooperative process is apparent in Figure 8, where 

deviations from arm relaxation dominated center-of-mass dynamics are observed for f ≥ 8 (8b). 

The frequency ωc associated with the cooperative rearrangements also occurs at higher values 

than the longer arm stars at Mc.  

 

Figure II.7: a) Storage modulus master curves for stars with an arm length of Ma~Mc. 

Closed symbols for experimental data of storage modulus. Black squares (SPS8-29K); 

green circles (SPS16-29K); blue diamonds (SPS32-52K); orange triangles (SPS64-

52K). Solid curve corresponds to MM fit for the storage modulus of SPS 8-29K. 

Reference temperature is T=145°C. b) Normalized tan δ with respect to normalized 

frequency. Dashed line is MM fit at Mc. MM fit parameters for all stars: Gn=4.5e5 Pa, 

τe=0.05s, Me=13.3 kg/mol. 
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The behavior described in the foregoing is summarized in Figure 9a, where f is plotted as 

a function of Ma; three regions are evident: a region where the arm retraction mechanism 

dominates, a region where cooperative dynamics are dominant, and a transitional region. The 

open symbols at low f represent star-shaped polymers undergoing arm relaxation dynamics, well 

described by the Milner-McLeish model, whereas the filled symbols identify stars that undergo 

purely cooperative dynamics.  In the transition regime, represented by the half-filled symbols, 

the dynamics do not exhibit linear viscoelastic behavior -in the low  regime, the storage 

modulus exhibits a weaker power law dependence on , G’(ω) a
 (a <2), and tan  deviates 

from the -1
. This behavior, as illustrated above in Figures 3 and 6, is indicative of contributions 

from the cooperative mechanism to the overall dynamics. However, when the core becomes 

comparable to the size of the molecule rc~Rg, the dynamics are purely cooperative, similar to the 

behavior of soft colloids. Under these conditions tan  exhibits a shoulder (see Figs. 3b 7b and 

8b). 

Figure II.8: a) Storage modulus master curves for stars with an arm length of Ma<Me. 

Red triangles (SPS4-7K); blue diamonds (SPS32-9K); orange triangles (SPS64-9K). 

Solid curve corresponds to MM fit for the storage modulus of SPS 4-7K. Reference 

temperature is T=145°C. b) Normalized tanδ with respect to normalized frequency. 

Dashed line is MM fit at Me. MM fit parameters for all stars: Gn=4.5e5 Pa, τe=0.05s, 

Me=13.3 kg/mol. 
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The boundaries between these regimes are largely determined by the size of the core 

relative to the overall size of the molecule –rc/Rg.  Based on equations 5 and 8, as well as the 

relationship between the radius of gyration and molecular weight for polystyrene in cyclohexane 

(𝑅𝑔 = 2.79 × 10−2𝑀
1

2⁄ ) 
64

, a relationship between f, Ma and  rc/Rg may be determined. 

 

 
𝑟𝐶

𝑅𝑔
√𝑀𝑎~

𝑙𝑝

0.0279
√

𝑓2

3𝑓−2
     (9)  

 

 Equation 9 was used to plot f as a function of Ma (Fig. 9b) illustrating that as the core 

fraction decreases, f exhibits a weaker dependence on Ma.  This would correspond to an 

increasing contribution of cooperativity to the overall dynamics of the molecule. The line in 

Figure 9a, dividing the region where the dynamics are purely cooperative and the transition 

region, was calculated using equation 9, and a core fraction of rc/Rg=0.7. The boundary between 

the transition region and the arm-retraction region was calculated using equation 9, with rc/Rg 

=0.23.  
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It is evident that for low functionalities the arm retraction mechanism is entirely 

responsible for translational dynamics of the molecule. At higher functionalities, and over a 

range of shorter chain lengths, the stars exhibits a high degree of structural order and the 

translational dynamics appear to be due largely to the cooperative process, reminiscent of the 

behavior of colloidal-particles.  

 

II.4. Conclusion: 

 

We showed that when the functionality of the star molecules is low the polymers exhibit 

linear viscoelastic behavior, and the dynamics are characterized by an arm retraction mechanism, 

as described by the model of Milner and McLeish.  For high functionalities and short, 

unentangled arms, the cores of the molecules occupy a substantial fraction of the molecule and 

intermolecular entropic repulsions between the stars influence the structural organization and 

hence the dynamics. For the largest functionalities and the shortest, unentangled, arms, the 

dynamics are highly cooperative.  There is a transitional regime, characterized by intermediate 

values of f and Ma, where the arm retraction process begins to be strongly influenced by the 

increasing size of the impenetrable cores; this is manifested in the emergence of the cooperative 

rearrangements associated with soft-colloid behavior.  The influence of the core region on the 

arm retraction mechanism is clear from the viscoelastic spectrum, where there is evidence of 

Figure II.9: a) Phase diagram of star dynamic behavior as a function of number 

of arms and number of entanglements per arm. Open symbols represent 

polymeric behavior (arm retraction), closed symbols represent soft colloidal 

behavior and the region enclosed by the lines -half filled symbols -represent the 

transition between the two mechanisms of dynamics.  b) Graphic description of 

how core volume fraction is represented for various f and Ma.  
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increased elasticity.  The dependence of the glass transition on molecular weight and 

functionality also manifest the changes in structure, with f and Ma.  
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Chapter III 

Confinement Effects on Dynamics in Polymer 

Nanocomposite Films

III.1. Introduction:  

The incorporation of nanoparticles (NPs) within a polymer host to form polymer 

nanocomposites (PNCs) typically has the effect introducing and changing many physical 

properties of the polymer
1
, including chain dynamics,

2–5
 mechanical,

6,7
 thermal

8,9
 and electronic 

properties,
7,10–12

 thereby rendering the material useful for diverse applications, such as  energy 

conversion, lighting, and a variety of functional environmental and biomedical purposes.
1,11,13,14

 

The properties of PNCs are largely determined by the functionalities of the polymer and of the 

NPs and their spatial distribution, together with the nano, meso, and macroscale morphologies.  

Local, microscopic and macroscopic aggregation of NPs can greatly minimize the behavior that 

may be achieved.
15–17

 One strategy commonly employed to achieve NP dispersion throughout a 

PNC is to graft polymer chains onto the NP surfaces.
18–25

 A number of parameters contribute to 

the overall morphology of the PNCs: the surface chemistry of the NPs, grafted chains and 

polymer host chains, the degree of polymerization of grafted and host chains, the NP surface 

grafting densities 𝜎, the thermodynamic interactions between the grafted and host chains,
26

 as 

well as the size and shape of the nanoparticles . Intermixing between the grafted and free host 
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chains may be controlled through changes in key molecular parameters. For the simplest case 

chains of degree of polymerization N grafted on a flat surface, mixed with free chains of 

identical chemistry, but of degree of polymerization P, can exhibit different behavior –

intermixing may be quite significant (the “wet-brush” condition) of it may be minimal (the “dry-

brush” condition) provided the following condition is met:
22

 

 

𝜎√𝑁 = (𝑁 𝑃⁄ )2                (1) 

 

With regard to the miscibility of grafted NPs of radius R in a polymer host of free chains, 

dispersion of the NPs is favored when R is comparable to, or smaller than, the radii of gyration 

Rg of the chains.
18,27

 Additionally, the condition 𝑁 > 𝑃 further favors dispersion of the 

nanoparticles.
28–31

  

 For bulk PNCs with low NP concentrations, the dynamics of the NPs are strongly 

impacted by their size with respect to the host polymer chains and by interactions between the 

grafted polymer chains and host polymer chains. In cases where the particle radius is much larger 

than the equilibrium polymer coil size or the characteristic entanglement mesh, the dynamics of 

the particles have been shown to be dictated by the classical Stokes-Einstein (SE) equation.
32–38

 

When the particle size is less than the characteristic entanglement mesh, faster particle dynamics 

than predicted by the SE prediction have been observed both experimentally and 

computationally.
33–35,39

 With regard to the dynamics of the host chains of a PNC, the situation 

depends on whether the host chains are entangled or unentangled. For the simplest case, where 

𝜒 = 0 and the grafted particles are dispersed throughout an unentangled host, the translational 

dynamics of the host chains are fast compared to the neat polymer host, whereas the dynamics 
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decrease compared to the neat host when the grafted chain lengths are long compared to the 

entanglement molecular weight. 
40,41

   

 When PNCs are confined to a thickness of nanoscale (nanometers to tens of nanometers) 

dimensions, the morphology can differ appreciably from the bulk. The NPs preferentially 

segregate to interfaces for various reasons: increased configurational freedom is gained by the 

host chains; the grafted chains suffer lower entropic losses in comparison to host chains at a free 

surface; the nanoparticles are attracted to the substrate due to van der Waals interactions.
18,42,43

 

This tendency towards interfacial segregation renders PNCs thermodynamically less stable than 

their bulk analogs.
15,44–46

 On the other hand, dispersion of the nanoparticles, and increased 

thermodynamic stability, is achieved when the nanoparticles are small compared to the Rgs of the 

chains, and the host and grafted chains satisfy a “wet” brush condition.
15,18

  

 Virtually all the research on dynamics of PNCs has focused on bulk systems; in thin films 

research has primarily been focused on pure homopolymers where the effects of confinement 

and polymer chain/external interface (substrate or free surface) interactions on chain dynamics 

have been widely reported. While the structure and morphology of PNC thin films has been well-

explored, the overall dynamics of these systems have remained largely unexplored.
47,48

 Of 

particular interest here is to understand the effect of decreasing the thickness of the PNC to 

nanoscale dimensions on the viscosity/chain dynamics.  While this is understood for pure 

homopolymer films, this question has been difficult to adequately address in nanoscale thick 

films. To accomplish this, we used x-ray photon correlation spectroscopy (XPCS) and X-ray 

standing wave based resonance enhanced XPCS to probe the dynamics of host chains and 

nanoparticles, respectively, in PNCs composed of short unentangled poly (2-vinyl pyridine) 

(N=96) chains grafted onto NPs and unentangled poly (2-vinyl pyridine) (P=44) hosts. Samples 
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that met the wet-brush condition were designed and prepared in order to understand this 

phenomenon.  A key finding is that the film thickness h together with the average separation lD 

between the NPs and the relative mobilities of the NPs are shown to strongly influence the 

viscosity/dynamics of the system under conditions of nanoscale confinement.  

 

III.2. Experimental Methods: 

 Gold (Au) nanoparticles with average size 𝑑 = 2.7 ± 1.08 𝑛𝑚 were densely grafted 

(𝛴~1.9 𝑐ℎ𝑎𝑖𝑛𝑠/𝑛𝑚2) with thiol-terminated linear P2VP chains (𝑀𝑤 = 10,000 𝑔/𝑚𝑜𝑙, PDI = 

1.1) using a one-step synthesis method.
49

 The resulting product was subjected to a rigorous 

centrifugation process which was repeated several times to remove unbound thiols and salts. The 

size of the core gold particle was determined with a JEOL 2010F transmission electron 

microscope at an accelerating voltage of 200 kV in scanning mode (STEM) using a high-angle 

annular dark-field (HAADF) detector.
15,44

 Thermogravimetric analysis was used to determine the 

weight fractions of gold and polymer ligands; measurements were taken under air environments 

on a TA2960 instrument at a heating rate of 5˚C/min. The grafting density was determined from 

the weight fraction of gold and grafted P2VP chains, the densities of the species, and the average 

volume and surface area per gold particle. The brush layer height was estimated to be ℎ𝑏𝑟𝑢𝑠ℎ =

4.86 ± 2.09 𝑛𝑚 by calculating the nearest neighbors distance between particles for ~300 pairs of 

particles. From this information, the effective particle diameter 𝑑𝑒𝑓𝑓was determined to be 

𝑑𝑒𝑓𝑓 = 𝑑 + 2ℎ𝑏𝑟𝑢𝑠ℎ = 11.07 𝑛𝑚.  

These particles were mixed in an unentangled P2VP host (𝑀𝑤 = 4,500 𝑔/𝑚𝑜𝑙, PDI = 

1.08) at a weight fraction of 2 wt% using tetrahydrofuran (THF) as a cosolvent. The mixture was 

evaporated under vacuum and resuspended in butanol. Films were prepared from this solution by 
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spin-coating onto precleaned silicon substrates with a native oxide layer of approximately 1.5 nm 

and annealed for 24 hours at 150˚C.  Neat films were prepared through the same process in the 

absence of nanoparticles. The samples were verified to be smooth and contiguous by optical 

microscopy and atomic force microscopy. The interparticle spacing was determined using the 

equation: 

𝑙𝐷

𝑑
≈ (

𝜑𝑚

𝜑
)

1

3
− 1     (2) 

 where 𝜑𝑚 = 0.638 the maximum random packing volume fraction and 𝜑 is the volume fraction 

of particles in the film.
2
 The interparticle spacing lD between core gold nanoparticles was further 

verified through an estimation of the nearest neighbor distance between ~300 pairs of particles in 

the PNC film as determined from STEM images and were found to be in good agreement. 

The glass transition temperature Tg of the films were first determined by monitoring the 

thickness of each film as it was cooled from a temperature T= 150˚C at 1˚C using a M-2000 

(J.A. Woollam Co.) variable angle spectrometric ellipsometer (VASE). Measurements were 

performed at a fixed angle of 70˚. The thickness h(T) and refractive index n(T) were determined 

by fitting the ellipsometric angles to a Cauchy/SiOx/Si model over the spectral range λ=400-1700 

nm. Measurements were kept under an inert environment by purging the sample stage using 

purified nitrogen. The Tg was identified as the intersection of extrapolated linear fits through the 

glassy and rubbery regions of the thickness vs temperature plot. The characteristics of these films 

are summarized in table 1: 

Table III.1: Nanocomposite film properties 

Sample h (nm) Tg (℃) lD  (nm) 

Au(3)P2VP96 0.5 wt% 50nm 51 75.3 103.7 

Au(3)P2VP96 2wt% 50nm 55 78.1 61.9 

Au(3)P2VP96 2 wt% 200nm 196 76.3 61.9 

P2VP 50nm 51 74.6 neat 
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P2VP 200nm 208 76.2 neat 

 

The viscosity and glass transition temperature of the bulk homopolymer were determined 

using rheometry and differential scanning calorimetry (DSC) respectively. The viscosity 

measurements were measured using an ARES 2K FRTN1 strain controlled rheometer with 

parallel plates 8 mm in diameter with a temperature controlled air/nitrogen convection oven in an 

inert environment. The bulk glass transition temperature measured using modulated DSC was 

determined to be Tg=75.1˚C.  

XPCS experiments were performed at beamline 8-ID-I at the Advanced Photon Source 

(APS) Argonne National Laboratory. The high electron density of gold by comparison to the 

surrounding polymer host allows them to be used as markers for dynamics of the polymer 

film.
50,51

 The beam dimension used was 20 × 20 𝜇𝑚2 which is less than the x-ray coherence 

length and the x-ray energy was 7.35 keV. XPCS probes dynamics at length scales of 10-10
3
 nm 

and time scales of 1-10
3
 seconds. The off-specular diffuse scattering from the neat homopolymer 

and nanocomposite films was measured with a direct illumination charge-coupled device (CCD) 

camera. Two illuminated modes were used in this study: (i) at an incident angle of 0.16°, just 

below the critical angle for total external reflection  𝜃𝑐 = 0.175° of P2VP (ii) and at an incident 

angle of 0.18°, just above 𝜃𝑐 at the “first resonance mode” where resonance enhancement of the 

electric field intensity (EFI) and resonance enhanced x-rays near the center of the film are 

intensified.
51

 The first measurement probes scattering from the thermal capillary waves at the 

polymer film free surface, while the second measurement eliminates scattering from free surface 

which improves the resolution of resonance enhanced x-rays. This enhancement in resolution 

allows for the gold nanoparticles to act as a tracer to probe dynamics in the film interior. This 

allows the use of the nanoparticles as a probe of dynamics at both the free surface and in the 
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interior of the film, and has been used previously to show the presence of both a free-surface and 

adsorbed layer in PNC films.
50,51

  

 

III.3. Results & Discussion:  

We begin by describing the spatial distribution of the P2VP grafted Au nanoparticles 

within the thin polymer film hosts. Scanning transmission electron microscopy (STEM) was 

used to image the distribution of nanoparticles throughout the films. The STEM images in Figure 

1of the distribution of gold nanoparticles suggest that the nanoparticles are well dispersed.  The 

average interparticle spacing of these nanoparticles, at 2 wt% Au, was calculated to be 𝑙𝐷 ≈

61.9 𝑛𝑚. The determination of the interparticle spacing assumed a relatively uniform 

distribution of NPs in three-dimensions; a description of how this was determined is included in 

the experimental section.
2,52

 We anticipate surface segregation to be minor based on the fact that 

the molecular parameters of the system were chosen to meet the wet-brush condition.
15 

 

 

 

Figure III.1: STEM image of polymer nanocomposite film with 2 wt% 

added nanoparticles of thickness h=50 nm. The relative particle contrast is 

associated with the relative depth below the surface; the brightest particles 

are closest to the free surface. 
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X-ray photon correlation spectroscopy (XPCS) was used to investigate the dynamics of 

the homogenous P2VPpolymer and polymer nanocomposite films; the data were analyzed using 

the hydrodynamic continuum theory (HCT). HCT, which assumes a no-slip condition at the 

polymer/substrate interface and a uniform viscosity throughout the film, enables the viscosity of 

a molten polymer film to be calculated from the XPCS data.
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The XPCS relaxation time of the surface height fluctuations of the polymer film were 

determined from the normalized intensity-intensity autocorrelation function of the coherent 

surface scattering 𝑔2(𝑞ǁ, 𝑡) is given by: 

 

𝑔2(𝑞ǁ, 𝑑𝑡) =
〈𝐼(𝑞ǁ,𝑡′)𝐼(𝑞ǁ,𝑡′+𝑑𝑡)〉

〈𝐼(𝑞ǁ,𝑡′)〉2
     (3) 

 

where  𝐼(𝑞ǁ, 𝑡′) is the scattering of the in-plane wave vector at instantaneous time t’ and dt is the 

delay time. For viscous polymers, the capillary wave dynamics are overdamped so 𝑔2(𝑞ǁ, 𝑡) may 

be described by a stretched exponential decay fit: 

 

𝑔2(𝑞ǁ, 𝑡) = 1 + 𝛽exp [−(
2𝑡

𝜏
)𝛼]     (4) 

 

where 𝛽 is the speckle contrast, 𝛼(0 < 𝛼 ≤ 1) is a stretching exponent and 𝜏 = 𝜏(𝑞ǁ) is the 

relaxation time of the surface height fluctuations. For a simple exponential relaxation, as 

observed in the homopolymer films where 𝑇 ≫ 𝑇𝑔 the exponent 𝛼 = 1. The deviation of 𝛼 from 

unity corresponds to the existence of a distribution of fluctuation time scales in the system 

contributing within the measurement window. A typical 𝑔2(𝑞ǁ, 𝑡)  for a neat 50 nm P2VP film is 

Figure III.2: a) Characteristic intensity-intensity auto correlation function of 50 

nm thick neat P2VP film at T=112˚C at a few wave vectors. b) Comparison of 

relaxation time/film thickness vs wave vector ∗ film thickness (
𝝉

𝒉
𝒗𝒔 𝒒𝒉) in neat 

polymer films of both h=50 nm and h=200 nm at T
g
+35-55. Dashed lines are fits to 

the HCT model using the bulk homopolymer viscosity. c) Viscosity as  a function 

of temperature calculated from the relaxation time vs wave vector fit for each neat 

film using the HCT model for both h=50 nm and h=200 nm by comparison to the 

bulk viscosity. 
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shown in figure 2a over a range of wave vectors. The relaxation times exhibited by all P2VP 

films were each characterized by single exponential behavior, regardless of film thickness. 

Hydrodynamic continuum theory describes the relaxation time to be dependent on the ratio of  

the viscosity 𝜂 and surface tension 𝛾:
49–52 

 

𝜏(𝑞ǁ) =
2𝜂𝑋𝑃𝐶𝑆[𝑐𝑜𝑠ℎ2(𝑞ǁℎ)+𝑞ǁ

2ℎ2]

𝛾𝑞ǁ[𝑠𝑖𝑛ℎ(𝑞ǁℎ) cosh(𝑞ǁℎ)−𝑞ǁℎ]
    (5) 

 

The viscosities of polystyrene (PS) films, calculated using this equation, has been shown to be 

independent of film thickness and equal to the bulk viscosity when ℎ > 4𝑅𝑔.
56

 The viscosities of 

our P2VP system were also found to be independent of film thickness (Fig. 2b) and equal to the 

bulk viscosity of the polymer (see Fig. 2c), as measured using rheology (see Supplemental 

Figure S1). The fact that the magnitudes of the viscosities of the films and the bulk are equal is 

not unexpected and was shown to be true for PS.
53,54

 This is reasonable largely because the film 

thicknesses are larger than the average radii of gyration Rg of the chains and the experimental 

temperatures are sufficiently higher than Tg (𝑇𝑔 + 35℃ < 𝑇 < 𝑇𝑔 + 55℃). It should be noted 

that when the polymer chains are confined to thickness ℎ ≤ 4𝑅𝑔, the viscosity is no longer 

thickness independent and manifests the effects of heterogeneous interactions associated with 

that degree of confinement. 

The relaxations measured from the surface height fluctuations and measured by XPCS 

manifest a range of relaxations, from segmental relaxations of the chains to the center of mass 

translational relaxations. In the case of the neat homopolymer films used in this study, we 

believe it is safe to assume that the relaxations at these temperatures are largely probing the 
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center of mass translational dynamics of the polymer chains. This is also corroborated by the fact 

that the stretching exponent is unity; it would otherwise be less than unity as described earlier. 

  In order to begin our discussion of the polymer nanocomposite film, we performed 

XPCS measurements on h=200 nm PNC films. These measurements reveal that the relaxations 

in the polymer nanocomposite are similar in behavior to those of the homopolymer film (both are 

well described by the HCT model). Note that the viscosity of the P2VP film is determined by the 

translational dynamics (center-of-mass motions) of the host chains; the translational dynamics of 

the chains in the PNCs are slower than that of the neat polymer due to the presence of spatially 

dispersed NPs.  This is consistent with the notion that the host chains pervade the volume of the 

longer grafted chains that relax more slowly because they are longer and they are tethered to the 

NPs.  This is evident from the data in Figs. 3a and 3b, for measurements at temperatures of T= 

Tg+35˚C and T=Tg+45˚C. The relaxations were also well described by single exponential fits, 

which is to be expected if only the translational dynamics (one dynamic process) are being 

probed.. 
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To further explore the influence of the grafted layer on the dynamics of the host polymer, 

the dynamics of the grafted nanoparticles in the interior of the film are now considered. In order 

to probe the behavior of the grafted nanoparticles and gain additional insight into the interactions 

between the particles and the surrounding polymer host, we used resonance enhanced x-rays to 

probe the dynamics of nanoparticles within the interior of the film. Because the electron density 

of gold is much higher than the surrounding polymer, this allows us to measure the dynamics of 

the gold particle exclusively in the interior. We achieve this by increasing the incident angle 𝜃 

above the critical angle 𝜃𝑐 to the first resonance mode where resonance enhanced x-rays are 

confined and intensified due to an enhancement of the electric field intensity close to the center 

of the film. This measurement is further described in the experimental section. 

 The results of these measurements in Figure 4a reveal that the particle motions are 

hindered at length scales larger than the interparticle spacing and begin to transition to diffusive 

Figure III.3: a) Comparison of the intensity-intensity 

autocorrelation function for 2 wt% PNC and neat homopolymer films 

at T=112˚C and 𝒒ǁ ≈ 𝟎. 𝟎𝟎𝟒 𝒏𝒎−𝟏 when h=200nm. b) Relaxation 

time as a function of wave vector determined for neat homopolymer 

and 2 wt% PNC films at T
g
+35℃  and T

g
+45℃. Dashed lines are 

HCT fit for the respective film. 
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behavior at length scales shorter than the interparticle spacing ( 𝑞ǁ,𝑙𝐷
≈ 0.1 𝑛𝑚−1). The  

dynamics observed at long length scales (𝑞ǁ ≤ 𝑞ǁ,𝑙𝐷
) are evidence of the role that spatial 

confinement from neighboring nanoparticles has on the relaxation behavior of nanoparticles in 

the interior, preventing diffusion of the nanoparticles over long distances. The observed 

relaxation behavior at short length scales (𝑞ǁ > 𝑞ǁ,𝑙𝐷
)  is characterized by a dependence of the 

relaxation time on the in-plane wave vector such that 𝜏(𝑞ǁ)~
1

𝑞ǁ
1.8±0.22

 , akin to a particle in a 

viscous medium.
32,57

 The dynamics across the entire measurement are well-described by a single 

exponential relaxation. 

Due to the local dynamics of the particle being well-represented by a diffusive relaxation 

mechanism, we compared the diffusion coefficient of the grafted particle to that of the Stokes-

Einstein prediction for a bare particle in a viscous polymer host. The grafted particle diffusion 

coefficient was taken from the equation: 

𝐷𝑋𝑃𝐶𝑆 =
1

2𝜏𝑞2      (6) 

 

This equation is reliable when the relaxation can be described by a single exponential relaxation 

process. This diffusion coefficient was compared as a function of temperature to the diffusion 

coefficient of a bare spherical particle with the radius of the gold core particle (𝑟 = 1.35 𝑛𝑚) 

and a bare spherical particle with the effective grafted particle radius (𝑟 = 5.5 𝑛𝑚) in the 

polymer host. The diffusion coefficient D  for these model bare particles is estimated using the 

classical Stokes-Einstein relation:
3 

𝐷𝑆𝐸 =
𝑘𝐵𝑇

6𝜋𝜂𝐵𝑢𝑙𝑘𝑟
      (7) 
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It is evident from the comparison in Figure 4b, that the diffusion coefficient of the grafted 

nanoparticles in the polymer host is smaller than that of both bare nanoparticles in the polymer 

host, over the temperature range of interest. This is expected because the brush layer, mixed with 

the host chains, would have the effect of decreasing the rate of translation of the grafted 

nanoparticle. The grafted particle also exhibits a different temperature dependence than a bare 

nanoparticle. These deviations are due to the relaxations of the brush chains that contribute to the 

particle diffusion in this local regime. These changes indicate that interactions between the 

grafted chains and the polymer host have a strong influence on the local dynamics of the host 

polymer.   

We measured  the dynamics of PNCs of varying thisknesses in order to understand the 

effect of confinement. Films with thicknesses comparable to the average interparticle spacing 

(ℎ ≈ 50 𝑛𝑚), while keeping the nanoparticle concentration and interparticle spacing constant, 

were investigated.  
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For these ℎ ≈ 50 𝑛𝑚 nanocomposite films, the translational dynamics of the host P2VP 

chains in the PNC films are substantially slowed down in comparison to the neat film (Figure 

5a). The intensity-intensity autocorrelation function at T=Tg+35℃ and T=Tg+45℃ are stretched, 

with a stretching exponent of 𝛼 ≈ 0.73 ± 0.08, suggesting a distribution of relaxation times. At 

higher temperatures Tg+55℃, the relaxation rates of the PNC and the neat P2VP film are 

comparable, whereas the relaxations of the PNC become comparatively slower, with decreasing 

T (see Fig. 5b). The slowing down of the relaxation of the polymer host chains and the 

appearance of a distribution of relaxations for temperatures, which increases as T approaches to 

the glass transition temperature of the film, is likely a manifestation of additional contributions 

of segmental relaxations from both the grafted and free chains, within the XPCS experimental 

window.  

 

Figure III.4: a) XPCS measurement of the dynamics of nanoparticles in the 

interior of the film at Tg+35℃ and Tg+45℃  in 200 nm films. Dashed line 

represents a slope of -2. b) Diffusion coefficient as a function of temperature. 

Dashed orange and blue lines represent Stokes-Einstein calculation using a 

solid particle of r = 1.35 nm and r = 5.5 nm respectively, in a film with the 

bulk homopolymer viscosity. Solid black symbols represent the calculated 

XPCS diffusion coefficient for the grafted nanoparticles from the resonance-

enhanced XPCS measurement. The dashed black line between points is a 

guide to the eye.  
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In order to determine how larger degrees of confinement to thinner films would influence 

the dynamics of the nanoparticles, we performed additional resonance enhanced x-ray 

measurements on h=50 nm thick films. We learned that the relaxation times in such films were 

temperature and wave vector independent and outside the window of our measurement. This 

observation suggests that in contrast to the thicker h=200 nm film the dynamics of the NPs in 

these 50 nm films, are suppressed substantially –virtually immobile.  

We subsequently performed XPCS measurements of films containing a much smaller 

concentration of particles, 0.5 wt%, and hence larger interparticle spacings, lD~103.7 nm. The 

Figure III.5: a) Comparison of the intensity-intensity autocorrelation function for 2 

wt% PNC and neat homopolymer films at T=112˚C and 𝑞ǁ ≈ 0.004 𝑛𝑚−1 when 

h=50nm. b) Relaxation time as a function of wave vector determined for neat 

homopolymer and 2 wt% PNC films at T=T
g
+35-55℃. Dashed lines are HCT fit for 

the respective film.  
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relaxations from the surface height fluctuations are faster than the 2 wt% nanocomposite, but 

slower than that of the neat film, as shown in Figure 6a. Moreover, the autocorrelation function 

is characterized by a single exponential - not stretched, as it was for the 2 wt% film.  The data in 

Figure 6b show the viscosities calculated using the HCT model for each of the films in this 

study. Notably, the viscosity and temperature dependence of the 2 wt%, ℎ ≈ 200 nm film, and 

the 0.5 wt% ℎ ≈ 50 nm film, are virtually identical, whereas the 2 wt% ℎ ≈ 50 nm film exhibited 

the most substantial increases –over an order of magnitude -in viscosity. This result confirms the 

notion that the combined effect of thickness and spatial nanoparticle confinement is responsible 

for the decreasing the host chain dynamics - larger deviation from bulk behavior than either 

thickness confinement or NP confinement alone.  

Recent work performed by Composto and co-workers on the influence of nanoparticle 

confinement on the dynamics of host chains in the bulk, shows that control of spatial 

confinement through the interparticle spacing and the size of the host chains can lead to 

substantial changes to the dynamics of the host chain in entangled polymer systems.
52,58,59

 They 

quantified this effect using a so-called confinement parameter IDeff=(lD-2hbrush)/2Rg, where hbrush 

is the brush layer thickness of the nanoparticle and Rg is the radius of gyration of the free host 

chains.  They demonstrated that the interparticle spacing between the nanoparticles would 

influence the translational diffusion for conditions such that IDeff<10.  For IDeff<2, the host 

chains would be entropically restricted and this would lead to a significant decrease of the 

translational diffusion coefficient, in in turn the viscosity. 
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We determined that the confinement factor for our system to be 10, suggesting that this is 

evidently not the reason for the suppression of our dynamics –increase of the viscosity. The 

substantial increase of our viscosity for inter NP separations of lD=50 nm within the h=50 nm 

thickness confinement is associated with an immobilization of NPs; the NPs are mobile in the 

thicker films. Moreover the NP brush layers would be stretched significantly beyond 

hbrush=4.86 ± 2.09 𝑛𝑚, due to the intermixing with the shorter host chains. This may be the 

reason the NP motions are restricted. Under these conditions, the dynamics of the host chains 

Figure III.6: a) Comparison of the autocorrelation function for 

neat, 0.5 wt% and 2 wt% PNC homopolymer films of 

thickness h = 50nm at T=112˚C and  𝒒ǁ ≈ 𝟎. 𝟎𝟎𝟒 𝒏𝒎−𝟏. b) 

Viscosity as a function of temperature calculated from the 

relaxation time vs wave vector fit for each nanocomposite and 

homopolymer film measured in this study using the HCT 

model. 
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would be largely suppressed because they would be mostly intermixed with the significantly 

slower relaxing tethered chains that constitute the brush layer.  This entropic restriction would be 

the reason the host chain dynamics would be much slower. When the inter NP distances are 

increased the viscosity of the film approaches the bulk value.  

 

III.4. Conclusion:  

 

 The morphologies of PNCs containing polymer brush-coated nanoparticles, where the 

chemistry of the tethered chains is identical to that of the free host chains, are dictated by the NP 

size and by the relative lengths of the tethered and free chains.  In the bulk, under wet brush 

conditions, the host chains pervade the volume of the tethered chains to a significant degree. 

Under these conditions, the tethered nanoparticles are spatially dispersed and the dynamics of the 

free host chains are slowed down, largely because the relaxation times of the tethered chains are 

longer than those of the free chains. This behavior persists to the regime of nanoscale thickness 

confinement where, as we have shown, a new mechanism ensues.  When the film thickness 

becomes comparable to the average spacing between the NPs, the NPs motions are suppressed 

and the free chains experience an entropic restriction, leading to an increase in the activation 

barriers that facilitate their translational motions.  This behavior is associated with an appreciable 

increase in the viscosity –an order of magnitude. An increase of the film thickness or an increase 

of the nanoparticle separation was sufficient alleviate this “entropic crowding,” leading a 

decrease of the viscosity. These results suggest new ways to tailor the viscosities of nanoscale 

thick PNCs, without changing molecular parameters like the chain lengths and nanoparticle core 

sizes.  
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Chapter IV 

Free Surface Dynamics in Polymer Nanocomposite 

Films

IV.1. Introduction: 

 The dynamic behavior of polymers in thin films has been a subject of research interests 

for several decades and has highlighted the importance of interfaces towards influencing the 

morphology and properties polymers in thin films. Interfacial interactions have been shown to 

substantially influence a number of polymer properties in both thin supported and unsupported 

films, including the host polymer glass transition temperature, local density, wetting and aging 

behavior.
1–5

 Dynamic behavior of polymers in thin films has been shown to change substantially 

due to geometric restrictions and interfacial interactions.
2,6–9

 Control of these interactions opens 

the door for new application and understanding of polymeric materials.  

 The influence of interfacial interactions and confinement effects on the dynamics in 

polymer thin films is especially important when discussing polymer nanocomposite films. The 

addition of nanoscale particles to a polymer host has been shown to dramatically alter host chain 

dynamics depending on particle shape, size and host polymer properties.
10–14

 The influence of 
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these nanoparticles on the polymer host has a strong dependence upon their miscibility and 

dispersion throughout the system, and a common method of controlling this is through the 

grafting of a polymer brush layer to the surface of the nanoparticle. Several parameters 

contribute to the morphology of these PNCs: the degree of polymerization and chemistry of the 

grafted and host chains, the surface chemistry and grafting density on the surface of the 

nanoparticles and particle size.
11,15,16

 The intermixing of grafted and host chains can be 

controlled through these parameters and allow for tunable dispersion of the nanoparticles in the 

polymer host.
17–19

 In the simple case where chains of degree of polymerization N grafted onto a 

flat surface are mixed with host chains of degree of polymerization P and identical chemistry 

(Flory-Huggins interaction parameter 𝜲 = 𝟎), mixing of the grafted and host chains can be 

controlled by the condition:
15

 

 

𝝈√𝑵 = (𝑵 𝑷⁄ )𝟐                (1) 

 

 The influence of the brush layer on the host chain dynamics in the bulk has been 

previously studied, with the relaxations of the host chains being strongly dependent upon the 

intermixing of the grafted and host chains or “wetting” of the grafted brush layer by the polymer 

host.
20,21

 The dynamics of particle grafted chains have also been studied to determine the 

influence of grafting density, grafted chain and host chain length on their behavior. These studies 

revealed that at low particle concentrations, the segmental dynamics of the polymer host chains 

were decreased upon the addition of particles with a grafted brush layer that satisfied the “dry 

brush” condition (𝝈√𝑵 > (𝑵 𝑷⁄ )𝟐). Conversely, the segmental dynamics of the host were 

increased upon the addition of particles with a grafted brush layer that intermixed with the 
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polymer host chains. The effects of tuning the brush layer behavior were shown to be mitigated 

when particle concentrations were substantially increased due to increased particle aggregation.   

Upon confinement to a thin film geometry, the morphology of these polymer 

nanocomposite films changes substantially. When weak intermixing between the grafted and 

host chains is observed, the nanoparticles have a tendency to aggregate due to thermodynamic 

interactions which minimize surface energy.
11,12,22

 In thin film polymer nanocomposites, these 

particles have been shown to exhibit strong evidence of nanoparticle segregation to both the 

vacuum/polymer and polymer/substrate interfaces. While some surface segregation is observed 

in most polymer nanocomposite systems, it is particularly prevalent when the grafted brush layer 

satisfies the “dry brush” condition. 

In this study, we look to gain an understanding of how weakly intermixing, “dry brush” 

nanoparticles alter the properties of the host chains when confined to a thin film using x-ray 

photon correlation spectroscopy (XPCS) and broadband dielectric spectroscopy (BDS). The 

system used in this study involves an entangled poly (2-vinyl pyridine) (P2VP) host (𝑷 = 𝟐𝟖𝟖) 

mixed with gold nanoparticles grafted with short unentangled (𝑵 = 𝟏𝟐. 𝟓) P2VP chains at a high 

grafting density. We hope to provide insight into how changes to nanocomposite morphology, 

due to interfacial segregation of nanoparticles upon confinement to a thin film, alter the 

dynamics of the host chain behavior. 

 

IV.2. Experimental Section: 

 

Gold (Au) nanoparticles with average size 𝒅 = 𝟐. 𝟗 ± 𝟏. 𝟎𝟖 𝒏𝒎 were densely grafted 

(𝜮~𝟏. 𝟕𝟗 𝒄𝒉𝒂𝒊𝒏𝒔/𝒏𝒎𝟐) with thiol-terminated linear P2VP chains (𝑴𝒘 = 𝟏, 𝟑𝟎𝟎 𝒈/𝒎𝒐𝒍, PDI 
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= 1.04) using a one-step synthesis method.
23

 The resulting product was subjected to a rigorous 

centrifugation process which was repeated several times to remove unbound thiols and salts. The 

size of the core gold particle was determined with a JEOL 2010F transmission electron 

microscope at an accelerating voltage of 200 kV in scanning mode (STEM) using a high-angle 

annular dark-field (HAADF) detector.
11,12

 Thermogravimetric analysis was used to determine the 

weight fractions of gold and polymer ligands; measurements were taken under air environments 

on a TA2960 instrument at a heating rate of 5˚C/min. The grafting density was determined from 

the weight fraction of gold and grafted P2VP chains, the densities of the species, and the average 

volume and surface area per gold particle. The brush layer height was estimated to be 𝒉𝒃𝒓𝒖𝒔𝒉 =

𝟏. 𝟒𝟑 ± 𝟎. 𝟔𝟕𝒏𝒎 by calculating the nearest neighbors distance between particles for ~300 pairs 

of particles. From this information, the effective particle size 𝒅𝒆𝒇𝒇was determined to be 𝒅𝒆𝒇𝒇 =

𝒅 + 𝟐𝒉𝒃𝒓𝒖𝒔𝒉 ≈ 𝟓. 𝟕 𝒏𝒎.  

These particles were mixed in an entangled P2VP host (𝑴𝒘 = 𝟑𝟎, 𝟎𝟎𝟎 𝒈/𝒎𝒐𝒍, PDI = 

1.12) at weight fractions of 1 and 2 wt% using tetrahydrofuran (THF) as a cosolvent. The 

mixture was evaporated under vacuum and resuspended in butanol. Films were prepared from 

this solution by spin-coating onto precleaned silicon substrates with a native oxide layer of 

approximately 1.5 nm and annealed for 48 hours at 150˚C.  Neat films were prepared through the 

same process in the absence of nanoparticles. The samples were verified to be smooth and 

contiguous by optical microscopy and atomic force microscopy. 

The glass transition temperature Tg of the films were first determined by monitoring the 

thickness of each film as it was cooled from a temperature T= 150˚C at 1˚C using a M-2000 

(J.A. Woollam Co.) variable angle spectrometric ellipsometer (VASE). Measurements were 

performed at a fixed angle of 70˚. The thickness h(T) and refractive index n(T) were determined 
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by fitting the ellipsometric angles to a Cauchy/SiOx/Si model over the spectral range λ=400-1700 

nm. Measurements were kept under an inert environment by purging the sample stage using 

purified nitrogen.  

For thin film broadband dielectric spectroscopy (BDS) measurements, the films were 

prepared between two aluminum (Al) electrodes using a thin film sample preparation technique 

where aluminum electrodes 0.5-0.8 mm in width and ~100 nm thick are evaporate onto glass 

substrates (1 cm × 1 cm × 1 mm).  The substrates are thoroughly cleansed using glass detergent, 

piranha solution, and acetone in the ultrasonic cleaner. Frequency sweeps were taken over a 

range of 𝜔 =  107 − 10−1𝑠−1. This experimental procedure has been previously used to explore 

the dynamic properties of a number of thin film polymer and polymer blend systems.
24,25

 

XPCS experiments were performed at beamline 8-ID-I at the Advanced Photon Source 

(APS) Argonne National Laboratory. The high electron density of gold by comparison to the 

surrounding polymer host allows them to be used as markers for dynamics of the polymer 

film.
8,26

 The beam dimension used was 𝟐𝟎 × 𝟐𝟎 𝝁𝒎𝟐 which is less than the x-ray coherence 

length and the x-ray energy was 7.35 keV. XPCS probes dynamics at length scales of 10-10
3
 nm 

and time scales of 1-10
3
 seconds. The off-specular diffuse scattering from the neat homopolymer 

and nanocomposite films was measured with a direct illumination charge-coupled device (CCD) 

camera. Two illuminated modes were used in this study: (i) at an incident angle of 𝟎. 𝟏𝟔°, just 

below the critical angle for total external reflection  𝜽𝒄 = 𝟎. 𝟏𝟕𝟓° of P2VP (ii) and at an incident 

angle of 𝟎. 𝟏𝟖°, just above 𝜽𝒄 at the “first resonance mode” where resonance enhancement of the 

electric field intensity (EFI) and resonance enhanced x-rays near the center of the film are 

intensified.
26

 The first measurement probes scattering from the thermal capillary waves at the 

polymer film free surface, while the second measurement eliminates scattering from free surface 
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which improves the resolution of resonance enhanced x-rays. This enhancement in resolution 

allows for the gold nanoparticles to act as a tracer to probe dynamics in the film interior. This 

allows the use of the nanoparticles as a probe of dynamics at both the free surface and in the 

interior of the film, and has been used previously to show the presence of both a free-surface and 

adsorbed layer in PNC films.
8,26

 

 

IV.3. Results & Discussion: 

 

X-ray photon correlation spectroscopy (XPCS) was used to investigate the dynamics of 

the homogenous polymer and polymer nanocomposite films; the data were analyzed in terms of 

hydrodynamic continuum theory.  Specifically, hydrodynamic continuum theory (HCT), which 

assumes a no-slippage condition at the polymer/substrate interface and a uniform viscosity 

throughout the film, enables the viscosity of a molten polymer film to be calculated from the 

XPCS data.
6,7,9

 The XPCS relaxation time of the surface height fluctuations of the polymer film 

were determined from the normalized intensity-intensity autocorrelation function of the coherent 

surface scattering 𝒈𝟐(𝒒ǁ, 𝒕) is given by: 

 

𝒈𝟐(𝒒ǁ, 𝒅𝒕) =
〈𝑰(𝒒ǁ,𝒕′)𝑰(𝒒ǁ,𝒕′+𝒅𝒕)〉

〈𝑰(𝒒ǁ,𝒕′)〉𝟐      (2) 

 

where  𝑰(𝒒ǁ, 𝒕′) is the scattering of the in-plane wave vector at instantaneous time t’ and dt is the 

delay time. For viscous polymers, the capillary wave dynamics are overdamped so 𝒈𝟐(𝒒ǁ, 𝒕) may 

be described by a stretched exponential decay fit: 
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𝒈𝟐(𝒒ǁ, 𝒕) = 𝟏 + 𝜷𝐞𝐱𝐩 [−(
𝟐𝒕

𝝉
)𝜶]     (3) 

 

where 𝜷 is the speckle contrast, 𝜶(𝟎 < 𝜶 ≤ 𝟏) is a stretching exponent and 𝝉 = 𝝉(𝒒ǁ) is the 

relaxation time of the surface height fluctuations. For a simple exponential relaxation, as 

observed in the homopolymer films where 𝑻 ≫ 𝑻𝒈 the exponent 𝜶 = 𝟏. The deviation of 𝜶 from 

unity corresponds to the existence of a distribution of fluctuation time scales in the system 

contributing within the measurement window.  
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A typical 𝒈𝟐(𝒒ǁ, 𝒕)  for a neat 100 nm P2VP film is shown in figure 1a over a range of wave 

vectors. The relaxation times exhibited by all P2VP films were each characterized by single 

exponential behavior, regardless of film thickness. Hydrodynamic continuum theory describes 

the relaxation time to be dependent on the ratio of  the viscosity 𝜼 and surface tension 𝜸:
6,7,9,27

 

 

𝝉(𝒒ǁ) =
𝟐𝜼𝑿𝑷𝑪𝑺[𝒄𝒐𝒔𝒉𝟐(𝒒ǁ𝒉)+𝒒ǁ

𝟐𝒉𝟐]

𝜸𝒒ǁ[𝒔𝒊𝒏𝒉(𝒒ǁ𝒉) 𝐜𝐨𝐬𝐡(𝒒ǁ𝒉)−𝒒ǁ𝒉]
    (4) 

 

The viscosity of polystyrene (PS) films, calculated using this equation, has been shown to be 

independent of film thickness and equal to the bulk viscosity when 𝒉 > 𝟒𝑹𝒈.
27

 The viscosity in 

our P2VP system are also found to be independent of film thickness (Fig. 1b) and equal to the 

bulk viscosity of the polymer as measured using rheology.  

The relaxations measured from the surface height fluctuations and measured by XPCS 

manifest a range of relaxations, from segmental relaxations of the chains to the center of mass 

translational relaxations. In the case of the films used in this study, we believe it is safe to 

assume that the relaxations at these temperatures are largely probing the center of mass 

translational dynamics of the polymer chains. This is also corroborated by the fact that the 

stretching exponent is unity; otherwise it would be less than unity as described earlier. 

Figure IV.1: a) Characteristic intensity-intensity auto correlation function of 100 nm 

thick neat P2VP film at T=138˚C at a few wave vectors. Solid lines are single 

exponential fits to the measured data. b) Comparison of relaxation time/film 

thickness vs wave vector ∗ film thickness (
𝜏

ℎ
𝑣𝑠 𝑞ℎ) in neat polymer films of h=50, 

100 and 200 nm at T
g
+40℃. Solid line is a fit to the HCT model. c) Viscosity as 

calculated from the relaxation time vs wave vector fit for each film using the HCT 

model for  h=50, 100 and 200 nm neat P2VP films by comparison to the bulk 

viscosity. 
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We now look to explore the influence of dry brush nanoparticles on the dynamics of an 

entangled host polymer. For this measurement, we conducted measurements in poly (2-vinyl 

pyridine) (P2VP) using XPCS. We measured the surface height fluctuations of these films with 

different concentrations of nanoparticles in order to determine the influence of the nanoparticle 

on the dynamics of the polymer film. Figure 2 shows that as nanoparticle concentration is 

increased, we observe an increase in the relaxation time of the homopolymer by up to a factor of 

three for nanocomposites with 2 wt% gold particles. 

 In order to gain further insight into why the dynamics of the free host polymer differ from 

the behavior observed in similar bulk nanocomposite systems, we performed resonance enhanced 

XPCS measurements in order to probe the behavior of the nanoparticle as a tracer within the 

polymer host.
26

 Performing this measurement allow us to effectively probe the dynamics of the 

host polymer within the “bulk-like” interior. The relaxation of the nanoparticles within the host 

polymer is shown in figure 3. The relaxation time follows the behavior 𝝉~ 𝟏
𝒒ǁ

𝟐⁄  which can be 

represented by Stokes-Einstein diffusion of a particle in a viscous medium. 
28,29

The nanoparticles 

diffusion through the polymer host in the films interior indicates that the relaxation of the host 

chains in the film interior are not substantially influenced by the presence of the nanoparticles. 

At lower particle concentrations (1 wt%), no relaxation was observed from the nanoparticles 

which may indicate that there were no nanoparticles present in the interior for these films.   
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In order to further explore the influence of the nanoparticles on other host polymer 

relaxations, we performed broadband dielectric spectroscopy measurements on thin capped films 

of polymer nanocomposites at a thickness of h = 100 nm over a range of concentrations. In figure 

4, we show that the segmental relaxations of the polymer host are unaffected by the addition of 

the nanoparticles up to 2 wt%. This is further indication that the nanoparticles themselves are 

providing a relatively minor influence on the dynamics of the host chains when considering the 

dynamics in the film interior – in the absence of interactions with the interfaces.  

The difference in behavior observed between the measurement of the surface height 

fluctuations and the interior measurements of the nanoparticles as tracers as well as broadband 

dielectric segmental relaxations suggest that the nanoparticles have a substantially different 

Figure IV.2: Relaxation time as a function of wave vector determined for neat 

homopolymer, 1 wt% and 2 wt% PNC films at T
g
+60℃. Dashed line is a HCT fit for 

the neat homopolymer film.  
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influence on the host chain dynamics at the free interface as opposed to the interior. Because this 

nanocomposite system satisfies the dry brush condition, we may expect that the interfacial 

segregation of nanoparticles to the substrate and the free surface are responsible for the 

difference in behavior we observe.  

 

 

 

To further explore this hypothesis, we performed reflectivity measurements to determine 

whether the surface segregation is observed in these systems and how it evolves as a function of 

film thickness. X-ray reflectivity (XR) measurements provided the reflectivity as a function of 

the scattering angle. With this information, the density of particles was extracted as a function of 

depth throughout the film. The XR measurements may be understood on the basis of Fresnel’s 

law of reflection for x-rays, concerned only with the specular part of the signal, where the 

incident angle 𝜃𝑖 and the exit angle 𝜃𝑓 are equal.
30–32

 For XR measurements, the x-rays are either 

Figure IV.3: XPCS measurement of the dynamics of nanoparticles in the interior of 

a 2 wt% h = 100 nm film at Tg+60 & Tg +70℃. Dashed line represents a slope of -2. 
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transmitted or reflected through the material and the signal intensity, of course, is dictated by the 

electron density contrast n of the materials  

𝑛 = 1 − 𝛿 − 𝑖𝛽      (5) 

with 

𝛿 =
𝜆2

2𝜋
𝑟𝑒𝜌𝑒       (6) 

and 

𝛽 =
𝜆

4𝜋
𝜇𝑥       (7)  

where 𝜆 is the wavelength of the x-rays (determined from the energy of the incident x-rays), 

𝑟𝑒 = 2.818 × 10−15𝑚 is the Thomson’s classical electron radius, 𝜌𝑒 is the electron density of the 

material and 𝜇𝑥is the absorption cross-section density. The transmission β is usually much 

smaller than the dispersion δ for dielectric materials and can thus be ignored. We can determine 

the electron density contrast from δ using equation 6, below, where 𝜃𝑐 is the critical angle.  

 

     cos 𝜃𝑐 = 𝑛 = 1 − 𝛿      (8) 

 

𝜃𝑐
2 ≈ 2𝛿       (9) 

 

From Snell’s law, it is readily known that total external reflection occurs for angles 𝜃𝑖 < 𝜃𝑐. The 

reflected intensity is the square of the complex reflection co-efficient such that: 

 

    𝑅(𝜃) = |
𝜃−√𝜃2−𝜃𝑐

2−2𝑖𝛽

𝜃+√𝜃2−𝜃𝑐
2−2𝑖𝛽

|

2

      (10) 
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The data in Figure 5a shows the reflectivity plotted as a function of scattering angle for 

the 50 nm film, which contains 2wt% grafted nanoparticles. The solid line drawn through the 

reflected intensity does an excellent job of describing the behavior of the reflectivity of the film. 

This fit to the data was performed for each sample and was used to determine the electron 

density, using equations 6, 9 and 10. The results for the 2wt% nanocomposite films over a range 

of thicknesses are shown in Fig. 5b with the electron density plotted as a function of depth into 

the film from the free surface. In figure 5b, we observe a region of high electron density near the 

film free surface that takes up an increasing proportion of the film as thickness is decreased. We 

also observe a very high electron density region near the substrate, which is consistent with 

nanoparticle segregation to a solid interface. The strong nanoparticle segregation to the interfaces 

may explain why little influence of the nanoparticles on the segmental dynamics was observed in 

the dielectric measurement; with two solid interfaces from the aluminum electrodes, most of the 

nanoparticles segregated to the electrodes and didn’t interact with the host chains or influence 

their dynamic behavior.  

Figure 5c shows that by comparison to the neat 50 nm P2VP film, the nanocomposite 

film shows noticeable segregation to both the substrate and free surface – as expected from 

previous work with polymer nanocomposite films where grafted dry brush particles of this size 

were incorporated. When we compare this behavior to nanocomposites where the poly (2-vinyl 

pyridine) grafted and host chains are replaced by polystyrene,
11,22

 we observe segregation of the 

nanoparticles to both interfaces so we may expect to find a similar result here.  
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In order to probe the extent to which this surface segregation influences the dynamics of 

the host chains in the film, we probed the surface height fluctuations of nanocomposite films 

with 2 wt% particles at different thicknesses. The surface dynamics exhibit a substantial increase 

in the relaxation of the polymer host as thickness is decreased (Figure 6a), with increases over 

the relaxation times of the neat polymer film by a factor of four observed for a film thickness h  

= 50 nm. This change in the relaxation time from the neat behavior indicates a different thickness 

dependence from the neat films where the dynamics of the film can be represented by a 

homogenous polymer film when 𝑇 ≫ 𝑇𝑔.  

 

Figure IV.4: a)  VFT plot of the frequency associated with the dielectric segmental 

relaxation peak plotted as a function of temperature for neat 0.5 and 2 wt% polymer 

nanocomposite films of thickness h = 100nm. b) Comparison of dielectric segmental 

relaxation peak for neat, 0.5 and 2 wt% polymer nanocomposite films of thickness h 

= 100 nm at T = 136˚C.  
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The change in thickness dependence upon the addition of nanoparticles indicates that for 

these nanocomposite films, the polymer film can no longer be described using the HCT model. 

When the relaxation time as a function of wave vector is normalized by film thickness for the 2 

wt% nanocomposite film (Figure 6b), we find that the relaxations of the PNC film are not well-

described by the model of Sinha for a homogenous film with a single viscosity. This observed 

change in behavior holds for multiple temperatures above the glass transition. The normalized 

nanocomposite film data indicates that while the deviations away from the neat behavior we 

observed indicate a slowing of the host chain dynamics, the data also appear to collapse to a 

single curve with different characteristics from that of a homogenous polymer film.  

 

   

 

Figure IV.5: a) Reflectivity measurement of 2 wt% gold nanocomposite h = 50 nm  

film. b) Electron density depth profiles of 2 wt% nanocomposite h =50, 100 and 200 

nm films. c) Electron density depth profile of h = 50 nm neat and 2 wt% 

nanocomposite films.  
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 This thickness dependence is consistent with the results of the x-ray reflectivity 

measurement, such that the dynamic influence of nanoparticle interfacial segregation has an 

increased influence as thickness is decreased. The nanocomposite film behavior when 

normalized is reminiscent of work by Sinha and coworkers where they looked to expand their 

model to the behavior of bilayer films. 
33

 Based upon the information from systems with similar 

brush layer conditions in polystyrene, we may anticipate that the segregation of nanoparticles to 

the free surface leads to a region of increased viscosity at this interface. As thickness is 

decreased, the higher viscosity of the region near the free surface has an increased influence on 

the average behavior of the film. We should note that because of the limitations of the x-ray 

reflectivity measurement, we cannot comment on the exact size of this region. Because of this 

refrain from making a quantitative analysis of the surface layer viscosity or size for some of 

these films. Nevertheless, the behavior observed in the nanocomposite films exhibits signatures 

of a polymer film with a high viscosity surface layer.  

This result indicates that this film can no longer be described as homogenous and 

interfacial segregation must be accounted for when discussing nanocomposites that are not well-

dispersed. The nanoparticles segregated to the free surface of the polymer film play a substantial 

role on the dynamic behavior of the host chains in the polymer nanocomposite film, and the 

Figure IV.6: a) Relaxation time as a function of wave vector determined for 2 wt% 

PNC films at T
g
+40℃ over a range of thicknesses (h = 50-200 nm). Dashed lines are 

HCT fit for the neat homopolymer films. b) Comparison of relaxation time/film 

thickness vs wave vector ∗ film thickness (
𝜏

ℎ
𝑣𝑠 𝑞ℎ) measurements in neat polymer 

and 2 wt% PNC films of h=50, 100 and 200 nm at T
g
+40℃. Solid line is a fit to the 

HCT model. 
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interfacial changes lead to local changes in polymer host chain behavior which have a dramatic 

effect. 

 

IV.4. Conclusion: 

 

In summary, we characterized the dynamic relaxations in polymer nanocomposite thin 

films consisting of chain-end grafted gold nanoparticles in an athermal mixture with an 

entangled polymer host using x-ray photon correlation spectroscopy, x-ray reflectivity, and 

broadband dielectric spectroscopy. We observed that while the behavior in the interior of the 

film exhibited dynamics consistent with the behavior of similar systems in the bulk, surface 

height fluctuations of these films reveal slower dynamics of the polymer host upon the addition 

of nanoparticles. These slower dynamics are shown to be due to the segregation of these 

nanoparticles to the free surface of the film. This region near the free surface is shown to have an 

increased influence on the behavior of the host chains in the film as thickness is decreased. This 

study of the dynamic behavior in these nanocomposite films emphasizes that while the entropic 

interactions between grafted nanoparticles and the host polymer chains in the interior film 

largely resembles the behavior observed in the bulk; interfacial segregation of the nanoparticles 

produces a profoundly different effect on the host chain dynamics.  
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Chapter V 

Conclusions and Future Work

 

 

V.1. Summary 
  

Dynamic behavior of complex polymer systems in the melt state was studied in this 

thesis. The role of both macromolecular architecture and nanoparticle additives were explored as 

options for altering polymer properties without changing polymer chemistry. The bulk dynamics 

of star-shaped polystyrene was explored in order to gain insight into the transitional behavior 

observed in the physical properties of these polymers as their molecular parameters are 

manipulated. The influence of nanoparticle additives on the behavior of a polymer host was also 

explored in thin film geometries where morphology changes are known to occur in polymer 

nanocomposites as polymer-particle interactions are tailored. In this thesis, the influences of both 

interfacial interactions and confinement on host chain dynamics in polymer nanocomposites 

were explored. The study of these materials provided insight into new options for controlling 

polymer properties for applications both in thin films and in the bulk.  

In chapter 2, we showed that when the functionality of the star molecules is low the 

polymers exhibit linear viscoelastic behavior, and the dynamics are characterized by an arm 

retraction mechanism, as described by the model of Milner and McLeish.  For the largest 

functionalities and the shortest, unentangled, arms, the dynamics are highly cooperative and the 
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Milner-McLeish model fails. We showed that, for high functionalities and short, unentangled 

arms, the cores of the molecules occupy a substantial fraction of the molecule and intermolecular 

entropic repulsions between the stars influence the structural organization and hence the 

dynamics. We show evidence of a transitional regime, characterized by intermediate values of f 

and Ma, where the arm retraction process begins to be strongly influenced by the increasing size 

of the impenetrable cores; this is manifested in the emergence of the cooperative rearrangements 

associated with soft-colloid behavior.  The influence of the core region on the arm retraction 

mechanism is clear from the viscoelastic spectrum, where there is evidence of increased 

elasticity.  The dependence of the glass transition on molecular weight and functionality also 

manifest the changes in structure, with f and Ma.  

In chapter 3, the influences of both spatial nanoparticle confinement and thickness 

confinement on the dynamics of host polymer chains were studied using X-ray photon 

correlation spectroscopy. We show that for thick films, the tethered nanoparticles are spatially 

dispersed and the dynamics of the free host chains are slowed down, largely because the 

relaxation times of the tethered chains are longer than those of the free chains. This behavior 

persists to the regime of nanoscale thickness confinement where, as we have shown, a new 

mechanism ensues.  When the film thickness becomes comparable to the average spacing 

between the NPs, we show that the NPs motions are suppressed and the free chains experience 

an entropic restriction, leading to an increase in the activation barriers that facilitate their 

translational motions.  This behavior is associated with an order of magnitude increase in the 

polymer viscosity. An increase of the film thickness or an increase of the nanoparticle separation 

was shown to alleviate this “entropic crowding,” leading a decrease of the viscosity. These 

results suggest new ways to tailor the viscosities of nanoscale thick PNCs, without changing 
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molecular parameters like the chain lengths and nanoparticle core sizes.  

In chapter 4, we characterized the dynamic relaxations in polymer nanocomposite thin 

films consisting of chain-end grafted gold nanoparticles in an athermal mixture with an 

entangled polymer host using x-ray photon correlation spectroscopy, x-ray reflectivity, and 

broadband dielectric spectroscopy. We observed that while the behavior in the interior of the 

film exhibited dynamics consistent with the behavior of similar systems in the bulk, surface 

height fluctuations of these films reveal slower dynamics of the polymer host upon the addition 

of nanoparticles. These slower dynamics are shown to be due to the segregation of these 

nanoparticles to the free surface of the film. This region near the free surface is shown to have an 

increased influence on the behavior of the host chains in the film as thickness is decreased. This 

study of the dynamic behavior in these nanocomposite films emphasizes that while the entropic 

interactions between grafted nanoparticles and the host polymer chains in the interior film 

largely resembles the behavior observed in the bulk; interfacial segregation of the nanoparticles 

produces a profoundly different effect on the host chain dynamics.  

This thesis work has focused on altering polymer dynamics through the use of polymer 

architecture and the addition of inorganic nanoparticle fillers. These two methods of 

manipulating polymer dynamics offer alternatives to changing polymer chemistry or blending 

different polymers.  The dynamics of these polymers have been shown to be strongly dependent 

on local behavior and interactions, and the research presented here contributes improved 

understanding in the field which will hopefully open the door for further research interest and 

discovery.   

 

 

V.2. Future Work- Proof of Concept: Dynamics in star-shaped polymer films 
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 In this section, the concept of studying dynamics in star-shaped polymer films is 

introduced.  This topic was pursued in collaboration with researches at the Foundation of 

Research and Technology-Hellas and extends from the work on star-shaped polymers 

discussed in this thesis. 

  

Polymer thin films, with applications ranging from lubrication and adhesion to energy 

conversion and actuation, continue to receive significant scientific attention. Despite the 

enormous scientific progress that has been made toward understanding their physical properties 

many important challenges remain. One area of current interest involves understanding 

implications of a free surface on physical properties, such as depth dependent glass transition 

temperatures Tgs and depth dependent segmental dynamics, occurring over distances of tens of 

nanometers, and physical aging.
1-4

 It is well understood that for linear chain polymers, the 

enhanced configurational freedom of chain segments at the free interface is associated with 

lower free surface Tgs, and enhanced segmental dynamics. Below the bulk Tg, experiments 

reveal the existence of a liquid-like layer of a few nanometers in thickness, at the free surface of 

linear chain polymer films.  In the glassy state (T < Tg) the thickness of this surface layer 

increases with decreasing temperature.
5,6

 Ediger and coworkers have suggested that for 

temperatures not far above Tg, T > Tg + 10 K -in the melt state -the surface and bulk dynamics of 

linear-chain polymer films become comparable.
7,8

  

Independent X-ray photon correlation spectroscopy (XPCS) measurements of the surface 

capillary waves emanating from linear chain polymer films at temperatures in the melt state, T> 

Tg, show that the viscosities of thin films supported by non-wetting surfaces are equal to their 

bulk viscosities. These results are based on the notion that hydrodynamic continuum theory 
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(HCT) may reliably be used to extract the viscosities of liquid films from XPCS data. The HCT 

assumes non-slip boundary conditions at the liquid/substrate interface and that the film possesses 

a uniform viscosity η. It predicts that the relaxation time is proportional to η/γ, where γ is the 

surface tension of the film.
9
 Measurements of the viscosities of supported molten entangled 

polystyrene (PS) films (molecular weight Mw = 123 kg/mol., the molecular weight between 

entanglements Me for linear PS is 14 kg/mol
10

) are in excellent agreement with the bulk zero-

shear viscosities η0, measured using oscillatory shear rheology.
11

 That the surface and bulk 

dynamics are equal is consistent with the notion that the surface dynamics are not fast compared 

to the bulk.
8
 As a cautionary note, it should be emphasized that for temperatures sufficiently 

above Tg, the translational dynamics are generally captured within the window of the XPCS 

experiments (time scales of 1-10
3
 sec and associated length scales of 10-10

3
 nm). Since the 

translational dynamics dictate the viscosity, then the XPCS measurements would yield 

viscosities that are equal to the bulk zero shear viscosities.  However, at lower temperatures 

closer to Tg, where the translational dynamics are orders of magnitude slower, the faster 

segmental dynamics are generally captured within the XPCS experimental window; hence the 

experimental data would manifest the dynamics of a much faster process, and likely a broader 

distribution of relaxation times.
12

  

Foster and collaborators recently investigated the effect of macromolecular architecture 

on the surface dynamics of thin polymer films by XPCS.
13-15

 In contrast to unentangled linear 

and cyclic chains
13

, branching (they considered 6-arm star-shaped, 6-pom, 6-end branched stars, 

and bottle brushes) may have significant effect of the surface fluctuation dynamics.
14,15

 The 

values of ηXPCS were reported to be larger than the values measured using bulk rheology η0.
14

 

The HCT provided a good description of the all their data. However, a rationale for this slow 
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surface dynamics is yet to be identified. A natural question therefore arises regarding a universal 

explanation for this phenomenon exhibited by these branched systems.   

Recently, we showed that the local glass transition temperature at the free surface (Tg
surf

) 

of 8-arm star polymer films with a molecular weight per arm of Mw
arm

 = 10 kg / mol. was higher 

than the bulk Tg
bulk

, Tg
surf

 > Tg
bulk

.
5,16,17

 However Tg
surf

 became gradually lower than  Tg
bulk

 as 

Mw
arm

 increased, consistent with the behavior of linear chain polymers.
5,16,17

 Molecular dynamics 

simulations revealed that Tg
surf

 > Tg
bulk

 for 8-arms with Mw
arm

 = 10 kg / mol is might be due to 

strong positional correlations and spatial ordering of the star-shaped  molecular at the free 

surface.
17

 In this letter we investigate, with the use of XPCS, rheology, and dielectric 

spectroscopy, the surface and bulk relaxations of a series of star polystyrene thin films, 

composed of molecules with f = 8-arms and varying arm lengths, from unentangled (Mw
arm

 = 10 

and 25 kg/mol) to entangled arms (Mw
arm

 = 57 kg/mol). We show that when the arm lengths are 

sufficiently long, the dynamics measured using XPCS are comparable to those determined using 

bulk rheology, whereas for short (unentangled) arms the surface relaxation were slower than the 

bulk. An initially surprising observation was that when Mw
arm

 was sufficiently short, the HCT 

failed to describe the XPCS data. Subsequent molecular dynamics simulations revealed that there 

was a significant difference structurally between the free surface region and the interior/bulk for 

this 8-arm molecule. The stars exhibited evidence of spatial ordering at the free surface; such a 

positional autocorrelation was not evident within the film interior.  

Measurements of the relaxations supported PS films, with thickness of approximately h = 

200 nm, were performed using XPCS. The surface fluctuation dynamics were characterized by 

the normalized intensity-intensity autocorrelation function of the coherent surface scattering  

𝑔2(𝑞, 𝑡) given by 𝑔2(𝑞∥, 𝑡) = 〈𝐼(𝑞∥, 𝑡′)𝐼(𝑞∥, 𝑡′ + 𝑡)〉/〈𝐼(𝑞∥, 𝑡′)〉2 , where 𝐼(𝑞∥, 𝑡′) is the scattering 
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intensity for the in-plane vector at time 𝑡′, and t is the delay time. For highly viscous polymers, 

the capillary waves are over damped so 𝑔2(𝑞, 𝑡) may be described by an exponential decay: 

𝑔2(𝑞, 𝑡) = 1 + 𝛽exp [−(2𝑡/𝜏)𝑎], where 𝛽 is the speckle contrast, 𝛼 (0 < 𝛼 < 1) is a stretching 

exponent, and 𝜏 = 𝜏(𝑞∥) is the average relaxation time; where  𝛼 = 1 corresponds to a simple 

exponential decay. For the LPS-13K, the g2 data were described well by a simple exponential 

decay (in accordance with the data reported by Kim et al.
11

), whereas for SPS-8-57K, g2 

followed a stretched exponential decay. 

The XPCS data suggest surprising differences between relaxation processes that occur in 

films composed of linear chains and of SPS molecules of different arm lengths. First, our studies 

confirm that the viscosities 𝜂𝑋𝑃𝐶𝑆 of linear chain PS are in excellent agreement with values of the 

zero shear viscosities, measured using bulk oscillatory shear rheology (𝜂𝑋𝑃𝐶𝑆   𝜂0, Figure 1a & 

2a). This result also indicates that the time-scales measured by the XPCS experiments encompass 

those of the center of mass translational dynamics of the chains in the temperature range of our 

experiments, T > Tg
bulk

 + 30 K.
11,12

  With regard to measurements of the 8-arms SPS films (SPS-

8-25K and SPS-8-57K), the HCT describes the 𝜏 versus 𝑞∥ dependence quite well, as shown in 

Figure 1b.  
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Figure V.1: Relaxation times as a function of wave function for various PS films at different 

temperatures, T, for: (a) LPS-13K (solid symbols) and LPS 50K (open symbols); (b) SPS-8-25K 

(solid symbols) SPS-8-57K (open symbols). The curves represent the least-squared fits of data to 

the HCT. 

 

 

However the effect of architecture is manifested in the corresponding magnitudes of 

ηXPCS, and associated implications for the fact that ηXPCS  ηo, for different temperature ranges.  

The data in Figure 2b show the differences between ηXPCS and ηo, (see supplementary 

information and also Ref
18

), for these molecules -SPS-8-25K and SPS-8-57K samples. In order 

to extract the viscosities of the SPS molecules, their surface tensions were estimated using the 

work of Archer and co-workers.
19,20

 For the slightly entangled SPS-8-57K, ηXPCS is slightly 
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lower than η0 whereas for SPS-8-25K, 𝜂𝑋𝑃𝐶𝑆 , at the lowest temperature, is smaller than 𝜂0 by an 

order of magnitude.  The value of 𝜂𝑋𝑃𝐶𝑆 becomes comparable to 𝜂0 for the highest temperature 

𝑇 ≈ Tg + 50 K. With regard to SPS-8-10K, the HCT model completely fails to describe the 𝜏 –

vs- 𝑞∥ data throughout the entire temperature ranges. This is shown in Figure 3, where the solid 

symbols represent the XPCS data and the solid lines were computed with the HCT model (using 

the values of bulk zero-shear viscosities).  

 

Figure V.2: A comparison of viscosities of films determined using XPCS data (filled symbols) 

and bulk viscosities measured by rheometry (open symbols) as a function of ΔTg for (a) LPS-

13K (blue symbols) and LSP-50K (green symbols) and (b) SPS-8-25K (black symbols) and SPS-

8-57K (red symbols). 
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The q-dependence of the relaxation times of the SPS-8-10 K molecules is instructive with 

regard to identifying potential differences between the relaxation mechanisms of this polymer 

and the others. For the temperatures T ≈ Tg + 40 K
 
and T ≈ Tg + 50K the relaxation times scale as 

𝜏~1/𝑞. Additionally, the relaxation times are significantly longer than the relaxation times in the 

bulk. These combined observations would suggest that the dynamics of the molecules at the free 

surface are “caged.” 
21,22

 We will return to this point later in the manuscript, after the molecular 

dynamic simulations of supported films are described.  

 

Figure V.3: XPCS surface relaxation time for the SPS-8-10K measured at different 

temperatures. The solid curves represent the estimated surface relaxation times based on HCT 

using the zero-shear viscosity. The dashed line indicates the τ ~ q
-1

. 

 

In the meantime it is worth examining the distribution of relaxation times in this system 

in order to gain further insight into the behavior of the molecules. The stretching exponents 

(αXPCS) of the intermediate scattering functions, obtained from the XPCS measurements, shown 

in Figure 4. For the linear chain PS samples, αXPCS = 1 as expected for the experimental window 

which captures only translational relaxations.
12

  For star-shaped PS samples, αXPCS is not only 
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dependent on Mw
arm

 but it is also T dependent, increasing with T. A stretched exponent of αXPCS 

< 1 suggests that more than one, or a distribution, relaxation process occurs at a given 

temperature. For the highest temperature T = Tg + 50 K, αXPCS = 1 for the SPS-8-25K and SPS-8-

10K, suggesting that the same dynamics processes are captured by the XPCS experiment. 

However, for the SPS-8-57K molecules the values of αXPCS are much smaller, throughout the 

entire temperature range, suggesting these dynamics are characterized by a broader distribution 

of relaxation times.
23

 With the use of molecular dynamics simulations, we recently showed that 

due to their architecture and associated monomer packing frustrations, the dynamics of star-

shaped polymers would be characterized by broader distributions of relaxation times than their 

linear chain analogs. This is because the relaxation rates at the arm ends are most rapid and 

decrease as the distance to the branch points decreases, along each arm.
24

 The smaller magnitude 

of the stretching exponent for the SPS-8-57K than the shorter arm stars would be consistent with 

this notion. 

In order to get additional insight into the relaxation dynamics of these molecules, 

broadband dielectric spectroscopy (BDS) measurements (the BDS data and the analysis are in 

the Supplementary Information) were performed to extract the stretching exponent 𝛽𝐾𝑊𝑊 (from 

Kohlrausch-Williams-Watts (KWW) of the equation 𝜀𝐾𝑊𝑊(𝑡) =  ∆𝜀 exp{−(𝑡/𝜏𝐾𝑊𝑊)𝛽𝐾𝑊𝑊}. 

The magnitudes of  𝛽𝐾𝑊𝑊are plotted in Figure 4b. While it would not be wise to compare the 

magnitudes of the stretching exponents obtained from the BDS and XPCS experiments, a 

comparison of the trends is instructive.  Whereas the values of  αXPCS increase with increasing 

arm length,  the opposite is true for the values of  𝛽𝐾𝑊𝑊, which indicate that the distribution of 

relaxation times increases with decreasing arm length. Based on simulations,
24

 this result 

indicates that the broadening of the surface dynamics of the SPS-8-57K, measured using XPCS, 
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is not due to intermolecular heterogeneities in the segmental dynamics; instead it is due to the 

presence of more than one relaxation mode within the time and space domain captured by XPCS 

at the specific temperatures.  

 

Figure V.4: (a) XPCS stretching exponents as a function of ΔTg for 8-arm films with Mw
arm

 = 10 

kg / mol (solid red symbols), 25 kg / mol (solid blue triangle), and 57 kg / mol (solid black 

squares); (b) stretching parameter 𝛽𝐾𝑊𝑊 from BDS measurements for LPS-13K (open green 

square) and  LSP-50K, and 8-arm star films with Mw
arm

 = 10 kg / mol (red solid circles blue), 25 

kg / mol (solid blue triangle), and 57 kg / mol (solid black squares). 

 

Further insight into these results -the failure of the HCT to describe the τ-𝑞∥behavior of 

the SPS-8-10K molecule and the trend in the XPCS exponent with arm length – would be learned 

from molecular dynamics (MD) simulations. MD simulations based on a coarse-grained bead-

spring model, were performed. Each star-shaped polymer was represented by a bead (core) onto 
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which 8 chains, each with M segments of a diameter σ, were attached to its surface. The core 

particle had a diameter of 0/75 σ. Films of thickness H were “constructed” such that one 

interface was exposed to a vacuum and the other was in contact with a solid substrate.  

Simulations of stars where M = 10, 20, and 40 segments per arm were performed. Details of the 

simulation method are described elsewere.
17,25

 The monomer concentration profile of the core 

particle (the middle particle that all the arms are tethered to) in the z-direction (perpendicular to 

the substrate) was constructed and plotted in Figure 5a. Three regions are evident: one at the free 

surface (z/H = 1), a second at the substrate (z/H = 0), and in the interior of the film (0 < z/H < 1) 

that is assumed to behave like the bulk. There is a strong spatial correlation between short 8-arm 

star polymers at the free interface; this correlation decreases as the arm length increases. Such a 

positional correlation is not evident within the interior of the film, highlighting the notion that 

there are significant structural differences between the free surface region and the interior/bulk 

for 8-arm with short arms; this effect is not observed for linear chain films. To further understand 

the structural characteristics of the star-shaped polymer at the free surface, the radial distribution 

function, gcc(r) at the free surface, between the core particles of linear chain polymers and 8-arm 

stars molecules (with M = 10) were computed (Figure 5b). Strikingly, a peak is observed for the 

case of 8-arm star revealing evidence of a degree of spatial ordering; which is absent in the linear 

chain system. In light of this result, it is worth noting that we have shown that molecules for 

which  f>>8, and Marm<Me, organize in films to form structures with long-range order.  These 

simulations reveal the ordering is initiated at the external interfaces for molecules with smaller 

values of f. 
1
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Figure V.5: (a) Concentration profiles of star polymer films with a functionality f =8 and at 

different molecular weights per arm, M (from bottom to top the M increases from 10 to 40). (b) 

The radial distribution functions of the core particles for different star polymers at the free 

interface (2-dimenions) are shown. 

Based on the foregoing it is evident that the large values of the viscosity determined 

using XPCS compared to the bulk viscosity, not exhibited by linear chain polymers, are 

associated with the ordering of the macromolecules at the free surface.  The additional findings 

that for the SPS-8-10K system 𝜏~𝑞−1 and that the relaxation rates are slow would be consistent 

with this observation. Since the 𝜏~𝑞−1 suggest evidence that the dynamics of the molecules are 

caged,
23

 then it is reasonable to conclude that the dynamics of the molecules at the free surface 

would occur via a slower cooperative process. 
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In conclusion, we have shown that for temperatures far above Tg, the surface dynamics of 

thin film SPS molecules with Marm<Me are slow compared to the bulk. This is in contrast to 

linear chain polymer films where the surface and bulk dynamics are comparable in the melt state.  

The surface relaxations occur via a slow cooperative process. MD simulations of supported films 

indicate that the slow surface relaxation processes stem from the notion that star-shaped 

molecules exhibit an additional spatial ordering at the free surface, not present in the bulk. 

Recent oscillatory shear experiments reveal that for bulk systems, the molecules with f  8 and 

Marm<Me undergo flow via a cooperative mechanism, unlike the conventional arm retraction 

mechanism characteristic of the long-range dynamics of long armed (Marm>>Me) star shaped 

macromolecules.
18

 This new phenomenon –slow surface dynamics–should be a general 

phenomenon provided the molecules are branched and their motions are “caged” due to a 

tendency toward aggregation or spatial ordering at the free surface.  These findings have 

important implications with the regard to the use of polymers for applications that include, 

lubrication, tribology and adhesion. 
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Appendices 

 
Appendix A: Nanoparticle synthesis method  

1) Dissolve anhydrous hydrogen tetrachloroaureate (III) trihydrate (HAuCl4) in 

methanol (MeOH) 

2) Dissolve thiol-terminated poly (2-vinyl pyridine) (P2VP) in MeOH 

3) Mix solutions from steps 1) and 2)  

4) Stir vigorously for 30 min  

5) Dissolve sodium borohydrate (NaBH4) in MeOH and add solution dropwise.  

 

The mixture immediately turns a pale/dark grey and transition to a dark red-brown 

color as the dropwise addition is continued. The reducing agent should be added until 

the color saturates and no gas evolution can be observed. 
1
  

 

 Nanoparticle size can be tailored through control of the molar ratios of the reagents, 

particularly the ratio of gold to the thiol-terminated P2VP ligands. STEM images in Figure A 

show the size and distribution of particles synthesized using different ligand lengths. 
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Figure A: STEM images of poly (2-vinyl pyridine) grafted gold nanoparticles post synthesis and 

purification. Grafted ligand molecular weights of a) 1 kg/mol and b) 10 kg/mol. 

 

Appendix B: X-ray photon correlation spectroscopy (XPCS)  

 X-ray photon correlation spectroscopy (XPCS) is a surface sensitive grazing incidence x-

ray scattering technique which uses the specular diffuse scattering of x-rays to measure dynamics 

in polymer and inorganic systems. The x-ray beam used in XPCS is collimated through an 

aperture which limits the size of the beam to a length-scale comparable to the coherence length 

of the incident x-ray beam. This generates a partially coherent x-ray beam which, upon 

interaction with a disordered material, gives rise to a “speckle pattern” or “speckled” scattering 

signal. This signal provides information about the dynamics of the disordered material. Examples  

of this speckle pattern for the surface and interior measurements of the films used in this study 

are shown in figure B.
2,3
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Figure B: Examples of speckle patterns for the XPCS measurements. The different 

incidence angles have a substantial impact on strength of signal a) Surface measurement 

b) Resonance enhanced x-ray measurement. 

 

When applied to a thin film, XPCS becomes particularly useful. By limiting the incident 

angle of the x-ray beam, the penetration depth of the x-rays can be limited to ~10 nm. When the 

partially coherent x-ray beam is reflected from the surface of the film, the temporal evolution of 

the scattering signal provides information about the dynamics of the thermal surface height 

fluctuations of the film. Monitoring the evolution of the speckle scattering intensity yields a 

time-scale dictated by the surface fluctuations which can be determined using an intensity-

intensity autocorrelation function. 
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