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Abstract

The energetics and kinetics of interactions between microstructural point, line, and planar
defects govern the most significant mechanical properties of structural materials, which is crucial
in assessing, predicting and controlling the material behavior in technological applications such
as nuclear reactors and additive manufacturing (AM). Modeling microstructural evolutions under
extreme conditions with high atomistic fidelity and at experimental time scales has been known
as a longstanding challenge in material science. Under some cases, traditional atomistic
modeling techniques like molecular dynamics (MD) enable the elucidation of molecular
mechanisms of microstructural evolutions. Nevertheless, conventional MD could hardly go
beyond nanoseconds and therefore simple extrapolation of MD results from short timescales
could undermine the accuracy or even give a misleading prediction to materials performance at
realistic environments. To overcome such challenge, advanced atomistic modeling techniques
that can directly tackle the long timescale problems are greatly desired.

In this thesis, emphasizing the limitations of MD method, we present a novel
computational framework based on the concept of potential energy landscape (PEL), which
enables the investigation of microstructural evolutions at long time scales while fully retaining
the atomistic details. To demonstrate its capabilities, we show the application of this framework
to some key problems in material science. The following problems are addressed:

(i) We investigate a local interaction between dislocation and a vacancy-type obstacle in

BCC Fe at room temperature over a wide range of strain rates, from 108 down to 10%s%. Very
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surprisingly, a non-monotonic correlation is found between the critical resolved shear stress
(CRSS) of the system and applied strain rates. This suggests a negative strain rate sensitivity
(nSRS) at low strain rate regime, which could be responsible for materials’ degradations such as
the non-uniform deformation and mechanical instabilities. We demonstrate that the nSRS is due
to the complex interplays between thermal activation and applied strain rate.

(if) We map the kinetic evolution of metastable <100> symmetric tilt grain boundaries
(GBs) in copper under non-equilibrium processing, which is significant in determining the
strength and ductility of nanocrystalline materials. Our combined study, providing both atomistic
simulations and novel experiments employing femtosecond laser-material interactions,
demonstrates striking features of the energetics and kinetic pathways to achieve a multiplicity of
grain boundary states. Specifically, we populate a high-fidelity map of the energetics of the grain
boundaries and show that it can be divided into an ageing regime and a rejuvenating regime over
a broad energy—temperature parameter space. We further ascribe the origin of this
ageing/rejuvenating behavior to the inherent energy imbalance along with elementary hopping
processes in the system’s underlying PEL. It is worth noting that copper material is simulated to
demonstrate the reported experimental measurements on Cu-rich nanocrystalline alloys and the
discovered energetic evolution may be broadly applicable to other metal materials.

(iii) We also investigate the non-equilibrium relaxations of metastable tilted GBs in
copper under ultrafast thermal cycles, which is critical in assessing the structural materials’
properties during AM. We demonstrate that the structural evolution of metastable GBs is mainly
driven by disorder and rough energy landscape rather than free volume. Most importantly, a
universal scaling is observed between the GBs’ inherent structure energies and their structural

transition temperatures during the rapid cooling stage. To further assess the applicability of the

Xiv



obtained scaling correlation, we also investigate a group of GBs in Ni. A similar correlation
persists, which gives reason to expect the present study may apply to other materials as well.
Based on this noteworthy finding, we could manipulate GBs’ microstates and properties in
advanced processing such as AM and fs-laser irradiation.

In summary, PEL-based modeling framework is employed to investigate the
microstructural evolution at long time scales, without invoking empirical assumptions or fitting
parameters. This framework might shed light on the predictive design of advanced structural

materials to be used in complex environments.
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Chapter 1 Introduction

1.1. Motivation and Background

To meet the demand of high-performance materials for renewable and sustainable energy,
it is becoming increasingly significant to study structural materials performance under extreme
environments. For instance, nuclear energy is low-carbon and can be deployed to supply reliable,
clean, and affordable electricity to achieve the urgent carbon neutrality mission by 2050. Thus,
advanced nuclear reactors are being designed for electricity generation while operating in
extreme conditions of high temperature and high doses [1, 2]. The neutron-irradiated alloys
designed for nuclear reactors typically include enormous defects (self-interstitial atoms and
vacancy clusters) and such microstructural evolutions are critical to understand and predict the
mechanical properties of structural materials, such as swelling, creep, and irradiation-assisted
crack [3-5]. Another example of renewable and sustainable energy development is additive
manufacturing (AM) to improve manufacturing efficiency and reduce material waste [6, 7].
During AM process, metals and alloys’ powders are melted by laser or electron beams and the
powdered materials experience ultrafast heating-cooling thermal cycles, which introduces super-
saturated defects such as heterogeneous distribution of grain boundaries (GBs) [8-11]. Since the
high volumetric number density of GBs play a decisive role in determining the material
properties [12-14], it is imperative to understand and control GB properties in structural
materials under ultrafast thermal cycles produced by AM. Both sustainable energy development

examples demonstrate that understanding and assessing the microstructural evolution and the



underlying mechanisms induced by irradiation or ultrafast thermal cycles is essential and of great
importance to design structural materials more tolerant to extreme environments.

Traditional atomistic modeling methods such as molecular dynamics (MD) have been
extensively employed to understand the defect evolution of high-performance materials from
fundamental atomistic levels [15-18]. However, the integration time step in MD simulations
cannot be larger than a fraction of a typical phonon vibration (~1-10 fs) to ensure the stable and
accurate results of the integration of the equations of motion [19]. In other words, depending on
the speed of computers, atom numbers, and force field potentials, MD simulations can just reach
to nanoseconds, which is still far away from the time scales of experiments. Due to the huge gap
in time scales between MD and experiments, under some cases, MD simulations at short time
scales cannot uncover the realistic mechanisms in experiments [20, 21]. Therefore, it is
imperative to develop new modeling algorithms at the fundamental level to overcome the
timescale limitation and reveal the realistic mechanisms of microstructural evolution. This thesis
focuses on employing the potential energy landscape (PEL)-based modeling techniques to
investigate the microstructural evolutions and elucidate the underlying mechanisms and further
establish quantitative structure-property relationships under extreme conditions in high-

performance materials at long time scales [22-25].

1.2. Scope of Thesis

This thesis is organized as described below:

In Chapter 2, we discuss the methodology of PEL-based atomistic modeling framework
at long time scales. Section 2.1 briefly describes the traditional atomistic MD method and

timescale limitations in modeling microstructural evolution. Then, the notion of potential energy



surface (PES) is introduced in Section 2.2. Meanwhile, we discuss two different long time scale
atomistic techniques based on the concept of probing the transition pathways in the PES,
including the autonomous basin climbing (ABC) method and the activation-relaxation technique
(ART). In the final part of Section 2.2, we discuss the advantages and drawbacks of the two
methods of exploring the PES and availabilities for different problems of interest. We employ
ABC method to explore the PES of the system of dislocation-defect interaction in Chapter 3,
while ART is used to probe the PES of disordered grain boundaries. Finally, we discuss a
recently-developed novel computational framework based on the concept of PEL to enable the
investigation of dislocation-defect interaction at realistic strain rates by using ABC method
combined with transition state theory (TST) called ABC-T in Section 2.3. More details of
employing the ABC-T method to study microstructural evolution will be discussed in Chapter 3.
In Chapter 3, we employ ABC-T method to simulate dislocation-obstacle interaction at
realistic strain rates and uncover the different mechanisms of intermediate microstructure
evolution in BCC Fe. This is important because interactions of defects with dislocations formed
under irradiation in nuclear reactors determines the mechanical properties of structural materials.
In particular, we investigate a local interaction between dislocation and a vacancy-type obstacle
in BCC Fe at room temperature by ABC-T method, over a wide range of strain rates, from 10%s*
down to 10%sL. Interestingly, a non-monotonic correlation is found between the critical resolved
shear stress (CRSS) of the system and applied strain rates. As strain rate increases, the CRSS
first decreases and then increases with a minimum at the condition of 10°s%. This suggests a
negative strain rate sensitivity (nSRS) at low strain rate regime, which might cause deterioration

in the nuclear reactor’s structural materials. We demonstrate that the nSRS is due to the different



intermediate microstructures emerged under the complex interplays between thermal activation
and applied strain rates.

In Charter 4, we focus on the kinetic evolution in a multiplicity of metastable grain
boundaries (GBs) under ultrafast thermal cycles, since this microstructural evolution governs the
mechanical properties in nanocrystalline during additive manufacturing process. Combined
methods, including PEL-based atomistic simulations and femtosecond laser experiment
collaborated with Gianola and his coworkers are employed to investigate this kinetic evolution.
The energetic evolution of GBs over a broad energy-temperature space is mapped out by an
advanced statistical analysis, wherein two distinct regimes—an ageing regime and a rejuvenating
regime—are retrieved with high fidelity. Such ageing-rejuvenating mechanism map is universal
by comparing the simulation results with various conditions (e.g. ultrafast heating-cooling,
isothermal annealing). The ageing/rejuvenating phenomena originate from the energy imbalance
during progressive transitions in the system’s PEL probed by ART method, which can further be
quantitatively characterized by a self-consistent kinetic equation. Without invoking free fitting
parameters, our PEL-based modelling framework naturally captures key phenomena of the
experimentally measured non-linear hardness variation with respect to the laser fluence under
femtosecond laser pulses.

In Chapter 5, we seek to build up a robust processing-microstructure-properties
correlation for metastable GBs, which could manipulate the metastable microstates of GBs
without changing the macroscopic textures during additive manufacturing or nanocrystalline
synthesis process. Specifically, we investigate non-equilibrium relaxations in a multiplicity of
tilted GBs subjected to ultrafast thermal driving forces to mimic femtosecond laser pulses by

atomistic modeling. A universal hysteresis behavior is observed in symmetrically/asymmetrically



tilted GBs. By exploring the intermediate atomic configurations and their assessable activation
barriers in the underlying PEL, we demonstrate the energetics and atomic diffusions in
metastable tilted GBs are disorder-driven rather than free volume-driven. A critical transition
temperature is identified, separating the non-equilibrium GBs' evolution into a fast-varying stage,
and a tuning-ineffective stage, respectively. Most importantly, a universal correlation between
such critical transition temperature and GBs’ inherent structure energy is discovered, which
paves a promising way to assess and predict the kinetic and mechanical properties of interface-
dominant systems.

In Chapter 6, a brief summary is given and we will discuss the importance of multiscale
modeling based on the concept of PEL and potential implications on microstructural evolutions
at long time scales. Finally, we discuss some future work on some complex microstructural

defects and structural materials via atomistic modeling.



Chapter 2 Methodology: Atomistic Modeling

This chapter presents a variety of atomistic modeling methods employed in the following
chapters of the thesis. Firstly, molecular dynamics (MD) method is briefly described and the
limitation from a time scale standpoint is discussed. Then we propose potential energy landscape
(PEL)-based modeling framework to capture atomic deformation behaviors and mechanisms at
long time scales. Autonomous basin climbing (ABC) method and activation-relaxation technique
(ART) are selected to overcome the timescale limitation and collect rare transition events by
probing the potential energy surface (PES). Finally, the ABC-T method combining ABC method
and transition state theory (TST) is discussed to simulate the microstructural evolution at very

low strain rate conditions.

2.1. Molecular Dynamics (MD) Method
2.1.1. Overview on MD

Over the past few decades, MD simulations have been widely used in a variety of fields
[26, 27] from an atomistic perspective. In principle, MD simulations could track the dynamic
evolution of particles and then uncover the microscopic behavior of the system by numerically

resolving the Newton’s equations of motion given as:

f :m%:den :_8E(r1,r2,_,_,rN)
' dt dt? or

(2.1)

inwhich f, v, r, E(r,r,,..., 1) are the forces, velocities, initial positions, and potential energies,

respectively. To resolve the equations of motion, the velocity Verlet algorithm [28] is



implemented by introducing each time step, At, to update positions and velocities of particles.

These equations are given below,

[ (t+At) =1 (1) +V (t +%At)At 2.2)
and
1 1
v (t+ EAt) =V, (t- EAt) +a, (t)At (2.3)

It should be noted that the time step, At, cannot be larger than a fraction of a typical
phonon vibration (~1-10 fs) to ensure the stable and accurate results of the integration of the
equations of motion. It is also worth noting the fitting potential force field is significant because
this determines the physical attraction and repulsion between particles and further influences
particles’ trajectories [29, 30]. In statistical mechanics, there are three main ensembles [31, 32]
(microcanonical ensemble, canonical ensemble, and grand canonical ensemble) where MD
simulations are conducted. More specifically, the number of particles, volume and total energy
are all kept constant in microcanonical ensemble, which is called NVE. While in canonical
ensemble the temperature is constant, which is called NVT and the system is under heat bath.
Finally, the grand canonical ensemble represents that the chemical potential, volume, and

temperature remains constant, which allows the number of particles to change.

2.1.2. Time Scale Limitation in MD

Though MD method gives insight into the dynamic evolution of the material from an
atomic viewpoint, there are still unresolved problems in terms of the length and time scales
which are experimentally inaccessible. Nowadays, with huge improvement of computer power,

refined potential force fields, and data storage capacity, the length scale issue is less challenging.



For example, MD simulations could be accessible to hundreds of millions of particles and
running for nanoseconds [33-35]. However, the time scale problem is noticeably challenging.
The reasons are twofold: according to TST, the escape time ( At) from one of the basins is

determined by the temperature and activation energy barrier as shown below,

At =[v*exp(- kE—_/I*_)]‘1 (2.4)

where v is the jump frequency, T is temperature and E, is the activation barrier. 1) The low

temperature slows the movement of particles and the physical phenomena of interest will require
longer time, which is inaccessible in MD simulations. 2) Due to the high dimensionality of the
phase space and higher activation barriers for some rare events, the system will be stuck in deep
energy basins for an amount of time. Figure 2-1 shows it is hardly to transit from basin A to
basin B due to the high activation barrier and MD simulation time is mostly spent near the
bottom of energy basins A and B. As MD method captures the thermal vibration of particles, the
time step is on the order of a typical phonon vibration (~1-10 fs). Therefore, the MD simulation
can hardly go beyond nanoseconds, which are inaccessible to many realistic experiments of
interest. For instance, strain rates in MD simulations are extremely high (10°s? ~10%° s1) [36-
39], which are experimentally inaccessible (=10 s?) [40]. This huge time scale gap between MD
simulations and experiments might trigger some time-dependent phenomena and underlying
mechanisms at long times [20, 21]. Therefore, it is imperative to develop approaches to tackle
the time scale challenge. Herein we develop and implement PEL-based modeling algorithms to
investigate the microstructural evolution at long time scales, which are presented later in this

chapter.



r\ Rare event

Potential
Energy P(x)

Basin B

Basin A

Generalized coordinate x

Figure 2-1. Transition from basin A to B is rare in MD simulations and most events are found near the
bottom of energy basins in a MD simulation. The thin black line represents a random trajectory through

the energy landscape.

2.2. Potential Energy Landscape (PEL)-based Modeling Methods at Long Time Scales
In the previous section, we mentioned the time scale limitation of MD method and thus
researchers have proposed a variety of methods based on the concept of PEL to overcome this

time scale limitation. In the following sections, we discuss various methods to explore the PES.



2.2.1. Potential Energy Landscape

From a fundamental perspective, the properties of a many-body system are primarily
governed by the collective interactions between particles, which could be characterized by the
PES. Basically, there are many local minima, also known as inherent structures (IS), representing
some metastable states with certain atomic configurations. In principle, material microstructural
evolutions and concomitant properties change should correspond to the progressive exploration
of the IS in the PES. Thus, the microstructural evolution at long time scales could be achieved by
probing the topology of the underlying PES and then further coupling that information to TST
calculations. Various technigues have been proposed to explore the PES efficiently and
accurately, wherein ABC and ART are widely applied for different applications. In the following

two sections, we discuss the two techniques to explore the PES.

2.2.2. Activation Relaxation Technique (ART) to Explore PES

ART is a method of searching first-order saddle points as a given basin in the PES [41].
There are two main steps: the activation to a nearby saddle point and the relaxation a new
minimum. During the stage of searching a nearby saddle point, the lowest eigenvalue and
corresponding eigenvector of the Hessian matrix are calculated by Lanczos algorithm [42].
When the current eigenvalue or curvature of PEL’s Hessian matrix is negative, with absolute
value larger than a given threshold, the system is regarded as approaching to the nearby saddle
state. The initial uphill push direction is changed to the corresponding eigenvector. The ART
algorithm shown in Figure 2-2 for each new successful event is described as following:

I Relax the system to a local minima with an appropriate potential force filed,;

10



ii Deform the system slightly in a random direction and create a nonzero force in a certain
direction;

iii Perturb iteratively and push the system to a saddle point;

iv Judge whether it is a saddle point: (a) if it is a saddle point, go to next step; (b) if it is not a
saddle point, go back to step ii;

v Push to a new local minima and relax.

11



Relax to a new minimum
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'
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Is it a saddle
point

Push and relax to a new
minimum

Figure 2-2. ART algorithmic flowchart at each new generated event.

Once a new event is generated, the system is brought back the original local minima
again and deformed in another random direction to find new surrounding saddle points and
minimum states. These collected saddle points and pathways serve as the input parameters for
the further kinetic Monte Carlo (KMC) calculations. Combining ART and KMC, kinetic
activation-relaxation technique (k-ART) has been proposed and successfully applied in

amorphous and glassy materials, from glasses to polymers and proteins [41, 43].
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2.2.3. Autonomous Basin Climbing (ABC) Method to Explore PES

The ABC method was developed by Kushima et al. [44], inspired by Laio and
Parrinello’s idea [45] of escaping from free energy basins by adding penalty functions in a 3N-
dimensional space for a given N-particle system. Explicitly, the ABC algorithm could be
implemented as the following steps:

i The system is relaxed to a local minima Emin(1) as seen in Figure 2-3(a);
ii A penalty function is added to the system to explore the PES. The penalty function ¢*(r)

follows a Gaussian shape described as

(r — rnliin)

= ] (2.5)

¢"(r) = wexp[-

where k denotes the local penalty function number. The height and width are controlled by the

parameters of w and o . r¥.is the minimized configuration after k-th applied penalty function.

Then Figure 2-3(b) shows the modified total energy w(r) described as

V() =E@)+ Y4 () (2.6)

where E(r) is the potential energy of the system and p is the total number of penalty functions;
iii The system is locally minimized to a new minima r";

iv Steps ii and iii are repeated until a dramatic drop of the total energy occurs, which is
identified as a saddle point as shown in Figure 2-3(c). The criterion of find a saddle point is
the total energy is equal to the potential energy of the new local minima;

v Steps ii-iv are repeated to obtain more minima configurations in the PES.

It should be noted that ABC doesn’t require the information of reaction coordinates from

preceding MD calculations and therefore ABC algorithm is especially useful in exploring

13



unknown PES and finding low probability configurations without knowing the reaction

pathways in advance.

(a) (b) "
V() =EM+3 60

¢ (r)
1) Erinl2)

d V() =EO+ 24 (0)

2

V() =EQ)+ Y4 0)

Emin(z)

E min(l) E min(l)

E min(z)

Figure 2-3. Schematic illustration of basin filling by adding penalty functions in ABC method. (a) and
(b) Penalty function @™ (r) added to push the system; (c) Find the saddle point and relax to a new minima

Emin(2); (d) Continue adding more penalty functions to find more surrounding local minima Emin(3).

The penalty width and height controls the efficiency and accuracy of calculations in
exploring the PES. For instance, smaller penalty function parameters may cause more accurate
energy barriers but increase computational load. Therefore, in order to balance the accuracy

and efficiency of computational load, researchers employ nudged elastic band (NEB) [46]
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method to refine the energy barriers after finding initial and final states explored by ABC
method.

In the ABC algorithm, the system evolves towards the pathway with the lowest energy
barriers. However, ABC algorithm neglecting some neighboring higher barrier pathways will
cause time overestimation if there are multiple competing transition pathways in the same
basin. The extended ABC (ABC-E) has been developed by Fan and his coworkers [47] to
tackle this problem. The basic principle is to add a repulsive Gaussian penalty function on the
lowest saddle point to block the identified pathways. Once a new saddle point is found, the
system is set back to the original local minima. By doing the iterations, multiple transition
pathways could be identified in the same energy basin. The stopping iteration criteria is
determined by the relative probability of the new transition with respect to previous transition
pathways. Overall, ABC-E may provide more accurate estimations of the kinetic evolution.
2.2.4. Discussion on Different Techniques to Explore PES

Except the two above mentioned ART and ABC methods, dimer and temperature-
accelerated dynamics (TAD) methods are also employed to explore PES. In the dimer
algorithm, a replica of the system is firstly created by displacing a small and fixed distance
and then the dimer system is rotated in order to find the lowest curvature of the current PEL
where the dimer is located. Similarly to the ART method, the dimer method could explore
multiple transition pathways but heavy computation load. The dimer method has been
basically used in chemical reactions. TAD method is based on biased dynamics to activate the
system by increasing the temperature. There is no need to fit the jJumping frequency in TAD
method, which could provide more accurate results. However, the lowest barrier limits the

boost factor, and the system will be easily trapped in a well. The TAD method was applied
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several problems, including the Frenkel pair recombination nearby GBs [48] and vapor-
deposited crystal growth [49].

ART and ABC methods also own their advantages and drawbacks. The ART method
could explore multiple surrounding equilibrium configurations and therefore is particularly
useful in the disordered systems, including a series of transition pathways. However, this
method could dramatically increase computational load for long-term non-equilibrium
evolution since ART algorithm just searches one saddle point in each iteration but each local
minima is connected with many new surrounding states for complex non-equilibrium systems.
Recently the k-ART has been proposed based on off-lattice KMC with on-the-fly cataloging
capabilities to tackle the increased computational load problem [43]. ABC method does not
need the collective reaction information and thus could explore unknown PES without
knowing the dominant transition pathways in advance. Meanwhile, ABC method could
balance the accuracy and efficiency by tuning parameters of penalty functions. Nevertheless,
there is one main issue in ABC method. ABC method needs to store the information of penalty
functions to avoid finding repeated minima but this could dramatically increase computational
load and memory space. A method called self-learning metabasin escape (SLME) was
developed by Cao [50] to tackle this problem.

In the chapters 3-5, we employ both ABC and ART methods to probe the PES
depending on the studied problem of interest. In chapter 3, we investigate the dislocation-
defect interaction at realistic strain rates and ABC method is employed because dislocation
gliding pathways are very clear. In chapter 4 and 5, we study the kinetic evolution and
dynamic relaxation of metastable GBs, where ART algorithm is applied to explore multiple

equilibrium configurations in disordered GB structures.
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2.3. ABC Method Combined with Transition State Theory (TST) at Long Time Scales

ABC method could explore the static energy landscape, while it is hard to explore time-
dependent landscape and corresponding behaviors. In experiments, materials normally are
applied dynamic strain rate and such dynamic scenarios cause the PEL changing with time.
Therefore, it is inaccurate to study the dynamic PEL by using a single initial local minima in
ABC method. To address this challenge, an alternative method to apply a constant experimental
strain rate to the system by consecutive ABC iterations combined with TST was developed by
Fan et al. [51]. This method combining ABC and TST is called ABC-T (seen in Figure 2-4) and
is described as following:

i Pick up a desired strain rate ¢ ;
it Apply ABC algorithm to explore the current PES as a given strain ¢, ;

iii Find the initial and final equilibrium states by ABC algorithm and apply NEB method to

refine the energy barrier;

iv Calculate the hopping time At, according to TST using Equation 2.4 and obtain the strain

increment Ag;,, for a certain strain rate £. The Ag;,,could be expressed as A¢g,,, = EAt;;

v Apply the strain increment to the system and bring back to step ii to explore the new PES.

17
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— configuration

Figure 2-4. Algorithmic flowchart of ABC-T.

Thus, ABC-T could be accessible to the realistic time scale by applying an experimental

strain rate. It should be noted that the strain increment A¢,,, should be small because the strain

loading is continuous in experiments and MD simulations. In other words, if the increment strain

is too large, the system would be driven far away from the current state, which causes the abrupt

PEL change and accumulated error. To tackle this problem, a maximum strain increment Ag,,,

issetup. If Ag,,, is larger thanA¢,, , Ag,,, IS accepted instead of Ag;,,, otherwise, Ag,, is
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applied. In the next chapter, we discuss an example of investigating dislocation-obstacle

interaction at realistic strain rates by employing ABC-T method.
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Chapter 3 Dislocation-Defect Interaction at Long Time Scales by ABC-T Method

The interaction between an edge dislocation and vacancy clusters in bcc Fe is
investigated over a wide range of strain rates from 108"t down to 10%s%, which is enabled by
employing an energy landscape-based atomistic modeling algorithm. It is observed that, at low
strain rates regime less than 10°s, such interaction leads to a surprising negative strain rate
sensitivity (nNSRS) behavior, which was believed can only be induced by global diffusion and
concentration of defects around dislocation core. We demonstrate that, even for a local
dislocation-obstacle interaction, different intermediate microstructures can emerge due to the
complex interplays between thermal activation and applied strain rate, and could eventually lead

to the observed inverse relation between critical stress and strain rate.

3.1. Introduction

Advanced nuclear reactors are being designed for longer lifetimes while operating in
extreme conditions of temperature and irradiation [1]. The microstructure of neutron-irradiated
structural materials, which mainly consist of ferritic alloys, typically includes a super-saturated
small defects such as self-interstitial atom and vacancy clusters [52]. The nature of interaction
between such defect clusters and dislocations is critical to understand and predict the mechanical
degradations of the materials, such as swelling, creep, hardening and embrittlement [3-5].

NSRS is a remarkable phenomenon showing an inverse relation between flow stresses and
applied strain rates [53-55], which might lead to detrimental effects such as non-uniform

deformation and mechanical instabilities [56]. It is challenging to explain nSRS by the direct
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interaction between a dislocation and an obstacle. Because according to the conventional picture
proposed by Kocks, Argon and Ashby [57], the activation barrier for a dislocation-obstacle unit
interaction monotonically decreases as stress increases, following a (p,q)-shape power-law
expression. Two direct implications stem from this picture: (i) the qualitative interaction
mechanism is presumably unaffected by surrounding environments; and (ii) only a normal strain-
rate sensitivity, namely a positive correlation between strain rate and flow stress, can be obtained
by employing the kinetics theory. Therefore, to explain the nSRS phenomenon, a global
diffusion scheme has been proposed: there is an adequate supply of defects that diffuse towards
the dislocation, and lower strain rate allows more time for defects concentrate at dislocation core,
which yield stronger resistance and higher flow stress [56]. Several continuum models have been
developed to quantify the nSRS behavior. For example, by assuming the obstacle and dislocation
concentrations are time and strain dependent, Estrin et al. ’s model can predict an inverse
behavior if the homogenous nucleation of obstacles in bulk being taken place [58, 59]. Recently,
Curtin et al. made a significant improvement to Estrin et al.’s model by introducing the
mechanism of direct single-atomic jump across the dislocation slip plane [60]. However,
understanding the nSRS behavior fundamentally is still challenging and herein we employ ABC-

T method to uncover the underlying mechanisms.

3.2. Methodology and System Set Up

For Vacancy clusters or voids are common defects in structural materials and can induce
strong resistance to the glide motion of edge dislocation [61]. Therefore, we consider the
interaction between the 1/2 <111 > edge dislocation and a small void containing 9 vacancies in

bcc Fe. The simulation system has the dimensions 9.81 nm (x) *3.51 nm (y)*12.57 nm (z), and
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contains 33171 Fe atoms. The periodic boundary conditions are applied on the dislocation line
and glide directions, respectively. The interatomic potential employed in this study is an
embedded atom method (EAM) type developed by Ackland et al [62]. Atomistic modeling on
dislocation-obstacle interactions at low strain rate (less than 10%s™) has been known as a
longstanding challenge to traditional MD simulations [61]. Recently, our developed ABC-T
algorithm [51] makes it possible to probe considerably lower strain rate conditions than in
traditional MD simulations.

A schematic illustration of the modeling framework is shown in Figure 3-1. For a given
strain condition (including the initial state with no strain), employ ABC to obtain the local
dominant reaction pathway in the system’s underlying PEL and get its activation barrier E, . The

_Eb
corresponding thermal activation time at temperature T can be calculated as At =[v,e /']

according to the TST, where v, is the attempt frequency (of order 10* s%) [63]. For a specified

_B
strain rate ¢ , the corresponding strain increment, Ae = éAt = é[v,e /'], is then applied to the

system, as shown in Figure 3-1. Keep doing the procedures iteratively until the dislocation is
unpinned from the obstacle, one can then investigate the microstructural evolutions and the
corresponding properties of the system (e.g. critical resolved shear stress (CRSS)) at prescribed
conditions of temperature and applied strain rate.

To be more specific, a few atom layers near the top and the bottom (green regions) are set
as rigid blocks in the simulation cell. The shear strain is implemented into the system by
displacing the upper block as a whole [64]. At each strain state, the total force along the
dislocation glide direction on the upper block Fy is calculated. The shear stress is then calculated

as Fu/St, where St is the top surface area of the upper block. The CRSS is regarded as the peak
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stress of the stress-strain curve. More details of the model, in what we now call ABC-T, can be

found in Refs. [51, 65].

fora given
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Figure 3-1. Illustration for the dynamic model in capturing the dislocation-obstacle interaction as a

function of strain rate, ¢, and temperature, T, after combing the autonomous basin climbing method and

transition state theory.

3.3. Results and Discussion
3.3.1. Dislocation-Obstacle Interaction under Static Conditions

We first studied the interaction between the dislocation and the vacancy cluster under
static conditions. Figure 3-2 shows the stress-strain curve, associated potential energy (per atom

on average), and corresponding critical configurations for this interaction.
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Figure 3-2. (a) The stress-strain curve, and associated potential energy (per atom on average) of the
system, during the static interaction. (b) The corresponding critical atomistic configurations during the
static interaction as shown in (a). The atoms are visualized by AtomEye [66], and colored according to
different coordinate numbers.

In the beginning, the vacancy cluster is on the right side of the dislocation, with the center

of mass placed on the glide plane. Upon shear loading, the dislocation is attached to the vacancy
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cluster (Figure 3-2(b), C2) associated with a stress relaxation down to -251 MPa, indicating a
very strong attractive pinning interaction in the early stage [61]. To better mimic the strain-
controlled tensile test experimental condition, it is convenient to study the interaction as a
function of strain. The corresponding strain at C2 is therefore set to be zero as a reference state.
By further increasing the strain, there is a monotonic increase of the stress from C2 to C3. When
the stress increases up to 570 MPa, the dislocation and vacancy cluster are detached from each
other, leading to the sharp stress relaxation. The corresponding potential energy of the system
during the interaction is also shown by the red curve in Figure 3-2(a). Two vacancies in the void
are absorbed by the dislocation during the static interaction, and a small jog is formed after the
interaction (Figure 3-2(b), C4).
3.3.2. Dislocation-Obstacle Interaction at Room Temperature over a Wide Range of Strain

Rates

We then probed the same interaction at room temperature and five different strain rates
from 108 s down to 103s™, by employing the ABC-T framework shown in Figure 3-1. The
results are benchmarked against independent MD simulations on the same system at the high
strain rates (10°s and 108 s™), where MD is known to be valid. Figure 3-3(a-b) show the
corresponding stress-strain curves provided by ABC-T and MD simulation, respectively. It can
be seen that all the CRSS under non-zero temperature are lower than the critical stress found
from the static calculation. It is also noticed that in the MD simulations (seen in Figure 3-3(b)),
the stress at the beginning is around -170 MPa, which is 80 MPa deviated from the static results
(black curve in Figure 3-3(a)). We believe such a discrepancy is mainly attributed to the thermal
compression stress produced in the non-zero temperature MD simulations, because of the fixed

volume control (see Appendix A). The atomistic configurations after the interaction are shown
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in Figure 3-3(c). Compared to 2 vacancies absorbed in static interaction, 5 vacancies are
absorbed by the dislocation under 300 K, while different strain rates lead to different atomic
configurations after the interaction. In the ABC-T simulations, a most compact structure of
vacancy cluster is formed under 10%s?, as seen in Figure 3-3(c). The remaining vacancy clusters
for the strain rates between 10%s* and 108s are in the same structure, while the jogged
dislocation at 10%s™* has a relatively ripped structure because of the extremely high strain rate. As
seen in Figure 3-3(c), independent MD simulations show identical vacancy cluster configurations
as in ABC-T results under the same conditions. The slight differences in dislocation structures

are due to the atom oscillations in non-zero temperature MD simulations.
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Figure 3-3. (a)-(b) The stress-strain curves for the dislocation void interaction under different strain rate
conditions, provided by ABC-T and MD simulations, respectively. (¢) The associated critical atomic

configurations after the interaction.
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3.3.3. Critical Resolved Shear Stress (CRSS) under Different Strain Rates

The CRSS under different strain rates are read off from Figure 3-3(a-b) and plotted in
Figure 3-4. It can be seen from ABC-T results that, for strain rates higher than 10°s%, the CRSS
increases as a function of strain rate, which shows a normal relation and is consistent with earlier
studies [67, 68]. It is noticed that under the same conditions, there are quantitative mismatches of
CRSS between ABC-T and MD. The reasons could be twofold: (i) It might again originate from
the thermal compression stress in MD simulations mentioned above; (ii) the attempt jump
frequency vo in ABC-T is set as 1012 s~%. Although such value has been widely used and
accepted, it might become larger upon strong entropy effects [69], which could lead to a lower
CRSS because each strain increment step in the ABC-T simulation will be faster and the
dislocation and the obstacle would detach from each other earlier.

More importantly, if we remove the thermal stress effects and focus on the net increases
of CRSS from 10°s to 108s%, then clearly both ABC-T and MD studies show the same results.
The agreements on the CRSS variations, along with the identical configurations shown in Figure
3-3(c), demonstrate the robustness of ABC-T algorithm in probing the dislocation-obstacle
interactions. Very interestingly, and surprisingly, the CRSS shows a negative sensitivity to strain

rate below 10%st in ABC-T simulations.

27



400 - O Critical Stress i
B MD Data I
— 350 - _
(T
o
<
» 300 - T _
o ]
£
@ 250 - -
[]
200 » » " " r -
10 10 10 10 10 10

Strain Rate (s™)

Figure 3-4. The CRSS under different strain rates conditions. Red open squares are the results of ABC-T

framework simulations, while the black squares represent the MD simulations results.

3.3.4. Mechanisms on Negative Strain Rate Sensitivity (hSRS) Behavior

To reveal the underlying mechanisms of the nSRS behavior, we focus on the potential
energy changes of the system during the evolutions, following the similar ideas proposed by
Dutta et al. [70] and Monnet [71]. In particular, we analyze the system’s potential energy and
defect structure evolutions under different strain rate conditions. For each set of strain rate, a
parabola like shape of the potential energy is observed, similar to the red curve in Figure 3-2(a).
Figure 3-5(a) shows the energy differences at various strain rate conditions, with respect to the
static interaction energy (red curve in Figure 3-2(a)). As seen in the figure, at relatively low

strain rate 10*s™, there are high frequent fluctuations on the energy difference curve, which
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indicates significant amount of thermal activations and relaxations. For the higher stain rates
such as 10%s%, however, the energy difference curve is smoother, which demonstrates that the
system is mainly driven by strain deformation induced by the high strain rate. It is worth noting
that a similar serrate-smooth transition has also been observed in nano-indentation experiments,

by increasing the applied strain rates [72].
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Figure 3-5. (a) The potential energy differences of the system under different strain rates conditions, with
respect to the static energy curve. (b) The atomistic configurations during the interactions, at various
strain rates. (c) The atom density distributions along x-axis, i.e. the <111> direction, for structures S1-S5.
The vacancy cluster’s fractional coordinate along x-axis is about 0.8. It clearly shows that for high strain

rates 10%s* and 108, the vacancy clusters are ripped into parts, while such behavior is not observed for

lower strain rates.
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The defect structure evolutions under different strain rates are shown in Figure 3-5(b). At
carly strain stage (¢~0.003), the vacancy cluster is nucleated downward due to the thermal
activation, for those strain rates between 10%s* and 10°s™%. However, under high strain rates of
10%st and 1081, no such nucleation is observed because there is not enough time for this event
to be thermally activated.

Assisted by thermal activations, the dislocation core glides to the right side of vacancy
cluster at medium strain stage (seen in Figure 3-5(b), the configurations at ¢~0.006 for the strain
rate between 1035 and 10%s%). This process is associated with the energy peak between £=0.003
and £=0.006 shown in Figure 3-5(a). On the other hand, for the highest strain rate 10%s, the
dislocation does not glide to the right side of the vacancy cluster until the strain reaches the level
around 0.009. This is because, at very high strain rate condition, the thermal activations are
significantly suppressed and correspondingly, the similar interaction mechanism can only take
place at deferred strain [51, 73].

Upon further deformation, the structures of vacancy cluster show different evolutions at
various conditions, as seen from S1-S5 in Figure 3-5(b). Under the strain rates between 10°s
and 10°s%, the vacancy clusters show downward nucleation due to thermal activations (S1-S3 in
Figure 3-5(b)). However, at 10%s™ and 108, the vacancy cluster is ripped into parts (see S4 and
S5 in Figure 3-5(b)) rather than being nucleated, because there is not enough time for this event
to be thermally activated at very high strain rates. The atomic density projection along x-axis
(gliding direction of dislocation) shown in Figure 3-5(c) also demonstrates a clear split behavior
at high strain rates. It is worth noting that there are still strong connections between the ripped
parts because their spatial spans are comparable with the cutoff radius of the EAM potential.

Therefore, effectively the ripped structure at high strain rate imposes a larger surface area
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attaching to the dislocation core. On the other hand, the vacancy clusters nucleate to different
structures (S1-S3) at the strain rates between 10%s* and 10%s%. S1 and S2 are in a relatively
looser structure than S3, and the lower energy minimum in the inset plot of Figure 3-5(a)
indicates that they are energetically more stable than S3. For both the loose structure (S1-S2) and
the ripped structure (S4-S5), they have larger surface areas attached to the dislocations than S3
does. Correspondingly, the larger areas induce stronger impedances, and thus lead to higher
critical stresses. This explains the reason that the CRSS reaches its minimum at 10°s™.

By comparing the further evolutions between 10%s and 10%s?, it can be found that the
loose structure of vacancy cluster under 10%s™ (S1) further nucleates to another stable
configuration, because of more available time for thermal activation under lower strain rate.
Subsequently, the stable structure leads to a higher CRSS than that in 10*s™%. Therefore in the
entire simulated strain rate regime from 10%s™ to 10%s%, the CRSS shows a “V” shape as seen in

Figure 3-4.

3.3.5. Discussion on ABC-T and nSRS

It is worth noting that the minimum strain rate considered here is 10° s™*. In principle, the
ABC-T method would allow us to tackle even slower processes. However, as illustrated in
Figure 3-1, at a given temperature too small strain rate can only implement a negligible strain
increment during each iteration, which will tremendously increase the total computational costs.
As a comparison, typical experiments concerning the dislocation-obstacle interactions are
usually done in the strain rate regime between 10° and 102 s™* [21, 74, 75], which seem:s still
slower than the present study by several orders of magnitude. But we would like to note that such

low rates usually refer to the global strain rates applied to the entire specimens in the mm order.
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And experiments [76, 77] show that the deformation in the specimen is highly heterogeneous and
largely localized within the so-called dislocation channels, of which the width is in the order of
tens of nm. In other words, inside those channels where dislocation-obstacle interactions take
place, the local strain rates can be up to 105 (~1 mm/10 nm) times larger than the average global
strain rates. Since the present study focuses on the local dislocation-obstacle interaction, we
therefore believe the hereby obtained results are not unrealistic.

The inverse behavior between CRSS and strain rate is known as nSRS phenomena, and
can induce some detrimental effects on the materials. For example, the inverse behavior results
in the decreased ductility and strength of the materials, and correspondingly generates the
instabilities of materials during deformation. Understanding and explaining such behavior are
therefore critical for the material design strategies. The nSRS phenomena subject to many
variables, such as temperature, strain rate, defects concentration, grain size, etc. In our work, we
particularly study the strain rate effects on the local interaction process between dislocation and
obstacle. Through direct atomistic simulation we demonstrate that, in addition to previously
proposed global diffusion models , the unit process of dislocation-obstacle interaction can induce
the nSRS behavior as well, due to the interplay between the thermal activation and strain rate. In
fact, such interplay does not only contribute to NSRS, but also results in other important
phenomena, such as flow stress up-turn behavior, and dislocation channel formation.

We would like to stress that although the present study focuses on the nonmonotonic
variation of CRSS in a bcc Fe system, the underlying principle—namely, the complex interplay
between thermal activation and mechanical loading—is rather general and applicable to many
different materials. For example, it has been found in a large variety of materials (including Al,

Cu, Ni, Zr, and intermetallic y — TiAl) [51, 65, 78] that the microstructural evolutions of
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dislocations can be qualitatively different at different time scales. And the transitions between
various mechanisms have been viewed as an underlying competition of strain rate and thermal
activation, corroborating the spirit of the present study. It is also worth noting that, Schuh et al.
[79] recently show that grain boundaries, a very different type of defect from dislocation,
undergo remarkably different mobilities at the timescales beyond MD’s accessibility. Their
studies, together with the present observation and other recent results on dislocations, suggest
that in general the defects evolutions are very complex. Therefore, the traditional simple
extrapolation of MD results from short to long timescales could undermine the accuracy or even
give a misleading prediction to materials performance at realistic environments. As a final note,
in addition to the strain rate effects probed in the present study, many other factors (e.g. system

size, type of obstacle, etc.) can also affect the microstructural evolutions.

3.4. Summary

In summary, we have examined an edge dislocation-vacancy cluster interaction in bcc Fe
by a recently developed framework, ABC-T, which allows us to extend the atomistic modeling to
low strain rate conditions. We demonstrate that the dislocation-obstacle interaction is determined
by two competitive driving forces: strain rate and thermal activation. Under low strain rates,
thermal activations assist the vacancy cluster in nucleating to more stable states (S1 and S2 in
Figure 3-5 (b)), which induces a stronger resistance to the dislocation and therefore lead to a
higher CRSS than that in 10°s*. However under high strain rates such as 106s* and 108s?, there
is not enough time for the vacancy cluster nucleation being thermally activated. In contrast, the
vacancy cluster is ripped to parts (S4 and S5 in Figure 3-5 (b)) due to the high strain rate. The

parts of vacancy cluster have a larger total area attached to the dislocation than the compact
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structure in 10%s (S3 in Figure 3-5 (b)). It therefore also leads to a stronger interaction with the
dislocation and thus higher CRSS. All these together explain the underlying mechanism for the
“V” shape relation between CRSS and strain rate, with the minimum at 10°s. The interaction at
high strain rates are directly benchmarked against MD simulations. Two independent studies
show the identical atomic configurations after the interactions. The CRSS-strain rate relations are
also qualitatively consistent with each other. Such consistency suggests that the basic arguments
used in our analysis of competition between thermal activation and strain rate effects are correct,

at least in the limit of high strain rates.
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Chapter 4 Kinetic Evolution of Metastable Grain Boundaries under Non-Equilibrium
Processing from the PEL Standpoint

In the previous chapter we proposed ABC-T algorithm to achieve realistic time scales
while retaining fully the atomistic details. This method was validated by low strain rate shear
tests for dislocation-obstacle interaction, which is significant in studying nuclear materials’
degradations such as the non-uniform deformation and mechanical instabilities. In this chapter,
we address another longstanding challenge of understanding the kinetic evolution of metastable
GBs under non-equilibrium processing, which is crucial in assessing and controlling structural

material properties during additive manufacturing (AM).

4.1. Introduction

Polycrystalline solids are among the most pervasive engineering materials, and the
interfaces between the grains, known as GBs, play a decisive role in determining the system’s
physical properties [80, 81]. In recent years, nanocrystalline (NC) alloys have received
considerable attention, because the high concentration of GBs endows the systems with high
strength [12, 82-84], improved resistance to wear [85] and fatigue [86], and in some instances
high ductility [87]. Meanwhile, additive manufacturing (AM) is regarded as a disruptive
technology owing to its unique capabilities of creating an object by stacking layers of materials
into complex 3-D geometries. During AM process, metals and alloys’ powders are melted by
laser or electron beams and the powdered materials experience ultrafast heating-solidification

non-equilibrium thermal cycles, which results in enormous defects such as grain boundaries in
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relatively large columnar grains [8]. Thus, investigating the kinetic evolution of GBs under
ultrafast thermal cycles is essential in assessing and controlling structural materials performance
in AM.

Traditionally, the structure and properties of a given GB are characterized by five angular
degrees of freedom between the neighboring crystals. While this macroscopic description of GBs
is powerful, it does not uniquely and completely describe the atomistic structure of the GB. To
be more specific, GBS’ microscopic configurations are typically isolated by identifying the
structures with minimum energy at OK. These structures are usually associated with high
coherency and distinguishing structural units, e.g. Kites [81, 88, 89] or misfit dislocation arrays
[90, 91]. However, such “ideal” equilibrium GBs with “frozen” microstructures are too often
over-simplified and do not capture the complex behavior of GBs under realistic environments
[80].

Recent computational studies by Han and Srolovitz [14] have systematically
demonstrated that GBs, even with a fixed misorientation, can exhibit an essentially infinite
number of metastable states with a broad and continuous spectrum of energies. It has also been
demonstrated that the NC alloys’ enhanced fatigue toughness [86] and record-breaking
combination of strength and ductility [87] may in fact originate from intentionally introducing
disorder within the GB regions. Moreover, recent sub-ablation femtosecond (fs) laser
experiments [92] show that NC samples could experience a significant hardness variation (up to
87%) following laser pulses with negligible grain sizes changes. These studies collectively
underscore the pressing need for a fundamental and self-consistent knowledge on the evolution

of non-equilibrium metastable GBs’ under external stimuli.
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4.2. Methodology and System Set Up

A realistic embedded atom method (EAM) inter-atomic potential [93] for Cu is employed
in atomistic simulation for the construction and investigation of GBs in this study. At first, the
“ground-state” configurations for a group of <100> STGBs are created through a conventional
bicrystal set-up: the symmetrically tilted upper and lower grains are joined together, followed by
in-plane rigid body translations, atom deletions, and finally a conjugate gradient minimization
[94]. The sizes of simulation boxes vary from 23,840 to 135,200, depending on the specific
misorientation angles (more details in Appendix B, Table B-1).

Random perturbations are then introduced to the hereby constructed ideal GBs to mimic
the consequences of fast external stimuli. Specifically, a thin plate section near the GBs (between
-7 A and 7 A along the normal direction) is selected, and atoms therein are randomly chosen and
displaced to a random position. By minimizing the system after each random perturbation, a
multiplicity of metastable structures and their corresponding energies can thus be obtained. Note
that the atom numbers are kept constant during the metastable GBs creation process, because in
the scope of present study the system is driven out of equilibrium under ultrafast stimuli (e.g.
sub-ablation fs-laser pulses) and thus should no longer be characterized by a grand canonical
ensemble.

The energetic and structural evolutions of metastable GBs under both isothermal
annealing and fast thermal-cycling conditions are investigated by MD simulations using the
LAMMPS software. For isothermal annealing studies, the system is annealed at a constant
temperature with the NPT (P = 0) control for 500 ps. The time step is set to be 2 fs. The energy
and structure of the system are calculated every 1 ps. For fast thermal-cycling studies, the

metastable GBs’ energy and configurations are tracked every 5 K. The energy of a metastable
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GB is calculated as the excess energy of the present configuration divided by the area of grain
boundary plane, where the excess energy is defined as the energy difference between the GB
system’s potential energy and the potential energy of a single crystal system with the same
number of atoms.

The ART [95] is also employed in sampling the PEL of metastable GBs and obtaining
their activation energy spectra. Specifically, the ART simulation is initiated by choosing a
random atom inside the GBs, which has been characterized as the particles with a centro-
symmetry parameter (implemented in LAMMPS) larger than 2.0. Then small perturbations, i.e.
random displacements, were applied to the central atom and its nearest neighbors with a total
displacement of 0.5 A. When the lowest eigenvalue (i.e. curvature) of the PEL calculated by
Lanczos algorithm is found to be smaller than -0.01 eV A2, the system is then relaxed toward the
saddle point with a force tolerance of 0.005 eV A™. For each central atom, 10 ART searches with
different perturbation directions are applied. Finally, statistical histograms are obtained by

removing the repeated and failed searches.

4.3. Results and Discussion
4.3.1. GBs’ metastability Evolution in Energy-Temperature Space

Infinite number of metastable GBs with various energy states can be created through the
random perturbations described above in last section, and the left panel in Figure 4-1 shows 4
representative structures after perturbing the ideal £5 (310) STGB. The hereby obtained
metastable structures are then subjected to isothermal annealing at various temperatures below
the system’s melting point (Tm~1350K), and the corresponding energetic temporal evolution

curves are tracked, as seen in the right panel of Figure 4-1. To better analyze the GBs’ evolution,
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we herein adopt the quenching protocol used by Zhang and Srolovitz [96] and focus on the
variation of the GBs’ inherent structures (I1Ss) energy. Note that the ISs are obtained by
minimizing the dumped configurations to OK with a steepest descent algorithm, and the real

dynamics at finite temperatures are not interrupted.
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Figure 4-1. (Left) A multiplicity of metastable £5 (310) GBs across a broad energy range are created by
introducing random perturbations to the ideal ground-state GB. (Right) The produced metastable
structures are then subjected to isothermal annealing at various temperatures from 0K to 1300K (below
the system’s melting point, Tn~1350K), and the corresponding energetic temporal evolution curves are

tracked.

It is evident in Figure 4-1 that the evolution of a metastable GB is sensitively dependent
on both its IS energy (denoted as Ejs) and surrounding temperature. In some parameter space
(blue curves), Eis decreases to a lower level during annealing, which essentially represents an
ageing phenomenon; while in some other parameter space (red curves), Es increases as a
function of time, which corresponds to a rejuvenating behavior. Under some specific cases (grey
curves), GBs reach a steady state condition with the E;s being invariant with annealing time. To

avoid the plot being too crowded in Figure 4-1, we only display the evolution of 4 representative
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metastable GBs at 4 different temperatures. Many more metastable states have actually been
considered in the present study over many more assigned temperature conditions, and we note

that they all share the qualitatively similar complexity.

4.3.2. Mapping of Ageing and Rejuvenating
Figure 4-1 suggests that metastable GBs’ energetic evolution is intrinsically non-linear
and non-monotonic. To better understand such behavior subjected to complex conditions, it is

critical to quantify their intrinsic ageing/rejuvenating rate. The energy variation rate can be

calculated by analyzing the time derivative of the isothermal annealing curves (JE / 8t)|T , at

various prescribed (Eis, T) conditions. Using an enhanced statistical analysis to examine the
evolution of all the generated metastable GBs (see Appendix B, Figure B-1 for details), a high-
fidelity pixel-wise map on the energy variation rate is constructed in Figure 4-2.a across a broad
parameter space.

For the convenience of visualization, each pixel comprising the map is colored on a log
scale according to its energy variation rate. At first, it is immediately apparent from Figure 4-2.a
that the evolution of metastable GBs can be divided into two distinct regimes, namely an ageing
regime (blue) where (€ /at)|. is negative and a red regime where (2E, /ét)|. becomes positive.
The crossover boundary is marked by the dashed yellow curve, indicating the steady state
condition. Another intriguing observation is that, the contour lines in the blue regime exhibit a

non-monotonic dependence on temperature, indicating an optimized condition for the ageing of

metastable GBs to take place.
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Figure 4-2. (a) Resolved pixel map of GB’s energetic variation rate in the broad energy-temperature

space. In the red regime (og, /at)|. >0, and the system exhibits a rejuvenating behavior; while in the blue
regime (g, /at)|. <0, and the system exhibits an ageing behavior. The ageing/rejuvenating crossover

boundary is marked by the dashed yellow curve. The open yellow squares with error bars are the
numerically calculated solutions to E,(T) — Ex = 0, provided with the Ea and Er spectra at different
energy levels in the system’s underlying PEL. (b) MD validations on GB’s metastability evolution under
fast heating-cooling cycles at the rate of 10 K/ps. The anomalous peaks in the truncated thermal cycles
(i.e. heating/cooling switching at intermediate temperatures of 940 K, 1000 K, and 1050 K marked in the
plot) overlap well with the dashed yellow curve extracted from (a), suggesting the validity of the obtained
ageing/rejuvenating mechanism map. Inset plot shows the energetic evolution of a few metastable states
with higher initial energy levels during heating at 10 K/ps. The system’s IS energy keeps decreasing in the
early stage until it hits the dashed yellow curve, and then the system’s IS energy starts to increase
afterwards. (c) The heating/cooling cycles at different rates in MD simulations. The hysteretic behavior
remains, while its magnitude becomes smaller at lower rates.

It is worth noting that, Figure 4-2.a is constructed upon the isothermal annealing analyses
independently from any special/extreme driving forces. In other words, such a map reflects
generally the metastable GBs’ energetic evolution at various prescribed (Ejs, T) conditions.

Therefore, to validate the demarcation of ageing and rejuvenating regimes given by Figure 4-2.a,
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the two most straightforward approaches one can consider is to introduce external stimuli either
along the Ejs-axis or along the T-axis. The Ejs-axis examination will be discussed later, and here
in this section we introduce the T-axis stimuli to verify Figure 4-2.a through a series of
heating/cooling MD simulations.

Specifically, in Figure 4-2.b the initial ground-state £5 (310) GB is heated to 1300K (red
open circles) at a rate of 10K/ps, which is then immediately followed by a cooling treatment to
OK (dark blue open squares) at the same rate. Overall, there exhibits a clear hysteretic behavior,
which is not surprising because the GB is driven away from equilibrium by the ultrafast
processing and eventually trapped at a metastable state. More specifically, in the heating stage
the system’s IS energy does not substantially increase until it goes beyond the crossover
boundary (dashed yellow curve) and enters the rejuvenating regime previously identified in
Figure 4-2.a. Between 1100K and 1300K the data points overlap with the dashed yellow curve,
because at high temperatures the intrinsic relaxation dynamics becomes fast enough and the
system is able to remain at steady state. Upon cooling from high temperatures, the dark blue
squares are located consistently on the left side of the crossover boundary and exhibit a
monotonic decreasing (i.e. ageing) behavior, corroborating the mechanism map in Figure 4-2.a.
The heating/cooling rate effects are examined in Figure 4-2.c at lower rates of 1K/ps, and
0.1K/ps, respectively. The hysteretic behavior clearly remains, although the apparent magnitude
of hysteresis becomes smaller at a lower heating/cooling rate because it would provide more time
for the system to relax towards the equilibrium. Admittedly, the heating/cooling rates in MD
simulations are extremely fast. But it is not impossible to benchmark the MD results by realistic
experiments. For example, electrical pulse technique can reach an effective cooling rate of 101

K/s [97] that is even shorter than typical MD timescales, although such a comparison is beyond
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the scope of the present study. We also note that, while the magnitude varies, such hysteresis is
universal in a diversity of other <100> STGBs (see Appendix B, Figure. B2).

To further verify the ageing/rejuvenating mechanism map, we truncate the full thermal
cycle and instead begin the cooling treatment at intermediate temperature, e.g. 940K, 1000K, and
1050K marked in Figure 4-2.b. An anomalous behavior occurs under such scenarios.
Specifically, the energy first increases despite the decreasing temperature, reaching a peak value

below the temperature where the simulation is truncated. It therefore suggests that, on the right

side of those anomalous peaks there is (9E /at)|. >0, while on the left side there is

(6E,/at)|. <0. Itis evident that those peak positions are well located on the crossover boundary

extracted from Figure 4-2.a. The inset plot in Figure 4-2.b presents another set of MD validation
by heating (at 10K/ps) a few selected metastable GBs with higher initial energy states. It is clear
that the energy decreases first and then increases, and transitioning points of such non-monotonic
variations align well again with the extracted yellow curve from Figure 4-2.a. The extent of such
agreement suggests that the hereby discovered ageing/rejuvenating mechanism map is rather
universal, irrespective of the actual stimuli used to elicit those non-equilibrium GB structures. As
discussed below, this would also lay the foundation to describe and explain the mechanical

behavior of NC alloys under fs-laser irradiation.

4.3.3. PEL Origin of the Non-Equilibrium Evolution

In pursuit of explaining the underlying physics of the obtained mechanism map, here we
adopt a PEL perspective because the time evolution of a condensed matter system and any
concomitant property changes are known to correspond to the transitions between local minima

and progressive exploration of different ISs in the system’s underlying PEL [98-105]. Note that a
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similar ageing/rejuvenating behavior has been recently reported in metallic glasses [106], and it is

demonstrated there that the crossover boundary can be well characterized by the competitions

between an effective uphill climbing energy (EA) and a downhill dropping energy (ER) during

sequential transitions in the system’s potential energy landscape. In particular, when EA < ER the

system would evolve towards a lower energy state and thus undergo an ageing process;
otherwise, an opposite rejuvenating effect would occur. Given the many reported similarities

between glasses and GBs [107-111], here we seek to employ such an energy imbalance criterion
to interpret the resolved map in Figure 4-2.a. Specifically, the effective EA and ER are calculated

as:

_ _Ea
E (T)|;s = —kgT - ln[fP(EA)hs e *BTdE,] (4.1)

Erlis = fER - P(ER)|1sdER (4.2)

Note that because in GB systems each IS can be connected with many different saddle

states, all those potential pathways in the PEL [112] need to be taken into consideration.

Therefore, instead of being explicit numbers, the effective E, and E, have to be estimated over
the broad distributions, P(E,)|,s , and P(E;)|,s , respectively, which are dependent on the

system’s present IS. The key difference above is that EA is T-dependent, while ER is T-

insensitive. This is because the up-hill climbing is a thermally activated process, while the down-

hill dropping can spontaneously happen and does not need thermal assistance.

One can analytically prove that E,(T)| in Eq. (4.1) is monotonically increasing as a

function of T. Therefore, it is expected that the term (E, — E,) would flip from negative to

positive as T increases, naturally explaining the transition from ageing to rejuvenation in Figure
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4-2.a. More quantitatively, the ageing/rejuvenating crossover should occur when EA(T) - ER =0.
Therefore, according to Eqgns. (4.1-2), a precise quantification of the crossover point relies on the
determination of accurate spectra of P(E,)|s and P(E;)|s . Here we employ the ART method to

obtain such spectra, which is known as an effective atomistic sampling algorithm capable of
probing the PEL structures with high fidelity [95, 113-115].

Figure 4-3.a shows the obtained spectra of Ea and Er at 4 different IS energy levels:
1075md/m?, 1025mJ/m?, 1003mJ/m?, and 968mJ/m?. The distribution P(E,)|s shows an

apparent dependence on the GBs’ IS energy level: as Ejs decreases, the fractional distribution of

low energy activation values becomes smaller, resulting in a larger average Ea. On the other
hand, P(ER)|IS is evidently I1S-independent and follows a universal exponential decaying
distribution, reminiscent of similar features in glassy materials. The computed spectra of

P(E,)|s andP(E;)| are then fed into Eqns. (4.1-2) for numerical calculations, and by varying

the temperature one can thus identify when the crossover condition (i.e. EA(I') - ER =0)is

satisfied. The open yellow squares in Figure 4-2.a represent such PEL-enabled calculations,
which are consistent with the independent annealing studies within numerical error. Such
agreement is encouraging, as it lends credence to the notion that the nature of the GBs’

ageing/rejuvenation originates from the kinetic processes in the underlying PEL.
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Figure 4-3. (a) The ART-probed Ex and Er spectra of metastable GBs at different energy levels by
sampling the system’s underlying PEL. In each panel it displays the spectra of two metastable GBs at the
same energy level but with different atomic configurations shown in (b).

It is also worth noting that the broad Ea spectra approximately consist of two modes: a
distribution centered around 0.6eV, and another complementary mode distributed within the
lower energy tail. These seem to correspond to the reported activation barriers for GBs’ self-
diffusion [116, 117], and the collective reshuffling processes [116], respectively. In other
words, the entire spectrum of the GBs’ migration/diffusion mechanisms are implicitly encoded
in the PEL. Another noteworthy feature is that the activation energy spectra seem to be
sensitive only to the energetics of GBs’ IS rather than its detailed atomic configuration. To be
more specific, in each panel of Figure 4-3.a we show the spectra of two metastable GBs at the

same energy level but with different atomic structures (Figure 4-3.b), and the spectra are
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evidently similar to each other. As discussed later, this might lead to a vast simplification in
building an explicit expression of P(E,) for metastable GBs.

The non-monotonic ageing phenomenon discussed above in Figure 4-2.a can also be
readily explained by such a PEL picture. Specifically, the system’s overall metastability
evolution should be mutually determined by a driving factor, and a kinetic factor, respectively.

The driving force factor, namely (E, - E,), determines the direction/sign of the evolution. As
discussed above, in the blue regime the sign of (E, - E;) is negative while its absolute value

keeps decreasing as T increases. On the other hand, the kinetic factor in general exhibits a
monotonic increasing dependence on T. Such opposite sensitivities to temperature yield the
observed non-monotonic contour lines in ageing regime. These collective results point to a

wholly consistent viewpoint of metastable GBs’ energetics and their evolutions.

4.3.4. Implication on the Mechanical Behavior of GBs

The mechanical behavior of nanocrystalline materials is inherently linked to the energetic
state of GBs in the limit where deformation mechanisms become increasingly GB-mediated.
Work from Vo [118] et al. demonstrated that, for a fixed grain size, the yield strength of
nanocrystalline Cu is inversely proportional to the GB energy. Other simulations have
demonstrated that during the deformation of metastable GBs, mechanisms such as GBs sliding
are preferred over traditional dislocation plasticity, which in turn dramatically affects the
mechanical properties [119]. Even in cases where dislocations participate in plastic deformation
via GB emission and absorption mechanisms, their nucleation and propagation barriers as well as
their ability to annihilate at GBs are influenced by the interface energies. Indeed, experimental

evidence supports the observation that the hardness of a GB-concentrated system varies inversely
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as a function of its energy level [92]. Therefore, the PEL framework discussed above allows for a
prediction of the GBs’ mechanical performance at different conditions. We focus on recent
experiments showing GB rejuvenation using ultrafast (fs) laser pulses, which result in dramatic
changes in the material hardness [92].

The interactions between fs-lasers and materials are rather complex, but several insights
relevant to the present work can be gleaned. On the one hand, extremely fast temperature
variations can be involved. Although the heating and cooling rates during sub-ablation
threshold fs-laser experiments (focused in the present study) have not been investigated,
simulations of high-energy fs-laser irradiation that induce material ablation demonstrate heating
and cooling rates upwards of 10! K/s during the ablation process [120, 121]. While the
relaxation phenomena present in sub-ablation fs-laser irradiation is similar to that during
ablation, as no material is removed during experiments we do not anticipate such high
temperatures or heating rates, although modeling efforts to investigate such phenomena would
make for intriguing future work. Despite limited understanding of the temperature effects in this
regime, sub-ablation fs-laser irradiation results in GPa-level tensile and compressive stress
waves localized to GBs that may induce localized atomic rearrangements [92, 122], effectively
increasing the energy of GBs regardless of the thermal profile. Thus, while it is intractable to
experimentally measure the effective heating/cooling rates during sub-ablation fs-laser
irradiation, the net result of such irradiation should be an overall increase in the energetic state
of the GBs at a fixed temperature, as evidenced by the dramatic decrease in hardness.
Considering these points, the system’s energetic evolution in the presence of external stimuli, as

illustrated in Figure 4-2.a, should then be determined by the interplay between two factors,
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namely the intrinsic energy variation @, (E;s, T) < (E, — Eg), and the external energy input

rate Qext (i.e. net results of sub-ablation fs-laser irradiation discussed above), respectively.

While an analytical expression of @, (E,,T) is not yet available, its numerical value
over broad E;s—T space can be obtained by interpolating the high-resolution pixel map in
Figure 4-2.a. Therefore, using experimentally-relevant values of Qext (e.g. the power of the fs-

laser pulse) and the GB’s initial energy state E;s(t=0), one can then numerically resolve the

GBs’ metastability evolution. The qualitative picture is clearly captured in Figure 4-2.a: if the
external stimuli Qext is larger than the intrinsic ageing (i.e. energy dissipation) Cbimr, then the
system will move upwards on the map. However, such an energy increase will not be
maintained at a constant rate because, as Eis increases, the intrinsic term @, becomes larger,

resulting in a slower net gain rate of E;s. When absolute values of the intrinsic and external
terms become equal, the system reaches a steady state and the energy is stabilized at a saturated
level. From a more quantitative perspective, the system’s metastability evolution and the
resultant mechanical behavior would be determined by the initial energy state, the stimuli
strength, and temperature.

Figure 4-4 shows the GB’s energetic evolution at room temperature and under an
external stimulus of 1.0x10%** mJ/m?/s. The choice of Qext is rationalized after considering the fs-
laser’s pulse energy, pulse width, and volume fraction of affected GBs in real experiments [92].
To facilitate the comparison with the hardness measurement here we plot the inverse variation
of the system’s energy (-4E) with respect to its initial state, because as discussed above, the

hardness of a NC system is inversely proportional to the GBs’ energy. In particular, we

examined a series of cases with various initial energy states ranging from 960mJ/m? and 1065
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mJ/m?. Two notable features emerge: (i) all curves show non-linear behavior with a gradually
vanishing slope prior to saturation. This behavior has been discussed above — the net variation
rate of Eis becomes slower and slower under the driving of external stimuli. (ii) A sample with
lower initial energy state can accommodate more uphill energy variation as opposed to a sample
with a high initial energy state. If we convert these to hardness values, then one should expect
that: (i) the sample’s hardness should gradually reduce and eventually saturate with increasing
laser fluence; and, (ii) the hardness drop in a sample with lower initial energy state is larger
than that in a higher initial energy state sample. Note that while saturation is not always
observed experimentally, as it sometimes is precluded by material removal (ablation) at higher
laser energies, the predicted trends in Figure 4-4 are consistent with the reported experimental
measurements [92] on Cu-rich NC alloys (seen in the inset plot) and many other alloys
reflecting a diverse range of GB chemistries and synthesis routes (see Appendix B, Figure.

B3).

50



Normalized Fluence
0.0 0.4 08

(o]
-100 Exp. 0 0
©O-quench 1B
Q- anneal

N 1 N
0.0 04 0.8
Normalized Fluence

Figure 4-4. Numerically calculated GBs’ energetic evolution under the external stimuli of 1.0x10
mJ/m?/s. Here we plot the inverse variation of energy (-4E) for the convenience of comparison with the
sample’s hardness, which is known inversely proportional to GBs’ energy. In general, the curves show a
non-linear stiff-to-flat variation pattern. In addition, a sample with lower initial energy state can
accommaodate more variation as opposed to a sample with higher initial energy state. Such predicted
features are in good agreement with recent measurements on the hardness variation of the Cu-rich NC
alloys under fs laser processing (details in Appendix. B).

It is also worth remarking that conventional wisdom states that NC materials soften after
annealing owing to grain growth. However, an emerging body of experimental evidence
highlights an initial regime of hardening with increasing annealing temperature, prior to
softening at the onset of microstructural evolution [83, 123-126]. While different origins (e.g.
solute segregation and dislocation annihilation at GBs) have been proposed to explain such non-

monotonic behavior, some studies [83, 127] demonstrate that the anomalous hardening

51



phenomenon still exists even in pure NCs and with a reduced dislocation density, suggesting that
alternative mechanisms mediate this phenomenon. Figure 4-2.a in the present study places such
an alternative perspective on a quantitative foundation. Specifically, the contour lines in the
ageing regime present a clear non-monotonic feature as a function of temperature, meaning that
at various annealing temperatures the system would be driven to different energy levels in a
concave up shape. Consequently, the hardness should vary non-monotonically in a concave
down manner, which is qualitatively consistent with the reported experiments.

We would like to clarify that here we do not directly focus on the specific strengthening
and deformation mechanisms of NCs, such as nucleation of dislocations or disconnections [128-
132]. Instead, we propose an energy-centric and statistical perspective to acquire a predictive
implication on the metastable GBs’ mechanical behaviors under various environments. The
rationale behind such a perspective comes from the established fact [118, 133, 134] that the yield
strengthen of NC alloys are strongly and inversely correlated with the GBs’ energy.
Interestingly, very recent studies [135] on the GBs containing both structural and chemical
complexities also demonstrate that, from a statistical point of view it is the energetics, rather than
detailed structural/chemical features, that governs the GBs’ behaviors under driving conditions.
Therefore, there is reason to believe the hereby developed energetic evolution model may be

broadly applicable to the understanding of metastable GBs under non-equilibrium processing.

4.3.5. Ea Spectra Correlations between Various Metastable GBs
As discussed above, the energetic evolution and mechanical behavior of metastable GBs
are dependent on the system’s surrounding Ea spectrum in the PEL. A central question that

follows is: are there unique structural signatures associated with the various GB states
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responsible for the spectrum of accessible behavior? The features of the activation energy spectra

P(EA)| s provide an important clue. It is not difficult to imagine that, for a given GB’s IS, there

should be a corresponding P(EA)| s - However, given the complex metastability of GBs [14],

there are essentially infinite numbers of ISs and it would be impractical to sample all those
spectra. Figure 4-3 in the present study suggests a vast simplification of this problem.
Specifically, in each panel of Figure 4-3.a we show the spectra of two metastable GBs at the
same energy level but with different atomic structures, and the spectra are very similar to each
other. This implies that the Ea spectrum is only sensitive to the energetics of GBs’ IS rather than
its detailed atomic configuration. To further verify such hypothesis, we select multiple different
metastable GBs over a broad range of energy scales and probe each of their Ea spectra using the

ART method. Figure 4-5 examines the contrasts between those spectra defined as 4;; =
(J[P;(Es) — P;,(Ea))?dE4)*/?, where B(E,)and P;(E,) correspond to samples #i's and #j s

spectra, respectively. It is clear that, when two samples’ Ejs are close to each other their
activation energy spectra differences are relatively small; on the contrary, if the Es of two
samples are far from each other, the spectra differences are relatively large. Such nice correlation

indicates that it might be possible to express the Ea spectrum as an explicit function of Es,

P(E,|Ey). Although obtaining reliable and explicit formalisms for P(E4|E;s) is beyond the

present work’s scope, it represents a rich avenue for future inquiry because of its potential in

leading to a reduced-order modeling approach for disordered material system.
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Figure 4-5. The differences between the Ea spectra among a number of metastable GBs. It is found that

if two GBs’ IS energies are close to each other, their Ea spectra differences are also smaller (diagonal blue

data), while the opposite is true if two GBs’ IS energies are far from each other (off-diagonal red data).

The discrete data points are converted into the inset contour map using the thin-plate spline interpolation

algorithm.

4.3.6. Discussion on Robustness of PEL Model for Metastable GBs

It would be of interest to ask whether the effective model developed above for metastable

GBs can be applicable to those ground state GBs (e.g. perfect straight interfaces with repeating

kites), and we believe the nature of Ea distribution plays an important role. More specifically,

54



general metastable GBs contain significant disorder and their Ea spectra are usually wide,
continuous, and stretch to very low barrier (almost zero), as seen in Figure 4-3a. By contrast, for
ground state GBs their Ea distributions should present in a much more discrete pattern with a
well-defined lower bound. For example, it has been reported [112] that the Ea distribution in a
perfect > 5 GB in Cu displays a clear onset threshold barrier around 0.6 eV. This is not so
surprising because the apparent order in perfect GBs (e.g. repeating kites) would impose strong
restrictions and thus considerably reduce the number of available transition pathways in the PEL.
According to Eq. (4.1), a threshold of 0.6 eV for P(E,) distribution means the effective
activation barrier E, can only be even higher, which is significantly larger than the effective Ex
in Figure 4-3b. In other words, from a statistical point of view (E, — Eg) should always be
greater than 0 in this case, suggesting the system can only move up (rejuvenation) while moving
down (ageing) is practically prohibited. This actually complies with the definition of the
“ground” state.

In spite of its qualitative compliance, one should not overstate the applicability of the
present study onto ground state GBs. This is because Eq. (4.1) is actually derived after statistical
average and thus holds a mean-field spirit. In other words, its robustness might be compromised
in the absence of a wide and continuous Ea spectrum. Therefore, we believe the framework
developed in the present study is more suitable to investigate general metastable GBs rather than
perfect ground-state GBs.

As a final note, the hereby discovered ageing/rejuvenating evolution map for metastable
GBs, and the dependence of their activation barrier spectra on E;s, are strongly reminiscent of the
recently observed non-equilibrium evolution in metallic glasses [106]. This is not surprising, as

many previous studies have also reported the qualitative similarities between GBs and fully
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amorphous glassy materials [107-110, 136]. However, we would like to remark that, the
robustness of Eqns. (4.1-4.2) demonstrated in the present study lends quantitative credence to

these similarities, which have not been fully characterized before. Even though the herein
employed EAM potential is, in principle, empirical, the spectra of P(E,)|,s and P(E;)|;s

presented in Figure 4-3.a are directly obtained using an atomistic algorithm rather than through a
numerical fitting with free parameters. Given this, we see considerable promise in such a
“bottom-up” PEL-oriented model for establishing quantitative structure-property relationships in

metastable GBs and other disordered non-equilibrium materials.

4.4, Summary

Our present studies on the metastability evolution of bicrystal-GBs subjected to non-

equilibrium conditions allow us to draw the following conclusions:

e The energetic evolution of metastable GBs over the broad E;s—T parameter space can be
distinctly divided into an ageing regime (¢E/ 6’[)|T <0, and a rejuvenating regime
(6E,/at)|. >0, respectively.

e  Such ageing/rejuvenating mechanism map is universal, irrespective of the actual stimuli

used to elicit the metastable GBs.

e The ageing/rejuvenating crossover stems from the energy disparity during the elementary

transitions in the PEL, which can be characterized by an effective kinetic model.

e  Without invoking free fitting parameters, such kinetic model is able to capture the energetic
and mechanical responses of metastable GBs to external stimuli. It can naturally explain
the intriguing phenomena observed in recent fs-laser experiments, namely the non-linear

dependence of hardness variation on the laser fluence and the processing history effect.

We would like to note that many studies have demonstrated the strong correlations between
GB relaxation and the mechanical performance of NC alloys. Therefore, the capabilities
established in the present study might provide a new perspective on controlling kinetic pathways
for achieving a plurality of interfacial states with desired mechanical performance for various
applications such as AM.
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Chapter 5 Universal Trend in the Dynamic Relaxations of Metastable Tilted Grain

Boundaries under Ultrafast Thermal Cycles

Last chapter we focus on the energetic evolution of GBs over a broad metastability-
temperature space, while in this chapter we mainly study the non-equilibrium relaxation and
structural evolution with extended GB types under ultrafast thermal cycles. Specifically, here we
investigate the responses of a multiplicity of bicrystal tilted GBs in Cu subjected to ultrafast
thermal cycles comparable with the selective laser melting or fs-laser irradiation environments.
Moreover, asymmetric GBs and another material Ni are also studied. Most notably, in the rapid
cooling stage we discover a scaling relationship between GBs’ inherent structure energies and
their critical structural transition temperatures. These findings provide a foundation to assess the
tunability of different metastable tilted GBs and predict their most effective processing windows.
It may hold the promise for a new route to harness the properties of interface-dominant systems

without changing the macroscopic textures in producing nanocrystallines during AM.

5.1. Introduction

GBs, as one of the most common solid-solid interfaces, determine many important
properties of poly-/nano-crystalline materials [80, 82, 83, 87]. In terms of the macroscopic
degrees of freedom, GBs are usually characterized by 5 independent angular parameters
representing the misorientation between neighboring grains. In the past, extensive efforts have
been made on probing the thermodynamic equilibrium atomic structures and properties of GBs at
different misorientations [88, 137, 138]. Consequently, the conventional wisdom of GB-
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engineering strategy has been focused on creating and controlling the relative fraction of GBs
with special coincident site lattice structures (e.g. twin or other low-X boundaries) [139].

Recent theoretical studies [14] have demonstrated that a given GB, even with its
macroscopic misorientation angle fixed, can possess essentially infinite number of metastable
microstates. This marks the insufficiency of traditional focus on the equilibrium structures, and
such an issue becomes more critical when extreme environments are imposed. For example,
recent experiments demonstrate non-equilibrium processing can remarkably change GBs’
behaviors without affecting their macroscopic features. Specifically, pulse fs-laser irradiation can
significantly change the nano-crystals’ hardness with negligible variations in grain sizes [92].
Recent additive manufacturing (AM) experiments [8] also suggest that, the very rapid
heating/cooling cycle can create non-equilibrium states of GBs with remarkably high diffusivity
(10*8 times faster than usual) without discernible changes in grain sizes and orientations. These
studies collectively envisage a new school of thought on GB engineering — a way to manipulate
the metastable microstates of GBs without changing their macroscopic textures. In the meantime,
such a prospect also prompts fundamentally new challenges on understanding the behavior of

metastable GBs under extreme environments.

5.2. Methodology and System Set Up

We first create a variety of "ground-state™ GBs in Cu with EAM potential [93] via the
bicrystal set-up protocol [94, 96, 140]. Mis-oriented upper and lower crystals are combined
through rigid in-plane translations and occasional atom deletions to identify the lowest energy
states and configurations. Note that our ground-state structures and energetics calculations at

different misorientation angles are well consistent with earlier studies [94, 141]. Fast heating and
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cooling (OK->1300K->0K at 10K/ps) are then imposed to the so-constructed static GBs, and
their energetics and structural evolutions are consequently scrutinized. Note that the temperature
changing rate here is not unrealistic in scope of non-equilibrium processing [97, 120, 121]. The
upper bound of temperature is set deliberately below the bulk melting point (~1350K), because
we would like to keep the constraints of macroscopic textures while focusing on the evolution of
GBs' metastable microstates. Also note that the atoms number in the simulation box keeps fixed,
because the ultrafast stimuli will drive the system out of equilibrium, and one should not assume
a grand canonical ensemble. Figure 5-1 shows the evolution of inherent structure (IS) energy
during the thermal cycle over different types of GBs (details of tilting axes and misorientation
angles in Appendix C, Table C-1). More details about the set-up would be discussed in Appendix
C and the system size effect during the non-equilibrium processing is also studied (Figure C-1 in

Appendix C).

5.3. Results and Discussion
5.3.1. Universal Hysteretic Behavior in Tilted GBs

In Figure 5-1, despite of a wide range distribution of energetics across various GBs, there
clearly exhibit some universal features: (1) At low temperatures the curves are almost in perfect
arches with invariant radii (i.e. Eis), reflecting the kinetically arrested stage; (2) At high
temperatures there present significant energy fluctuations while the radii are ramping up,
yielding a cluster of skewed curves. As will be discussed below, this reflects the I1Ss of GBs are
becoming increasingly more disordered via atomic rearrangements near interfaces; (3) Most
notably, the curves are not closed loops after the thermal cycle; instead, the upper and lower

halves in Figure 5-1 are off from mirror symmetry. More specifically, a universal hysteretic
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behavior exhibits, and the Eis of GBs shift to higher values after cooling than they were initially
located, corroborating the rejuvenating responses of nanocrystals under pulse fs-laser processing
[92]. It is also worth noting that, in high temperature regime there exist frequent crossovers
among various curves, indicating very complex and diverse relaxation behaviors of different
GBs at extreme conditions. In what follows, we report the discovery of a scaling relationship that

can delineate these complex relaxations.

<100> STGB E,S(mJ/mz)

<111> STGB

700K 600K
Figure 5-1. Inherent structure energy evolution under rapid thermal cycling (OK->1300K->0K at

10K/ps) for various types of GBs.
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5.3.2. Transition Temperature Characterization and Activation Barrier Exhibition from

PEL

Figure 5-2.a-b presents a case study on the .5 (310) <100> STGB. Its hysteretic Eis
evolution is clearly seen in Figure 5-2.al. There are only limited overlaps between the heating
and cooling stages around 1100~1300K, because at such high temperatures equilibrated GB
structures can be achieved even within very short timescales. Beyond that regime the cooling
curve significantly deviates from its heating counterpart, and the system eventually freezes at a
higher energy level after the processing. We also did a benchmark study in a single Cu crystal at
the same condition and found its E;s stays constant throughout entire cycle, and the
heating/cooling process is completely reversible. Such a benchmark therefore verifies the hereby
observed hysteresis is not an artifact in MD simulation; instead, it reflects the strong coupling

between the extreme stimuli and the accessible metastable states of a GB.
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Figure 5-2. (al) Ess evolution for 3’5 (310) <100> STGB. (a2) The average atomic square displacement
(normalized by nearest neighbor distance) of non-FCC atoms during the cooling process. Inset: selected
ISs at different temperatures during the heating-cooling process. Non-FCC atoms (red) are distinguished
by the common neighbor analysis. (b) Activation energy spectra for the selected ISs. (¢) Variations of Ejs
for all <100> STGBs considered in the present study. The green circles represent the E;s at Lindemann
threshold, namely v(Ad”2 ) /ruw=0.08. The orange crosses represent the 10% descending energy

illustrated in (al). Inset: strong overlap between the Lindemann extraction and 10% E,s descending line.

Along with energetics variation the GB's atomic structure also keeps evolving, and a higher
Eis state is usually associated with a more disordered configuration. To quantify the
microstructural evolution, Figure 5-2.a2 shows the average atomic square displacement of non-
FCC atoms. Specifically, we calculate the average square atomic displacement between two

successive ISs on the fly as:
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Nnon-Fcc t=1

where (x7*, y{*, z[*) represents the atom #i's Cartesian coordinate in the current frame of IS, while

where (x*1, y*~%, 2"~ 1) represents its coordinate in the previous IS frame. N, .. represents

non-FCC atom numbers, as an effective measure of particles in GB. As seen in Figure 5-2.a2, the
average atomic displacement at high T is comparable with nearest neighbor distance (ryy),
suggesting a drastic structural variation; while at low T its value is rapidly decaying. Here we
borrow the spirit of Lindemann criterion as a characteristic threshold of structural change. The
Lindemann criterion can vary between 0.05~0.20 [142, 143] across different systems, and here

we adopt the value of 0.08 retrieved from a recent systematic study on both 2D and 3D systems

[144]. The corresponding temperature at vV'< d2 >/ry,=0.08 can thus be regarded as a critical
structural transition temperature Ty, above which the GB's configurations and properties are
dynamically evolving, while below which they would present an enhanced metastability. This is
consistent with the energetics inspection in Figure 5-2.a1, where E;s descends mostly (~90%)
above Ty, compared with only 10% further drop below it. Such a measure can also robustly
apply to other GBs, as supported by Figure 5-2.c and the inset plot, where the Lindemann
extraction and the 10% E;s descending line are almost always overlapping.

Figure 5-2.a’s inset shows a few selected ISs at various heating/cooling stages. The very
initial ground-state configuration (denoted as H-OK below) is not presented here, because it is a
well-known structure made of repeating kite units [79, 94, 145]. It is worth noting that our
ground state GB energy calculations for different misorientation angles are well consistent with
earlier studies. When the system is heated to 1000K, some dispersed fluctuations emerge while
the overall GB remains thin and straight (H-1000K). At 1300K, where heating ends and cooling

starts, the 1S becomes thicker and distorted (C-1300K). Apparently, disorders are accumulated
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and the repeating kite units at low temperatures no longer exist, corroborating the “smooth-to-
rough” transition [146-148]. When the system is cooled to 1000K (C-1000K), the GB’s thickness
is reduced while the curvature and disorder remain elevated. When the system is eventually
cooled back to OK (C-0K) the GB turns thin and smooth again, but it cannot recover the ground-
state configuration, leaving behind a kink structure. The reason that the system does not recover
the ground-state configuration is due to the mismatch between two timescales: namely the
intrinsic relaxation timescale for a given GB to reach its thermodynamics equilibrium structure
through atomic reconfigurations, and the extrinsic timescale imposed by the processing condition
(e.g. the rapid cooling). More specifically, the GB tries to find its ground state (i.e. the repeating
kite units) during the cooling stage but cannot fully achieve so because of the exceedingly longer
intrinsic relaxation timescales at low temperatures and subsequently its mismatch with the

permissible extrinsic timescales.

5.3.3. Analysis of Free Volume of Metastable GBs and Diffusion Boost Factor

Earlier studies demonstrate that, for ground-state GBs with different misorientation
angles, their energetics positively correlate with excess free volumes [138, 149]. These previous
studies focused on the GBs’ energetics and free volumes at different macroscopic orientations
rather than at different thermal processing stages as we probed in the present study. The key
difference is that previous studies [138, 149] primarily investigated the equilibrium
structures/energetics of various GBs, while the primary focus of our present study is on how
those ground-state GBs are driven out of equilibrium under extreme stimuli and how the
structures and degrees of their metastability quantitatively change during the processing.

Therefore, the scopes between our present study and the previous studies are largely different
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and such a trend no longer holds in the present study. Figure 5-3 shows the free volume
distributions of GB atoms (defined as VVoronoi volumes ratio between non-FCC and FCC
particles) at different processing stages. There are only 4 distinct local environments in the initial
state (H-OK), due to the above-mentioned repeating kites. Under fast thermal cycling the free
volume distributions become much broadened, indicating more disordered configurations.
However, the average Qyon—fcc/Qpcc Values (i.e. vertical lines) only change little, in stark
contrast to Figure 5-2a’s significant energetics variations. Note that the previous studies focused
on the equilibrium states of GBs. Therefore, the present study indicates a qualitatively different
behavior at far-from-equilibrium conditions, that is, the metastability of non-equilibrium GBs are
disorder-driven rather than free volume-driven. Interestingly, such a disorder-driven mechanism
aligns with recent studies of ceramic nanocrystals under ion irradiations [150]. It is also worth
noting that this discovered disorder-driven mechanism only refers to the extreme environments
rather than at equilibrium conditions as investigated in previous studies.

Many important properties of GBs — including diffusion, migration, and strength — are
controlled by activation barriers of collective atomic rearrangements inside the boundaries [138,
151-156]. Therefore, we probe the distributions of accessible activation barriers for the above-
selected ISs using an energy landscape sampling algorithm [104, 112, 157-159], as shown in
Figure 5-2.b. At first, the activation barriers show broad spectra rather than explicit values. This
can be attributed to the break of translational symmetry in single crystals and/or the disorders at
GBs, which is not surprising. Secondly, by comparing through Figure 5-2.b1-b3, it is clear that
the activation energy spectra vary significantly at different stages, and that a metastable state

with higher Ejs yields a smaller effective activation barrier. This is understandable because, as
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shown by the configurations in Figure 5-2.a, higher-energy metastable GBs are more random and

disordered, where the emergence of easily accessible activation pathways can be expected.

To quantify the kinetic boost factor between the post-processing and pre-processing

states (C-0K vs. H-0K), one can compute the Boltzmann factor-weighted integral of the two

activation barriers spectra in Figure 5-2.b1 as:

a(T)

_ JP(Eq|C-0K)-e ¥BTdE,

Eg

Ep (52)

[ P(E4|H—0K)-e ®BTdE,

Note that very recent isotope diffusion measurements demonstrate non-equilibrium states

of GBs in rapidly cooled alloys can exhibit diffusivity 104 times faster than that in regularly

annealed GBs [8]. Markedly, plugging the same measurement temperature (500 K) into Eq.(5.2)

yields a boost factor of 6.5*10°, which is in line with experiments.
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Figure 5-3. The distributions of VVoronoi volume ratios between non-FCC particles (GBs) and FCC

particles (bulk) at different processing stages.

5.3.4. Displacement Field of Energy-Landscape Driven

The diffusions in GBs are believed to be mediated by free volumes [160, 161]; however,
the negligible free volume variations seen in Figure 5-3 indicate a different picture for non-
equilibrium GBs. To unravel the underlying physics, we examine the displacement fields for the
elementary atomic rearrangements retrieved from energy landscape sampling (details in
Appendix C, Figure C-2). It is found that the unit processes of particle reconfigurations are in
general more collective and accompanied with smaller magnitude of displacements in a higher-
energy metastable state than that in a lower-energy state (Figure 5-4.al vs. a2). Fig.4.b shows the
Euclidean norm distributions for the atomic displacements at different processing stages. It is
evident that a higher-energy metastable GB exhibits a more extended tail distribution on the left
side, indicating a rougher energy landscape with higher fraction of easily accessible and low-cost
reconfiguration processes. Such a free volume-insensitive and energy landscape-driven picture

closely resembles the excitations in metallic glasses [106, 162].
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Figure 5-4. (al-a2) Displacement fields (white arrows) of two exemplified elementary atomic
rearrangements events inside GBs in a high energy state (C-1300K), and a low energy state (H-0K),

respectively. (b) Euclidean norm distributions of GBs’ atomic rearrangements at different processing

stages.

5.3.5. Scaling Correlation between IS Energy and Transition Temperature
To probe the correlation between a given GB and its T during the fast-cooling stage, and

to better contrast the relaxations in different GBs, in Figure 5-5.a we plot the rescaled IS energy

variations of the group of <100> STGBs, E,5(C — T), which is defined as:

EIS (C _T)_ EIS (C _OK)
E,c (C—1300K)—E (C —0K)

E.(C-T)= (5.3)

where “C” refers to cooling and “T” represents the temperature. Note that a few low-angle GBs

are excluded in Figure 5-5.a, and it will be discussed later.
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Figure 5-5. (a) E;5(C — T) for different <100> STGBs. The data for each GB is colored according to its

pre-processing energy at H-OK. Ty is measured when E,5(C — T) reaches 10%, as marked by the green
line.(b) The correlation between E;s(H-0K) and T for various GBs. A few outlier points labelled by the
grey filled stars correspond to low angle GBs shown in ¢1-c5 (H-OK configurations), whose
misorientation angles are 12.7°, 16.3°, 18.9°, 22.6°, and 73.7°, respectively.

As seen in Figure 5-5.a, in general the curves are rather steep at high temperatures and
become much flatter at low temperatures. However, different GBs show different energy
variation rates and the entire cluster of curves span into a crescent-shaped region. If one colors
the curves according to the GBs’ pre-processing energy E;s(H — 0K), then a clear trend reveals
by itself: the curves associated with lower E;s(H — 0K) values (more blue) tend to be leaning
toward the right edge, suggesting narrower windows for the changes of atomic structures and
properties during the fast cooling stage. To be more quantitative, the Tt of a GB is measured by
the intersecting point between its E,5(C — T) curve and the afore-mentioned 10% energy

descending line (green line in Figure 5-5.a). Figure 5-5.b shows the correlations between

69



E;s(H — 0K) and Ty, where a clear monotonic correlation exhibits. This notable finding
indicates that, as long as a GB’s ground-state energy is known, one can then predict the
tunability of its metastable states when subjected to ultrafast thermal cycle.

We would like to emphasize that, due to the non-equilibrium nature, in principle there
could be various ways of defining the Ty (e.g. cooling stage extraction vs. heating stage
extraction) and correlating it with differently assessed E;s (e.g. ground state H-0 K vs. post-
processing state C-0 K). More details are shown in Appendix C, Figure C-3. Here we focus on
the cooling stage and the E,¢ at H-0 K state for the following considerations: (i) In many non-
equilibrium processing techniques, such as ultra-fast laser irradiation or additive manufacturing,
the final step and arguably the most properties-determining step is the rapid cooling stage.
Therefore, we believe the cooling stage should be more meaningful than the heating stage; (ii)
Compared with any other non-equilibrium states during or after the extreme thermal stimuli, H-
0 K samples represent the ground states that can be unambiguously obtained both in experiments
by slow annealing and in atomistic modeling by well-defined protocols [94], making them as
good reference states.

To further examine the universality of such correlation, in Figure 5-5.b we also add other
GBs considered in the present study, including a number of <110> and <111> STGBs, as well as
some asymmetrically tilted GBs. Evidently most data points fall into a narrow band, indicating a
strong and universal correlation between the two variables. It is known that Cu has a medium-to-
low stacking fault energy, and to further assess the applicability of the hereby obtained results we
also investigate a group of GBs in Ni [163], a system with relatively higher stacking fault energy.
A similar correlation persists there (Figure C-4 in Appendix C), which gives reason to expect the

present study may apply to other materials as well.
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5.3.6. Discussion on thermos-mechanical effects on GBs

It is worth noting that the overall motion of GBs is not investigated and their net
velocities are statistically zero in the present study. Many previous atomistic modelling studies
have been investigated to extract the structures and velocity/mobility of GBs, where an artificial
driving force is applied to the system. However, only ultrafast thermal stimuli and no global
mechanical driving forces are applied in our simulations. Therefore, GB mobility is not
considered in our present study and the primary focus is on the structural evolution of non-
equilibrium GBs and their intrinsic activation barriers for atomic rearrangements under extreme
environments.

Admittedly, there are new questions prompted. Figure 5-5.b contains a few outliers (filled
stars), whose T do not exhibit strong dependence on E;s(H — 0K). This may indicate the low-
angle GBs consisting of dislocation arrays (Figure 5-5.c) would present qualitatively distinct
responses to extreme stimuli compared with those high-angle 2D planar GBs. The underlying
physics for such fundamental difference, however, yet remains to be explored. In addition, to
highlight the impact of microstructural metastability, this work does not present complications
resulting from chemical complexity. While single-element model can well capture many
important physics relevant to real alloys [24, 110, 133], we also realize that solutes may largely
impact GBs’ metastability [164, 165] and impose complex chemo-thermo-mechanical coupling.
Last but not least, in the present study we only focused on extreme thermal stimuli but did not
introduce any global mechanical driving forces introduced in the simulations. This sets a
distinction both from the conventional grain coarsening behaviors, where the capillary force

often serves as the main driver to the motion of curved GBs; and from many previous atomistic
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modeling studies [128, 166], where an artificial bias/driving force is applied to the simulation to
extract the structures and velocity/mobility of GBs when a steady state is reached. In other
words, the thermo-mechanical coupling effects on the metastable GBs still remain unknown.

These challenges would warrant future studies.

5.4. Summary

We have demonstrated that the energetics and kinetics evolution of metastable GBs under
extremes are very different from those in equilibrium or near-equilibrium states. Free volume
only plays a minor role here, and the evolution is mainly driven by disorder and rough energy
landscape. Importantly, a universal scaling is observed between the GBs’ inherent structure
energies and their Ty during the rapid cooling stage. The discovery herein is noteworthy, not
only because it enables an increased control over how the metastable microstates and properties
of GBs can be effectively tuned in advanced processing such as additive manufacturing and fs-
laser irradiation, but more critically it suggests the importance of E;s as a robust parameter to
delineate the complex relaxation behaviors of GBs under non-equilibrium environments. There is
already evidence that the energetics of GBs are more effective than their detailed morphologies
in determining the system’s strength [135, 167] and mobility [135]. Our present study therefore
lends further credence to such a notion. Note that the significance of Ejs is well appreciated in
amorphous materials [106, 167, 168]. It has been quantified that, regardless of the samples’
processing histories and detailed configurations, as long as they exhibit similar E;s then their
mechanical and kinetic properties are close to each other [169]. Considering many similarities
between GBs and glasses [92, 110, 111], one may believe E;s would play a decisive role in the

performance of metastable GBs.
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Chapter 6 Summary and Future Work

6.1. Summary and Implication

In this thesis, we have employed PEL-based modeling framework to investigate the
microstructural evolutions and concomitant mechanisms of structural materials at long time
scales under extreme environments. Specifically, we focused on kinetic evolutions of two
extremely significant defects (dislocations and grain boundaries) in structural materials from the
PEL standpoint. The tackled problems are of great scientific and technological importance
because the performance of structural materials in the applications of nuclear reactors and
additive manufacturing is largely controlled by the kinetic evolutions of dislocations and grain
boundaries.

In Chapter 3, we employ a recently-developed ABC-T algorithm based on the concept of
PEL to investigate the dislocation-obstacle interaction at realistic strain rates, which are not
accessible by classical MD method. Specifically, the critical resolved shear stress (CRSS) is
obtained over a wide range of strain rates 10%s™* down to 10%s. We observed that the CRSS of
the system is determined by the interplay between thermal activation and applied strain rate.
Interestingly, negative strain rate sensitivity (nSRS) behavior is observed, which might lead to
mechanical degradations in nuclear reactors. We demonstrated that the nSRS is due to the
different intermediate microstructures emerged during the dislocation-obstacle interaction at

various strain rate conditions. This work has been published in Physical Review Letters [22].
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In Chapter 4, we investigate the kinetic evolution of metastable grain boundaries (GBSs)
under non-equilibrium processing from the PEL standing point. The aim has been understanding
and predicting the evolution of non-equilibrium metastable GBs under extreme stimuli, which is
critical for the sustainability of additive manufacturing (AM). We created a multiplicity of
metastable states and investigate those metastable GBs’ energetic temporal evolution by
isothermal annealing. The results confirmed that the evolution of metastable GBs over a broad
energy-temperature space can be distinctly divided into an ageing regime, and a rejuvenating
regime, respectively assisted by an effective data mining algorithm. Furthermore, it is
demonstrated that such ageing/rejuvenating stems from the energy imbalance during the
elementary transitions between local minima in the system’s underlying PEL, similar to that in
metallic glasses. Such kinetic model could explain the intriguing phenomena observed in our
collaborated fs-laser experiments. This work has been published in Acta Materialia [24].

In Chapter 5, we investigate the non-equilibrium relaxation of tilted GBs subjected to
ultrafast thermal cycles comparable with the selective laser melting or fs-laser irradiation
environments. The key contribution is providing a foundation to process different types of
metastable GBs and a new route to harness the properties of interface-dominant systems.
Specifically, a universal hysteresis on energy evolution is observed in both symmetrically tilted
GBs (STGBs) along different axes and asymmetrically tilted GBs. By probing the atomic
configurations and energy landscape of metastable tilted GBs at various intermediate stages and
resolving the activation energy spectra for collective atom rearrangements, we demonstrate a
strong sensitivity of GBs’ kinetic behavior to their processing histories. Most notably, in the

rapid cooling stage we discover a scaling relationship between GBs’ inherent structure energies
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and their critical structural transition temperatures. This work has been published in Materials
Research Letters [25].

We would like to emphasize that the PEL-based modeling techniques are capable of
bridging the time scale gap from the atomic-scale to mesoscale, which is not accessible by
traditional atomistic simulation methods such as molecular dynamics. Most notably, PEL-based
framework is fundamentally governed by the atomic interactions without invoking empirical
assumptions or fitting parameters. Therefore, such PEL-based framework could be expected to

provide a more accurate and predictive modeling and bridge the time scale gap.

6.2. Future Work
Further development in complex dislocation-GB interaction via PEL-enabled multi-timescale
modeling

In Chapter 3, we have investigated the dislocation-obstacle interaction under various
strain rates by our developed ABC-T method from the PEL standpoint. A surprisingly negative
SRS has been discovered at low strain rate regime far beyond MD’s accessibility and the
underlying mechanism is due to the complex interplay between applied strain rate and thermal
activation. We expect that the similar spirit also holds for the dislocation interaction with
metastable GBs in nanocrystalline alloys. It is well-known that dislocations and GBs are both
extremely significant microstructural defects and therefore it is of great importance to investigate
the dislocation-GB interaction at low strain rates by ABC-T method, which can be tested by
experiments.

Microstructural evolutions of high entropy alloys (HEA) from the PEL standpoint
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In previous studies, we employ PEL-based framework to investigate microstructural
evolutions and underlying mechanisms of single-element metals. HEA consists of five or more
principal elements and exhibits high strength and ductility. However, due to the high entropy,
severe lattice-distortion, and sluggish diffusion effect, the microstructural evolution of HEA is
extremely complex and therefore it is essential to extend PEL-based framework to study HEA’s
microstructural evolutions. We have collaborated with Oak Ridge National Lab to explore the
PEL of strained HEA and obtained the spectra of activation energy barriers under different
mechanical conditions via ART method. We expect to uncover the fundamental deformation

mechanisms from the PEL standpoint without inserting any fitting parameters.
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Appendix A Origin of the Shear Stress Discrepancies between MD and ABC-T

It has been noted in the main text in Chapter 3 that there exists a shear stress mismatch
(~80 MPa) between the ABC-T results and MD results. Such quantitative discrepancies are less
likely to originate from different microstructural evolutions, because as seen in Figure A-1 below
(also Figure 3-3.c in the main text), the defects configurations in both studies are the same in
terms of: (a) the exact configuration of the remnant vacancy cluster; (b) the number of vacancies
absorbed by the dislocation in the final configuration; and, (c) the ripped dislocation core after
the interaction. Admittedly, the ripped dislocation core in MD simulation is not as sharp as in
ABC-T because the random thermal oscillations of atoms in MD algorithm would smear the
static configuration a little bit [51]. In addition, in spite of the value mismatch, such difference
keeps consistent and almost invariable at two different strain rates (10° s and 108 s%). Together
with the same configurations identified in both ABC-T and MD, it is reasonable to believe that
the mismatch might come from the thermal compression stress produced in the non-zero

temperature MD simulations, because of the fixed volume condition.
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Configurations Comparison between ABC-T and MD

remnant vacancy
cluster

ABC-T: 108s-1, 300 K
S vacancies are

absorbed by
dislocation
o

ripped dislocation core

remnant vacancy MD: 108s-1, 300 K

cluster @
L.

ripped core is smeared a bit
due to thermal fluctuation

5 vacancies are
absorbed by
dislocation

Figure A-1. Detailed comparison between the obtained final configurations by ABC-T and MD,
respectively, under the same conditions. We would like to stress that both studies start from the same
initial configuration. It can be seen from the comparison that the microstructural evolutions in both
studies are identical to each other in terms of the remnant cluster configuration, the number of vacancies
being absorbed by the dislocation, and the ripped core structures in the end. Such consistency suggests
that both methods are essentially capturing the same dislocation obstacle interaction mechanism. We
therefore believe the thermal compression stress in MD is the main reason leading to the shear stress
mismatch.

If thermal fluctuations in MD simulations are the main contributors to the stress
variations, then one should expect that, by changing the temperatures in the MD simulations,
even the same configuration will correspond to different shear stresses. To verify this, we
conducted several parallel MD studies on the same configuration when the dislocation and
obstacle just start to contact with each other. To remove any other potential factors that might

affect the results, we only change the temperatures in these MD studies while keeping the shear
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strain (i.e. the shape of simulation cell) fixed. Five different temperatures are studied at 0.1 K,
100 K, 200 K, 300 K, and 400 K, respectively. We would like to stress again that these MD
studies are all at the same configuration. As seen in Figure A-2, the shear stresses of the same
configuration give different values at various temperatures. At 0.1 K, the shear stress (-250 MPa)
is almost identical to the ABC-T results shown in the manuscript because the thermal fluctuation
is negligible. As we gradually increase the temperature, an enhanced deviation of the shear stress
shows up, while the configurations essentially keep unchanged. At 300 K, the shear stress
mismatch reaches to ~80 MPa, which is well consistent with the discrepancies we report in the
manuscript.

As we mentioned, in these validating MD studies, we only change the temperatures while
keeping the configuration and strain fixed. Therefore, the most reasonable explanation to the
variations of shear stress is the thermal effects in MD simulations. To be more specific, since the
simulation cell is fixed, at higher temperature the system would experience a larger hydrostatic
compressive stress (inset in Figure A-2), and such thermal-induced pressure leads to a shift of the
shear stress values, although the microstructural evolution mechanisms are not changed. It is
worth noting that, according to Figure A-2, it seems the thermal effect is non-linear. This is a

very interesting observation and would warrant further investigations in our future studies.
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at Different Temperatures in MD (MPa)
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Figure A-2. Shear stresses of the same configuration in MD at different temperatures. The software Ovito
[170] is used for visualization and only the atoms with distinguishing numbers of neighbors are shown
(with a cutoff radius of 3.5 A in the common neighbor analysis). The atoms are colored according to their
centro-symmetry parameters [171]. It can be seen that the colors show some fluctuations at finite
temperature MD simulations due to the random thermal oscillations. But the defect configurations are
apparently identical with each other. Yet different shear stresses are obtained for these configurations. At
0.1 K, the shear stress value is the same as in ABC-T, since the thermal effect is negligible. And the shear
stress deviations become larger at higher temperatures. Meanwhile, the hydrostatic stress keeps increasing
(inset plot) since the volume of simulation cell is fixed.
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In sum, we believe the thermal effects in MD simulations are the major factor leads to the
quantitative differences of the shear stress values. But the qualitative mechanisms in both ABC-T

and MD are well consistent.
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Appendix B The Kinetic Evolution of Metastable GBs under Non-Equilibrium Processing

8 (%) CSL x (4) ¥ (A) t(A) | #of dtom fm%iﬁ‘ a[F &-ﬂﬁ
127 | F41(019) | 32735 | 26214 | 1446 | 104.960 719.88 722.84
163 | 325(017) | 25561 | 25646 | 1446 80,160 796.12 807.83
189 | ¥37(016) | 21989 | 26425 | 1446 71,040 837.58 860.52
226 | Y13(015) | 18433 | 25921 | 1446 58.400 878.27 913.20
251 | ¥85(029) | 33328 | 26750 | 1446 | 108,960 91025 944.75
281 | Y17(014) | 14905 | 26970 | 1446 49,120 914.63 958.66
319 | ¥53(027) | 26317 | 26275 | 1446 84.480 939.56 971.56
36.9 ¥5(013) 11431 | 24984 | 1446 34,880 904.83 961.36
411 | Y73(038) | 30886 | 24642 | 1446 92,960 972.89 1006.39
436 | Y29(025) | 19467 | 27312 | 1446 64,960 983.11 10203
464 | Y29(037) | 27530 | 27547 | 1446 92,640 98822 1027.27
53.1 ¥5(012) 80.83 24152 | 1446 23,840 9512 993 46
581 | ¥53(059) | 37218 | 29726 | 1446 | 135200 916.59 950.88
619 | ¥17(035) | 21078 | 25160 | 1446 64.800 856.53 903.65
640 | T89(058) | 34103 | 27217 | 1446 | 113440 844.56 879.24
674 | F13(023) | 13034 | 26214 | 1446 41,760 789.78 828.75
737 | ¥25(034) | 18075 | 25414 | 1446 56,160 676.79 687.46

Table B-1. The specifics on the dimension, atom number, and the IS energy before and after the fast
thermal cycling for various <100> STGBs.

The enhanced statistical algorithm of mining the energy variation rate: Figure 4-1.b
already shows that the GB’s energetic evolution is sensitive to both its IS energy level and
temperature. To better quantify the system’s intrinsic energy variation rate in the broad Eis—T
space, we have selected many different samples at different initial IS energy levels and conducted

isothermal annealing simulations over a wide range of temperatures.
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Figure B-1.a below shows a typical cluster of the annealing curves for one selected sample
which was subject to different annealing temperatures. All the curves collapse in the beginning
because, at t=0, the relaxation has not started yet. It is seen that the Es evolution evidently shows
a non-monotonic dependence on the temperature. For example, in the regime from 300K to 550K,
by increasing the temperature the GB’s energy drops to a deeper level within the same amount of
time, suggesting a larger ageing rate; while by further increasing the temperature to 1050K, the
annealing curve becomes much flatter and the overall ageing rate obviously becomes smaller. By
further increasing temperature, the GB’s energy would become higher than its initial state, entering
the rejuvenating regime. To precisely quantify the Ejs evolution rate, here we introduce an
enhanced statistical treatment illustrated in the inset of Figure B-1. To be more specific, we
calculate the slopes of neighboring data points in each individual E(t,T) annealing curve. For
example, the slope between the n th and n+1 th points can be calculated as (En+1-En)/(th+1-tn), and
this is essentially the ageing rate dEs/dt at the prescribed temperature T and IS energy level
(En+1+En)/2. Following such an algorithm, each neighboring pair would provide an effective entry
of ageing rate in the Eis—T space, and by considering all the neighboring pairs for all the annealing
curves, the statistics are significantly enhanced, as seen in Figure B-1.b. With such effective data
mining process, together with the thin-plate spline (TPS) interpolation algorithm, we are then able
to construct a quasi-continuum contour plot seen in Figure 4-2.a.

It is worth noting that, the raw data entries are not uniform in the Eis—T space. As seen in
Fig. S3.b, the data points are relatively sparse in the high energy regime. The reason is that at
high energy level the ageing rate is too fast, so that the annealing curves would drop into low

energy regime within very short time period, making the effective data entries in the high energy
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regime are limited. As a result, the interpolated pixel map might have relatively large numerical

errors in the high energy regime compared to those in the low energy regime.
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Figure B-1. (a) A typical cluster of the annealing curves Es(t) for one selected GB sample which was
subject to different annealing temperatures. Inset: each pair of neighboring data points would enable an
effective entry of dEs/dt. (b) Scattered data of dE,s/dt at prescribed temperature and IS energy states
calculated from the annealing curves in (a). The 2D interpolation of these scattered data leads to the pixel
map of Figure 4-2.a.

Universal hysteresis of GBs with different misorientation angles: Figure B-2 below
displays the IS energy responses of 16 additional <100> STGBs during fast thermal cycling from
0K->1300K->0K at a rate of 10K/ps. The heating stage is shown by red open circles and the
cooling stage is shown by blue open squares. Each data point in the plot is an average of three
runs with the same condition. It can be seen that, while the rejuvenated IS energy might vary
quantitatively, all the GBs considered here show a clear irreversible behavior, suggesting that the
hysteresis during heating/cooling is a universal behavior of metastable GBs. Details of the
specific dimensions, as well as the number of atoms and the GBs’ IS energy before (H-0K) and

after (C-0K) the fast thermal cycling with different misorientation angles are shown below in

Table B-1.
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Figure B-2. Inherent energy evolution during the fast heating-cooling cycle for different STGBs with the
misorientation angle ranges from 12.7° to 73.7° (the X5 (310) was shown in the main text and not
displayed here.) The red open circles represent the heating stage and the blue open squares represent the
cooling stage.

Universality of femtosecond laser behavior: We report the normalized change in
hardness of two Cu-Zr based nanocrystalline samples as a function of normalized laser fluence.
The data presented below finished by Gianola and his coworkers suggest that this behavior is an
inherent property of grain boundaries, and thus material agnostic. Figure B-3(a-b) show the
absolute change in hardness observed for the binary Cu-Zr as well as a chemically complex
nanocrystalline steel prepared by high pressure torsion. Ablation thresholds are noted for each

sample by the vertical dashed lines. Samples with higher energy grain boundaries exhibit
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suppressed ablation thresholds and smaller reductions in hardness for both binary and chemically
complex nanocrystalline materials.

Figure B-3(c) shows the normalized change in hardness as a function of normalized laser
fluence for all materials investigated in this study. Figure B-3(c) is colored according to the
maximum change in the normalized hardness. In the main text, we report that the Cu-Zr sample
agrees well with the proposed model, where an initially relaxed grain boundary can be further
rejuvenated and an initially high-energy boundary. It is clear from Figure S6, that this behavior is
even more apparent in a chemically complex 316L steel. In the as-deformed state, this material
undergoes a mild decrease in hardness as a result of laser rejuvenation. By relaxing the material
by annealing it at 550C for 1 hr prior to laser irradiation, the material subsequently exhibits a nearly
90% decrease in the normalized hardness owing to laser rejuvenation, strongly implicating the
importance of the initial GB state. Studies have shown this relaxation behavior from annealing to
be related exclusively to grain boundary relaxation, rather than chemical segregation or

dislocation-related phenomena [172].
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Figure B-3. (a-b) Absolute change in hardness observed for NC Cu-Zr, and 316L steel, respectively. The
red curves represent higher energy samples while the blue curves represent lower energy samples. (c)
Normalized change in hardness as a function of normalized laser fluence for all materials investigated in
this study.

Experiment Set Up: NC Cu-Zr samples were prepared from 99.99% pure Cu and 99.5%
pure Zr powders in a SPEX 8000M high-energy ball mill under Ar atmosphere. Samples were then
annealed for 1hr at 950°C, and then either quenched (Q) or slowly cooled (SC) to room temperature.
Additional details of sample preparation for these materials can be found elsewhere [92, 173].

Femtosecond laser irradiation experiments were performed with a Clark MXR CPA-2110
Series Ti:Sapphire Ultrashort Pulse Laser with 1 kHz repetition rate, 780 nm wavelength, and 150
fs pulse width. All experiments were performed in air at room temperature. Regions of 0.1-0.5
mm? were exposed to single pulse fs-laser irradiation with ~30% overlap between subsequent
pulses. Ablation thresholds were characterized on non-overlapping single pulse exposures via
optical profilometry.

Indentation experiments were performed using a Nanomechanics iNano nanoindenter

equipped with a 50 mN load cell and Berkovich tip. Prior to all indentation experiments, the tip
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area function was calibrated on a fused silica standard. Measurements were performed using a
CSM indentation protocol, where a dynamic oscillation is imposed atop the loading curve,
allowing depth-resolved hardness measurements [174]. All hardness measurements reported are
extracted from ~ 30 nm penetration depths. Hardness values and errors reported are the mean and

standard deviation, respectively, of at least 20 indentations.

90



Appendix C Dynamic Relaxations of Metastable GBs during Ultrafast Thermal Cycle

Details of the STGBs along <100>, <110>, and <111> axes and ATGBs: The specifics
on the misorientation/inclination angle, dimension, atom number, and the IS energy before and

after the fast thermal cycling for various <100>, <110>, and <111> STGBs and ATGBs in Cu.

O s L O O R e e
541(019) | 12.7 327.35 | 262.14 | 14.46 104960 | 719.88 722.84
>25(017) | 16.3 255.61 | 256.46 | 14.46 80160 | 796.12 807.83
>37(016) | 18.9 219.89 | 264.25 | 14.46 71040 837.58 860.52
>13(015) | 22.6 184.33 | 259.21 | 14.46 58400 878.27 913.20
>85(029) | 25.1 333.28 | 267.50 | 14.46 108960 | 910.25 944.75
>17(014) | 28.1 149.05 | 269.70 | 14.46 49120 914.63 958.66
>53(027) | 31.9 263.17 | 262.75 | 14.46 84480 | 939.56 971.56
<100> >5(013) 36.9 114.31 | 249.84 | 14.46 34880 | 904.83 961.36
STGBs >73(038) | 41.1 308.86 | 246.42 | 14.46 92960 | 972.89 1006.39
>29(025) | 43.6 194.67 | 273.12 | 14.46 64960 | 983.11 1020.3
529(037) | 46.4 275.30 | 275.47 | 14.46 92640 988.22 1027.27
>5(012) 53.1 80.83 241.52 | 14.46 23840 | 951.2 993.46
>53(059) | 58.1 372.18 | 297.26 | 14.46 135200 | 916.59 950.88
>17(035) | 61.9 210.78 | 251.60 | 14.46 64800 | 856.53 903.65
>89(058) | 64.0 341.03 | 272.17 | 14.46 113440 | 844.56 879.24
>13(023) | 67.4 130.34 | 262.14 | 14.46 41760 | 789.78 828.75
>25(034) | 73.7 180.75 | 254.14 | 14.46 56160 | 676.79 687.46
>33(118) | 20.05 207.65 | 235.66 | 20.45 84640 | 650.49 654.64
;%ég: >19(116) | 26.525 157.55 | 223.76 | 20.45 60960 | 719.09 736.34
>27(115) | 31.586 265.61 | 225.81 | 20.45 103680 | 693.23 726.61
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59(114) | 38.942 130.14 | 246.49 |20.45 |55488 |619.20 | 620.41
$11(332) | 129.521 143.86 |238.56 |20.45 |59328 |702.45 | 757.33
$9(221) | 141.058 184.05 |240.27 | 20.45 | 76416 |833.68 | 875.90
$27(552) | 148.414 225.42 | 266.55 | 20.45 | 103872 | 842.10 | 908.48
519(331) | 153.475 222.85 | 219.38 | 20.45 | 84480 |808.11 | 863.12
$33(441) | 159.95 293.70 | 247.68 | 20.45 | 125760 | 794.80 | 845.06
573(661) | 166.557 436.72 | 247.09 | 20.45 | 186560 | 678.31 | 709.36
$57(178) | 13.174 668.45 | 231.56 | 25.04 | 327840 | 608.73 | 617.60
$31(156) | 17.9 492.94 | 226.72 | 25.04 | 236640 | 709.71 | 728.65
$21(145) |21.8 405.71 | 235.27 | 25.04 | 202080 | 77535 | 803.21
567(279) | 24.433 724.69 | 251.85 | 25.04 | 386400 | 811.63 | 859.27
<111> | 513(134) | 27.8 319.22 | 222.38 | 25.04 | 150240 | 841.81 | 875.46
>Tos $39(257) | 32.2 552.92 | 253.85 | 25.04 | 297120 | 888.82 | 951.90
57(123) | 38.2 234.26 |243.92 | 25.04 | 120960 | 877.93 | 950.78
549(358) | 43.574 619.82 | 286.73 | 25.04 | 376320 | 866.61 | 934.92
537(347) | 50.6 538.62 | 249.16 | 25.04 | 284160 | 821.90 | 883.51
$61(459) | 52.659 691.60 | 238.94 | 25.04 | 349920 | 796.68 | 856.03
s | "o [ |y | | w |
3'9(110) 70.530 325.31 | 262.01 | 20.45 | 147360 | 807.78 | 833.80
¥9(552) 54,740 187.84 | 255.14 | 20.45 | 82880 | 879.34 | 929.68
Y9(771) 64.760 508.63 | 288.47 | 20.45 | 253760 | 776.85 | 811.69
ATGBs | 29(885) 46.690 632.40 | 267.7 | 20.45 | 292800 | 734.99 | 750.41
Y11(110) 64.760 397.62 | 291.02 | 20.45 | 200160 | 675.49 | 686.72
Y11(441) 54.740 293.68 | 250.12 | 20.45 | 127040 | 659.14 | 667.41
S11(771) 70.530 508.61 | 287.38 | 20.45 | 252800 | 676.94 | 696.18
3'13(740) 18.430 291.435 | 291.012 | 14.46 | 103680 | 889.51 | 915.65

Table C-1. The model parameters and the corresponding GB energies at 0 K (heating and cooling) for
STGBs along <100>, <110>, and <111> axes and ATGBs in Cu.

Details of the set-up and size effect study: The energetic and structural evolutions of

metastable tilted GBs under ultrafast thermal cycles are investigated by molecular dynamics
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simulations. The periodic boundary conditions on all axes and NPT ensemble are applied in our

system. The inherent structure energy of a given GB is calculated as follows:

V= (Etot -N *Ecoh) / (Z*A) ’
where Etot is the total potential energy of the entire supercell, N is the total number of atoms in

the supercell, Econ is the atomic cohesive energy in a single crystal reference system, and A is the
area of GB, i.e. the cross-sectional area of the supercell in xz plane. It is worth noting that the
system size is also studied. The previous study [94] has shown that ground-state structures and
energetics won’t be affected, as long as the orthogonal directions parallel to the GB plane satisfy
the minimum periodic distance (depending on the cut-off radius of interatomic potential).

To further examine the size effect during the non-equilibrium processing, in particular the
dimension along tilt axis, we also did some new calculations under the same thermal stimuli but
with larger simulation boxes. More specifically, we expand the tilt-axis dimension (i.e. z axis) to
3 times larger while keeping the x-y plane unchanged. 4 sets of heating/cooling curves for the
GBs at the misorientation angles of 28.1°, 36.9°, 53.1°, and, 61.9° are investigated, respectively.
As seen in Figure C-1 below, the results of larger simulation boxes overlap well with the results
of smaller simulation boxes in the main text. Therefore, we do not expect a strong size effect on

the present study.
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Figure C-1. Inherent energy evolution during the fast heating-cooling cycle for 4 different STGBs with
the different misorientation angles (28.1°, 36.9°, 53.1°, and 61.99). In each figure, two system sizes are
studied, where the tilt axis (z) is increased 3 times and the other two axes are kept constant for the larger
system. The blue and red curves represent the smaller system, while the solid red circles and blue squares
represent the larger system.

Details of the distribution of displacement fields: The potential energy landscape
(PEL) is known to interpret material properties in complex structures. From the PEL perspective,
the elementary processes are the hopping between neighboring local minima connected by an
intermediate saddle state. The activation relaxation technique (ART) is employed in probing the

PEL of GBs and obtaining the displacement fields from the local minimum to the saddle state.
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Specifically, a random atom inside the GBs is firstly chosen and perturbed randomly by ART.
When the lowest eigenvalue of the PEL calculated by Lanczos algorithm is smaller than -0.01 eV
A2, the system is then relaxed to a saddle state. Once the initial local minimum and saddle state
structures are obtained, the total Euclidean displacements are calculated. Here the statistic
distributions of Euclidean norm distributions of GB’s atomic rearrangements at different

processing stages are shown in Figure C-2.

(a)
0.05}
0.00
(b)
0.05}
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Figure C-2. The distributions of GB’s atomic displacement at different processing stages.

Correlation between a given GB and its structural transition temperature extracted
from heating stage: Figure C-3.a shows energy variations extracted form heating curves of all
different GBs, where the entire cluster of curves also span into a crescent-shaped region similar

with cooling curves. Figure C-3.b shows a clear monotonic trend between the critical structural
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transition temperature and the GB’s inherent structure energy based on the heating curves, which

demonstrates that this correlation always persists.
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Figure C-3. The analysis on the correlation between critical structural transition temperature and inherent

structure energy in the heating stage. (a) E;s(H — T) for different <100> STGBs. The data for each GB is

colored according to its pre-processing energy at H-OK. Ty is measured when E;(H — T) reaches 10%, as
marked by the green line. (b) The correlation between Ejs(H-0K) and Ty for various GBs. It is worth

noting that such a correlation is almost identical to the trend shown in Figure 5-5, with only a

guantitative shift.

Details of the STGBs along <100> axis in Ni: The specifics on the misorientation angle,

dimension, atom number, and the IS energy before and after the fast thermal cycling for various

<100> STGBs in Ni.

Misorientation E(H-0K) | E(C-0K)
<100> | CSL Angle@) | XA [ YA | 2B | Ny | mam?]
STGBs Y'13(015) 22.6 179.46 | 250.38 | 10.56 | 43440 | 1295.67 | 1375.97
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2°85(029) 25.1 324.32 | 259.27 | 10.56 | 81240 | 1347.41 | 1430.32
>17(014) 28.1 145.12 | 231.05 | 10.56 | 32400 | 1347.23 | 1470.28
>.53(027) 31.9 256.13 | 255.61 | 10.56 | 63240 | 1393.21 | 1499.75
2.5(013) 36.9 111.30 | 221.01 | 10.56 | 23760 | 1343.56 | 1444.32
>.73(038) 41.1 300.62 | 239.38 | 10.56 | 69480 | 1435.25 | 1515.10
>.97(049) 47.92 346.56 | 275.82 | 10.56 | 92340 | 1462.14 | 1537.13
>17(035) 61.9 205.19 | 245.18 | 10.56 | 48600 | 1278.86 | 1328.80
>°13(023) 67.4 126.90 | 227.04 | 10.56 | 27840 | 1159.30 | 1237.50

Table C-2. The model parameters and the corresponding GB energies at 0 K (heating and cooling) for

STGBs along <100> axis in Ni.

Correlation between a given GB and its structural transition temperature in Ni:

Figure 5-5 already shows that a clear monotonic correlation between Es (H-OK) and Tt in Cu

exhibit. To examine the universality of such correlation, Ni is also studied here. Similar with

results of Cu, the rescaled inherent structure energy curves in Ni exhibit a crescent shape as

shown in Figure C-4.a. Meanwhile, the Ty of all the GBs in Ni could be extracted in Figure C-

4.a. Then, it is found that this similar correlation also exists in Ni as shown in Figure C-4.b,

which demonstrates that this strong correlation could be applicable to many other materials as

well.
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Figure C-4. (a) The rescaled inherent structure energy in Ni for different STGBs along <100> axis during
the cooling stage. The data for each GB is colored according to its energy at H-OK seen in the legend. (b)
The correlation between Es (H-0K) and Ty Similar with Cu, data points of Ni also fall into a very narrow
band, indicating a very strong correlation between the two variables.
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