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Abstract

This review paper examines mechanisms controlling IGSCC in selected LWR components. Emphasis is placed on
identifying material microstructures and microchemistries which promote susceptibility to premature failure. Two
important examples are evaluated in some detail: stainless steel pipe cracking and primary-side SCC of alloy 600
steam generator tubing. In each case, grain boundary segregation and precipitation phenomena in these materials
are reviewed and assessed relative to the mechanisms of IGSCC. This paper summarizes materials presented at the
1993 International Summer School on the Fundamentals of Radiation Damage held at the University of Illinois. A
more comprehensive overview of SCC mechanisms and LWR examples was provided at the school, but will not be
included in this article. Microstructural and microchemical aspects controlling IGSCC described here serve as a
lead-in to the following paper focussing on how irradiation influences SCC resistance of reactor core components.

1. Introduction

Material degradation has been a continuing prob-
lem in commercial light-water-reactor (LWR) nuclear
power plants. Although several other sources of degra-
dation exist, corrosion remains a dominant issue re-
lated to plant availability, economics and reliability.
Localized corrosion, and intergranular stress corrosion
cracking (IGSCC) in particular, has prompted severe
consequences as illustrated by the impact of welded
stainless steel pipe cracking in boiling-water reactors
(BWRs) and steam generator tube failures in pressur-
ized water reactors (PWRs). For example, IGSCC of
recirculation system piping led to significant reductions
in US reactor operation in the mid-1980s, reaching a
maximum capacity loss of about 15% in 1984. Docu-
mented observations of BWR pipe cracking exceed
1000 cases with an estimated cost for US utilities of
more than 3 billion dollars [1]. While incidents of pipe
IGSCC have greatly decreased over the last 10 years

due to remedial actions, steam generator tube IGSCC
failures have increased. Tube problems may force most
US PWRs to replace their existing steam generators
well before its design life of 40 years is achieved [2].
Methods to mitigate either primary-side or secondary-
side IGSCC in generator tubing are not well estab-
lished. This is a direct consequence of the current poor
understanding of the mechanisms controlling tube
degradation. Many other components have experi-
enced SCC within LWR systems including steam tur-
bine materials, reactor core internals, jet pump beams
and feedwater nozzles. Fortunately, none of these
problems have impacted plant operation to the same
degree.

2. Pipe cracking of austenitic stainless steels

BWR pipe cracking was first observed in small
diameter (<25 cm) recirculation lines nearly 30 years
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ago, but did not become a significant concern until
1974. [3] IG cracks were detected in the heat-affected
zone (HAZ) of high-carbon (> 0.05 wt%) 304 stainless
steel pipe weldments. A few years later, cracking was
also detected in the more critical large diameter (> 60
cm) recirculation systems. Replacement of these lines
was considerably more difficult and costly. As a result,
a wide range of basic and applied research activities
were initiated to develop a mechanistic understanding
of the IGSCC process and, more importantly, identify
remedial actions to improve behavior of existing com-
ponents as well as new corrective measures to ensure
cracking resistance for new piping systems. For the
most part these research activities were highly success-
ful [3]. IGSCC of stainless steel piping is probably the
best understood environmental cracking process and
serves as a basis for much of our general understanding
of IGSCC phenomena.

The conditions necessary to promote IGSCC are a
susceptible material microstructure, a sufficiently cor-
rosive environment, and the presence of tensile stresses.
For BWR piping these conditions can be described
more specifically as: (1) grain boundary chromium de-
pletion (sensitized microstructure), (2) oxygenated (>
15 ppb) high-temperature water, and (3) applied plus
residual tensile stresses approaching the steel yield
stress. The following sections overview the basic metal-
lurgy of stainless steels with reference to the develop-
ment of an IGSCC-susceptible microstructure. Much
of the presented information is based on a recent
review by Bruemmer. [4]

3. Intergranular precipitation

A large number of different second phases can form
in the 300 series SSs including carbides, nitrides and
various intermetallics. The dominant carbide is the fcc
M,,C¢ with chromium as the primary (~ 65 at%)
metallic component [5]. Precipitation of the carbide is
a function of thermal treatment and bulk composition
(primarily carbon) of the heat. A typical method of
illustrating precipitation behavior is by a time-tempera-
ture precipitation (TTP) diagram as shown in Fig. 1.
Carbide nucleation and growth occurs first at the inter-
face between delta ferrite and austenite, followed by
precipitation at austenite grain boundaries, incoherent
twin boundaries and finally, at coherent twins. The
trends shown in Fig. 1 for a 304 SS also have been
demonstrated for 316 SS, duplex alloys and high-chro-
mium stainless steels. Delta ferrite will not be present
in all alloys, but is possible in many “austenitic” SSs
depending on bulk composition and processing treat-
ment. Carbon is an extremely effective austenite stabi-
lizer, and its content is a critical factor in determining
whether ferrite will remain in 304 and 316 SSs.
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Fig. 1. Time-temperature—precipitation curves for M,;Cq

second phase to various internal interfaces for a 304 SS, based
on results from Ref. [6].

Carbide precipitation occurs readily in SSs due to
the low solid solubility of carbon. Cooling from high
temperature will trap an excess or supersaturated
amount of carbon which can then precipitate during
lower temperature aging. Carbon solubility depends on
bulk composition and relatively consistent predictions
can be made using empirical relationships determined
for a particular type of SS as a function of heat
treatment temperature. The solubility limit is exceeded
in a 0.08 wt% C, Fe-18Cr-8Ni alloy at ~ 980°C, while
in a 0.02 wt% C alloy limits are ~ 820°C. Carbide
precipitation is favored at temperatures below these
values.

The morphology, density and distribution of the
intergranular M,;C, precipitates depend on grain
boundary misorientation and structure. Carbide mor-
phologies can be classified as two-dimensional “sheets,”
as dendrites which are initially lamellar or as small
geometric particles. Geometric carbides are common
resulting from precipitates nucleating at grain bound-
aries and growing preferentially into one grain. A
crystallographic orientational relationship is estab-
lished with the matrix to minimize interfacial energy.
Carbides nucleate on high energy sites in the grain
boundary, probably at ledges or sites of ledge annihila-
tion.

Another intergranular precipitate that can form in
nitrogen- and nuclear-grade SSs is chromium nitride,
Cr,N. Both type 304LN and 316LN will exhibit signifi-
cant nitride precipitation after heat treatments in the
550 to 750°C temperature range. Nitrides can also form
in the nuclear-grade heats since bulk nitrogen levels
can be up to 0.1 wt%. However, bulk nitrogen levels
need to be quite high (> 0.15 wt%) to promote signifi-
cant nitride precipitation after practical heat treat-
ments.

Various intermetallic phases can form after long
thermal exposures in type 316 SS. Sigma (o) and chi
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(x) phases nucleate and grow at high energy interfaces
such as high-angle grain boundaries and incoherent
interphase boundaries. Both intermetallics are Fe—Cr—
Mo compounds with the tetragonal o phase having a
higher concentration of chromium and lower molybde-
num than the bec y phase. It is important to note that
these intermetallic phases typically require many hours
at high temperatures (700-850°C) to nucleate.

Martensite also forms in unstabilized SSs under
certain conditions. At moderate levels of plastic defor-
mation (i.e., cold work), the planar dislocation struc-
tures typical of this low stacking fault energy alloy
evolves into cell structures which can contain eta
martensite. With increasing deformation, alpha mar-
tensite forms at eta intersections and becomes quite
significant at higher strains. Temperature, extent of
deformation and bulk material composition all influ-
ence the amount of martensite that will form.

The martensite formation temperature (M,) is a
function of the SS composition with carbon, nitrogen
and nickel having the largest effect. A typical 304 SS
alloy would be expected to have a transformation tem-
perature of about —150°C. However, in low-carbon
SSs, the M, temperature can rise above room tempera-
ture. Martensite nucleation has been documented at
grain boundaries in sensitized SSs, perhaps due to
local composition differences and deformation charac-
teristics.

4, Intergranular chromium depletion

The precipitation of chromium-rich M,;C, carbides
on grain boundaries promotes the development of an
adjacent region depleted in chromium. Depletion is
controlled by the thermodynamics of carbide formation
and differences between the diffusivities of chromium
and carbon. It occurs in a temperature range where
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carbides are thermodynamically stable and chromium
diffusion is sufficiently rapid for carbide nucleation
and growth in a finite time frame. This process is
commonly referred to as sensitization, although this
term is also used to indicate intergranular corrosion
susceptibility (often incorrectly).

The formation of a grain boundary chromium de-
pleted region in stainless alloys was inferred many
years ago [7], but was not directly established until the
last 15 years. Analytical transmission electron mi-
croscopy (ATEM) has enabled chromium depletion
profiles to be measured in various materials and as a
function of thermal and thermomechanical treatment.
The best developed and most used ATEM approach
has implemented a scanning transmission electron mi-
croscope (STEM) with an energy dispersive X-ray spec-
trometer (EDS). Instruments with the capability are
now in widespread use and a large number of investi-
gators (see Ref. [4]) have reported chromium depletion
measurements. Examples of such measurements for
radiation-induced chromium depletion are included in
the paper of Kenik in this volume.

An example of heat treatment effects on chromium
depletion is shown in Fig. 2 for a high-carbon 304 SS in
(a) and for a high-carbon alloy 600 (Ni—18Cr-7Fe)
heat in (b). The width of the chromium-depleted zone
increases with heat treatment time at 700°C for both
materials. For the 304SS, the total width changes from
about 50 nm after 1 h, to 100 nm after 10 h, and finally
to 500 nm after 100 h. Minimum chromium concentra-
tions appear to decrease (from 12.5 to 11.4 wt%), then
increase (to > 12 wt%) with heat treatment time. The
initial decrease reflects the resolution limitations (~ 5
nm) for microchemical analysis using this particular
STEM-EDS, i.e., the profile is simply to narrow to
accurately determine the interfacial chromium concen-
tration. Interfacial chromium concentrations will dis-
cernably increase after long times due to a bulk reduc-
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Fig. 2. Heat treatment effects on chromium depletion profiles in 304 SS (a) and alloy 600 (b).
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Fig. 3. Minimum grain boundary chromium concentrations
measured in 304 SSs over a range of heat-treatment tempera-
tures.

tion in carbon content and a decreased thermodynamic
driving force for continued carbide growth. The behav-
ior of the nickel-base stainless alloy will be discussed in
a later section.

Chromium concentrations at the carbide interface
decrease as the heat treatment temperature is de-
creased due to temperature effects on carbon and
chromium activities. This relationship is illustrated in
Fig. 3 and incorporates measured chromium minimums
in high-carbon 304SS from several sources. Minimums
drop from near bulk concentrations (18 wt%) at 900°C
to about 8 wt% at 500°C. The second aspect of critical
importance to characterize chromium depletion is the
width of depleted zone. As indicated in Fig. 2, the
depletion width increases with time after intergranular
carbides are nucleated. Interfacial chromium minimum
also tend to increase with increase in depletion width
due to desensitization. As a result, the volume of the
grain boundary depleted zone is not increasing at the
same rate as the depletion width. Each of these vari-
ables will be correlated to environmental degradation
in a following section.

Carbide precipitation and depletion characteristics
after thermal or thermomechanical exposure can vary
significantly from one grain boundary to another and
even along an individual boundary length. Much of this
variability results from differences in grain boundary
energies. High-energy interfaces exhibit early carbide
nucleation and may develop a semicontinuous distribu-
tion of carbides before nucleation occurs at low-energy
interfaces. Even though grain boundary diffusion is
much more rapid than bulk diffusion, differences in
chromium depletion have been observed along a
boundary with well-spaced carbides and can be caused
by localized interfacial migration. These microchemical
complications are present after all heat treatments, but
their magnitude depends on the specific exposure.

5. Equilibrium impurity segregation

Impurity elements present at low levels in austenitic
SSs can reach high levels at grain boundaries due to
equilibrium segregation. Although the number of di-
rect measurements of grain boundary composition have
been limited, several elements including phosphorus,
sulfur, nitrogen, boron and silicon segregate under
specific conditions. The most consistently measured
impurity segregant in Fe- and Ni-base stainless alloys
has been phosphorus. The temperature dependence of
segregation is shown in Fig. 4 with equilibrium levels
decreasing with increasing heat treatment temperature.
Grain boundary phosphorus contents up to ~ 30 at%
have been measured in 304 SS with a grain boundary
enrichment ratio of more than 1300 [8]. Segregation
kinetics become much more rapid as the heat treat-
ment temperature is increased, and equilibrium levels
are reached in much shorter times. Typical bulk phos-
phorus levels (100 ppm) in commercial steels can pro-
duce significant intergranular enrichments. Thus, ma-
terials in the “sensitized” condition will most likely
have considerable phosphorus segregation along with
M,,C, carbides and chromium depletion defining the
local microchemistry.

The kinetics of phosphorus segregation in type 316
SS are slower than type 304 particularly at tempera-
tures below about 700°C. Molybdenum additions in
type 316 SS promote an increased equilibrium segrega-
tion, but a significant decrease in kinetics. These dif-
ferences in segregation between type 304 and 316 SS
are very similar to differences observed for chromium
depletion. Heat treatment temperatures which induce
significant phosphorus enrichment (i.e., 600-650°C for
304 and 700-750°C for 316) are also those which
promote rapid sensitization.

Segregation of other impurity elements to stainless
steel grain boundaries has been observed, but often
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Fig. 4. Measured grain boundary phosphorus segregation in
304 SS and alloy 600 as a function of heat-treatment tempera-
ture.
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requires high bulk contents or special thermal treat-
ments. Sulfur segregates rapidly to boundaries if preex-
isting sulfides (e.g., MnS and CrS) are dissolved by a
high-temperature (> 1200°C) exposure. Without such
treatment, grain boundary sulfur segregation is very
slight even in doped alloys. However, sulfide precipi-
tates have been identified on intergranular fracture
surfaces. This behavior for sulfur in stainless steel
results from the effectiveness of certain alloying addi-
tions (i.e., Mn) in precipitating sulfur out of solid
solution. As a result, the amount of free sulfur avail-
able to segregate is typically extremely small and insuf-
ficient to promote significant grain boundary segrega-
tion.

Nitrogen additions to austenitic SSs have received
considerable interest as a replacement strengthening
element for carbon. Like carbon, nitrogen segregates
to and can precipitate (i.e., Cr,N) at grain boundaries.
Briant [9] has documented significant nitrogen enrich-
ment at grain boundaries after heat treatments be-
tween 600 and 700°C. It appears that high-nitrogen
heats (e.g., N grades) will show considerable nitrogen
segregation and eventually chromium nitride precipita-
tion. Grain boundary segregation of nitrogen in 304
and 316 grades is also likely since bulk nitrogen levels
are typically greater than 0.02 wt%. However, segrega-
tion behavior in these materials has not been reported.

Several other alloying and impurity elements have
been observed to enrich boundaries in stainless steels
due to equilibrium, and often nonequilibrium, pro-
cesses. Boron can strongly segregate as a result of
either process, but most observations result from a
vacancy-drag mechanism after steels are quenched from
a high temperature. [10] Primary alloying elements
such as chromium and molybdenum also have been
shown to segregate in specific alloys reaching relatively
small levels of enrichment. [11] Finally, silicon has
been identified at grain boundaries in a Type 304SS by
Joshi and Stein. [12] However, silicon segregation by
equilibrium processes appears to be very small (enrich-
ment ratio probably < 2). Quite different behavior is
observed for many of these elements during irradiation
exposure. This nonequilibrium segregation will be dis-
cussed in the following paper.

6. Grain boundary electrochemistry and intergranular
corrosion

Grain boundary microchemistry in a sensitized
austenitic SS can be rather complex as described in a
previous section. While the matrix remains at about its
initial composition (except for carbon), grain boundary
regions exhibit M,;C, carbides, a chromium-depleted
zone which extends some distance from the boundary
and potentially impurity (e.g., phosphorus) enrichment
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Fig. 5. Bulk chromium concentration effects on dissolution
rates for Fe—10% Ni alloys.

at the interface. Thus, four distinct chemistries may
exist in sensitized SS. Each can affect the electrochem-
ical response of the material, thereby impacting inter-
granular corrosion and SCC susceptibility. In most
cases, the chromium depleted zone dominates due to
its effect on material electrochemistry. The variation in
chromium concentration from 16 to 18% for most of
the material to as low as 8% near grain boundaries
creates a situation where localized attack can occur.

Stainless alloys obtain their corrosion resistance by
the presence of chromium. For ternary alloys of iron-
nickel-chromium, levels of about 12% or more
chromium prompt a significant improvement in general
corrosion resistance as indicated in Fig. 5. [13,14] The
current density (i.e., corrosion rate) sharply drops in
the “passive” region of the polarization curve with
increasing bulk chromium content. Chromium addi-
tions lead to a reduction in the rate of dissolution in
both this passive region and in the “active” potential
region at lower potentials. At the same time, the po-
tential range over which the material is passive in-
creases and the active range decreases.

These characteristics of electrochemical polariza-
tion behavior indicate critical thermodynamic and ki-
netic aspects defining a materials corrosion resistance.
The passive range shows the thermodynamic stability
region for protective oxide film formation, while cur-
rent densities define the kinetics of continuing metal
dissolution. Chromium has a strong effect because it
incorporates into the film making it more protective.
Enrichment of chromium in the M,0, film increases
with bulk chromium concentration, reaching a rather
high metal fraction. A sensitized material can contain a
continuous path of low-chromium, less-passive material
which may be susceptible to attack. Such a localized
region of active behavior surrounded by a passive ma-
trix can lead to high rates of dissolution. Potentials of



S.M. Bruemmer, G.S. Was /Journal of Nuclear Materials 216 (1994) 348-363 353

this magnitude, near the active—passive transition, have
been shown to promote IGSCC in many environments
including BWR water [15-23].

Electrochemistry of chromium-depleted grain
boundaries has been inferred from studies on bulk
alloys with compositions representing those typical of
boundary regions [13,14,24-26]. All of these investiga-
tions reach a similar conclusion as noted above, disso-
lution rates of chromium-depleted composition are ex-
pected to be much larger than for the matrix. Attempts
have also been made to isolate electrochemical re-
sponse from grain boundary regions in sensitized and
nonsensitized materials [27-29]. Results were qualita-
tively consistent with bulk alloy measurements in that
depleted grain boundary regions showed higher disso-
lution rates.

Few direct correlations between measured grain
boundary chromium depletion and intergranular corro-
sion have been reported. Bruemmer et al. [30] have
documented the most detailed comparison between
chromium depletion and intergranular corrosion. Type
304 and 316SSs were heat treated, their depletion
profiles characterized by ATEM and corrosion re-
sponse investigated using the electrochemical poten-
tokinetic reactivation (EPR) test. Correlations were
made between EPR and specific aspects of the deple-
tion profile, i.e., minimum grain boundary chromium
contents, depletion widths and depletion volumes. Crit-
ical chromium minimums for attack were found to be
about 13 wt% and the best correlation was observed
between EPR and depletion volume below 13.5 wt%
(Fig. 6). This study and others have documented that
chromium depletion is the dominant microchemical
component controlling intergranular attack under these
environmental (active—passive potential regime) condi-
tions.
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Fig. 6. Dependence of IG corrosion susceptibility as indicated
by the EPR test on the extent of grain boundary chromium
depletion described by the volume depletion {30].

Other elements besides chromium have an effect on
the passivation characteristics of SSs. Molybdenum is
the most important of these for the common alloys.
Additions of 0.5% or more molybdenum lowers active
and passive current densities and improves corrosion
resistance [5]. It can directly impact depassivation /re-
passivation of the film which controls pitting attack and
SCC. Molybdenum does not appear to incorporate into
the protective film as does chromium, but has been
observed to enrich metal surfaces [31,32]. Depletion of
molybdenum also occurs during sensitization of 316 SS
and further degrades localized corrosion resistance.
The importance of molybdenum depletion on inter-
granular corrosion has been demonstrated by Briant
and Hall [33]. Depletion characteristics in 316 SS must
consider both chromium and molybdenum to predict
corrosion behavior.

Grain boundary reactivity in corrosive environments
can also be influenced by the presence and composi-
tions of precipitates and by solute segregation. Electro-
chemical behavior of second-phase precipitates at grain
boundaries has not been extensively studied. It has
been generally observed that the dissolution rate of
M ;Cq-type carbides is quite low, but increases as iron
replaces chromium in the carbide. Chromium-rich car-
bides in sensitized stainless steels are not attacked in
many solutions even though the depleted region is
aggressively dissolved. These carbides are most likely
cathodic to the low chromium region and accelerate
dissolution of the depleted zone.

Grain boundary segregation of impurity elements,
such as phosphorus and sulfur, is known to promote IG
corrosion and SCC in many iron and nickel-base alloys.
In stainless alloys, phosphorus segregation appears to
dominate because of its relatively high impurity level.
Phosphorus enrichment at grain interfaces promotes
attack in highly oxidizing environments, e.g., boiling
nitric acid. IG corrosion is not observed in less oxidiz-
ing solutions where chromium depleted material is
aggressively attacked, such as BWR water. Phosphorus
appears to be detrimental at transpassive potentials.
However, it may influence attack at active—passive
potentials if present along with chromium depletion.
Thus, the presence of second phase and segregants at
grain boundaries must be considered to assess the
overall effect of interfacial microchemistry

7. Intergranular stress corrosion cracking

As was the case for IG corrosion, chromium deple-
tion is the dominant factor controlling IGSCC in
austenitic stainless alloys. In slightly oxidizing environ-
ments such as BWR water and low-temperature acids,
chromium depletion can induce IG cracking and low-
ductility failure. Stainless steel pipe weldments, where
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Fig. 7. Correlations between grain boundary chromium con-
centrations and IGSCC for 304 SS and alloy 600.

the weld-induced HAZ thermomechanical history pro-
motes carbide precipitation and chromium depletion
are particularly susceptible since a tensile residual
stress distribution is also typically created which drives
crack initiation and growth.

There have been many indirect relationships docu-
mented between chromium depletion and IGSCC, but
few direct correlations. Bruemmer [34] found that the
IGSCC of type 304 SS in oxygenated, high-temperature
water was controlled by the grain boundary chromium
concentration. Intergranular cracking was initiated in
slow-strain-rate tests when local chromium levels
dropped below a threshold level as shown in Fig. 7.
Cracking severity and ductility loss increased as the
boundary chromium content decreased. The threshold
concentration to promote IGSCC is a function of the
test strain rate and, at low deformation rates, only
minor levels of chromium depletion (1 to 2 wt%) at
boundaries are required for IG cracking. Was and
Rajan [35] also mapped the onset of IGSCC in a
low-temperature acidic solution for a nickel-base stain-
less alloy 600. Cracking was observed when grain
boundary chromium levels dropped below ~ 8 wt% as
shown in Fig. 7.

The correlations presented in Fig. 7 point out the
critical importance of chromium depletion, and
chromium minimums in particular, on IGSCC of
austenitic stainless alloys. The reference to “minimum”
chromium contents should be noted, since the “aver-
age” grain boundary chromium content will be some-
what higher. Average depletion levels might be ex-
pected to control the extent of IG cracking. This con-
cept of an average grain boundary microchemistry is
important because a continuous path of susceptible
material must be available for crack propagation. Such
a continuous path is typically not present when the
degree of sensitization is low (<5 C/cm? as measured

by the EPR test). Short isothermal or continuous cool-
ing thermal treatments can promote isolated regions of
carbide precipitation and chromium depletion. As a
result, IGSCC may not occur in practical situations
even though some grain boundaries exhibit low mini-
mum contents. Estimates from percolation theory [36]
suggest that 20 to 25% of grain boundaries need to be
depleted below the threshold chromium concentration
for IGSCC to occur. Relationships between IGSCC
and grain boundary chemistry will always depend on
many other critical factors including mechanical load-
ing characteristics and environmental conditions as well
as secondary material variables.

Grain boundary impurity segregation can promote
IGSCC and hydrogen induced cracking (HIC) in many
iron- and nickel-base alloys. Phosphorus segregation
has been implicated in the IGSCC for low-carbon
stainless steel heats [37] and in irradiation-assisted (IA)
SCC [38,39]. However, evidence for such an effect for
austenitic SSs in high-temperature water has not been
reported. Impurity segregation was found to have only
a small effect on crack-growth rates by Andresen and
Briant [40]. Although, phosphorus, nitrogen and sulfur
were enriched at grain boundaries in different SS spec-
imens, only sulfur appeared to promote IG cracking.
Sulfur was reported to be present as sulfides and in
elemental form at boundaries. Cracking observed in
the high-sulfur SSs was compared to similar results by
Andresen [41] for environmental cracking of Inconel
182 weld metal.

The lack of a significant effect of impurity segrega-
tion on IGSCC of SSs reflects both the dominant effect
of chromium depletion and the limited amount of
controlled testing that has been performed. Phospho-
rus may promote IGSCC in more oxidizing environ-
ments as it does when segregated to boundaries in
nickel. [42] Electrochemical potentials near the pas-
sive-transpassive transition were required, much higher
than those typically present in service environments
such as oxygenated high-temperature water. It is inter-
esting to note that neutron and gamma radiation have
a large effect on water chemistry and may shift SS
electrochemical potentials to more oxidizing values (i.e.,
closer to passive—transpassive potentials). Thus, impu-
rity segregation may still play a role in IGSCC under
such conditions.

Other grain boundary microchemical and mi-
crostructural components have not been observed to
play a major role in IGSCC. The presence of carbides
will affect the local grain boundary electrochemical
and deformation characteristics, and perhaps cracking
susceptibility in certain environments. However, no
direct link between carbides and cracking has been
established for SSs. Martensite, if formed preferen-
tially along grain boundaries can prompt environmen-
tal cracking [43-46]. Anodic dissolution or hydrogen
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embrittlement of this relatively brittle phase could re-
sult in rapid crack growth. The main question that
remains is to what extent does preferential martensite
form in practical circumstances. Considerable deforma-
tion occurs in the HAZ region during welding and
within the plastic zone ahead of the propagating crack.
Whether this deformation induces significant marten-
sitic formation has not been established. Martensite
effects appear to be small compared to the dominant
effect of chromium depletion. It is essential to keep in
mind that IGSCC does occur in cold-worked or creviced
SSs without any grain boundary chromium depletion.
Therefore, secondary microstructural and microchemi-
cal features may play a critical role in cracking under
such conditions.

8. Microchemistry, IGSCC and remedial actions

Clearly grain boundary chromium depletion is the
dominant material variable promoting IGSCC of
austenitic SSs piping. Cracking susceptibility is a direct
function of the interfacial chromium concentration, i.e.
the degree of sensitization. For specific alloys, and for
specific mechanical loading and environmental condi-
tions, threshold grain boundary chemistries for IGSCC
can be identified. The production and fabrication of
more resistant SS weldments depends on such under-
standing. Detrimental microchemistries can be avoided
by modifying bulk composition and HAZ thermome-
chanical history. Remedial actions can also be applied
to create a resistant microchemistry and improve mate-
rial performance. This has been done for BWR piping
by post-welding solution annealing (and rapid quench-
ing) or by replacing the high-carbon SSs with nuclear
grade steels with a maximum carbon level of 0.02 wt%.
The low-carbon content limits carbide precipitation,
and thereby chromium depletion, under normal weld-
ing conditions. IGSCC can also be mitigated by pro-
tecting the susceptible HAZ by a corrosion-resistant
cladding (e.g., 308L with ferrite levels > 8%), or by a
weld overlay to structurally reinforce the degraded
weldment region. The weld overlay has been a cost-ef-
fective, temporary solution to repair existing cracked
pipes. Current BWR practice is to apply more than
simply a material remedy to improve piping SCC resis-
tance [3]. In most cases, modifications to the residual
tensile stress (by heat-sink welding, induction heating
stress improvement or last-pass, heat-sink welding)
and /or to the environment aggressiveness (ensure very
high water purity and reduce oxygen content in solu-
tion by hydrogen additions) are applied. The use of
multiple countermeasures is expected to minimize ob-
servations of pipe cracking and its effect on plant
availability.

9. Steam generator tube cracking: nickel-base alloy 600

IGSCC on both the primary- and secondary-sides of
PWR steam generator tubing has been a continuing
problem for over 15 years. Recent data [47] shows that
of the steam generator tubes plugged due to leakage,
31% were plugged due to primary side IGSCC and
44% were plugged due to secondary side IGSCC. Al-
though both locations impact plant availability, pri-
mary-side SCC has raised the greatest concern in re-
cent years [48] and remains the greatest mystery, and
as such, will constitute the emphasis of this discussion.
Cracking occurs in high-purity water in cold-worked
material at locations of high stress such as roll transi-
tions or U-bends. Temperature has a large influence
on crack initiation roughly following an Arrhenius de-

pendence. Primary-side SCC has not been observed at

temperatures below ~ 250°C and is most prevalent in
hot-leg tubes (> 300°C). The water environment is also
believed to be a critical factor, but the specific ele-
ments of the environment have not been identified.

A great many unknowns still exist concerning the
mechanisms controlling primary-side IGSCC. Unlike
the case of BWR pipe cracking, the basic processes
controlling IGSCC are not well established. However,
any proposed mechanism must involve the microstruc-
ture, microchemistry and mechanical properties of grain
boundaries. To facilitate basic understanding, specific
aspects of alloy 600 metallurgy are reviewed and dis-
cussed in the following sections based on recent papers
by Bruemmer [49] and Was [50]. Interfacial carbide
precipitation, chromium depletion, impurity segrega-
tion and local deformation characteristics are exam-
ined and related to IGSCC behavior.

10. Carbide precipitation

Chromium carbide precipitation occurs readily in
alloy 600 because the carbon solubility is low even at
very high temperatures, e.g., 0.03 wt% at 1000°C. Pre-
cipitates in alloy 600 include M,C; and M,;C4 car-
bides as well as titanium nitrides and carbonitrides.
The predominant precipitate formed during processing
treatments and subsequent thermal treatment is the
M,C; (M>95% Cr) carbide. These carbides have
what is described as a pseudo-hexagonal structure. At
higher aging temperatures or at longer times at lower
temperatures when the carbon activity is lower, M ,;Cg
can precipitate. This dendritic carbide has a cube-on-
cube relationship with the matrix, and has a metallic
content of better than 90% chromium [51,52]. Grain
boundary precipitates can be produced ranging from
small (or large) discrete particles to a semi-continuous
array of particles.

The low carbon solubility and the resulting high
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driving force for precipitation help explain the signifi-
cant heat-to-heat variations in mill-annealed tubing
microstructures and SCC resistance that have been
observed. Carbide distributions can vary from predomi-
nately IG to predominately transgranular (TG) among
heats within a given steam generator. These variations
result from differences in bulk composition (C content)
and thermomechanical history during processing and
fabrication. Carbide precipitation in mill-annealed ma-
terial is somewhat different from that in solution an-
nealed and thermally treated material because of the
interplay between deformation and annealing. Because
of the varying carbon content, heat treatment and
deformation schedules, the “mill-annealed” condition
is very ill-defined with respect to microstructure. Al-
though this carries over into the description of car-
bides, some generalizations can be made. Mill an-
nealed material is generally characterized by a higher
density of carbides in the matrix [51,53,54]. Some mill-
annealed structures have predominantly intragranular
carbides with only very sparse precipitation occuring
on the grain boundaries. The principal carbide struc-
ture is again, M,C; with M,;C4 occuring only sporadi-
cally in the boundary and matrix. Because a significant
amount of carbon has been precipitated during the mill
anneal, the response to subsequent aging treatments is
different from that of solution-annealed samples. Heat
treatment following a mill-anneal results in significant
carbide nucleation and growth along grain boundaries
and in the matrix. The carbides nucleate along the
grain boundary in regions between existing carbides,
along carbide—matrix interfaces and along dislocations
in the matrix [51]). The grain boundary carbides in this
structure are much more discrete as opposed to the
semi-continuous structure of carbides formed by ther-
mal treatment following a solution anneal.

The final processing temperature plays a critical
role in the amount of carbide precipitation that occurs
during cooling and the amount of carbon remaining in
solution. A high-temperature anneal (> 1000°C) tends
to put more carbon into solution, produce a higher
density of intergranular precipitates and is more resis-
tant to SCC. Mill-processing conditions also have an
important effect on microstructures of thermally
treated tubing, i.e. secondary heat treatment at lower
temperatures (620 to 700°C). The ability to produce a
favorable microstructure depends on the carbon re-
maining in solution which is available to precipitate. A
low-temperature mill anneal and a slow-cooling rate
may result in a high density of intragranular precipi-
tates and an insufficient supply of carbon for subse-
quent intergranular precipitation. Thus, additional
thermal treatments may not significantly modify the
microstructure or SCC resistance. Maximum improve-
ment in SCC resistance is observed for alloys with a
semi-continuous array of IG carbides. This implies that
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Fig. 8. Influence of grain boundary carbides (0 = no carbides;
5= complete coverage with carbides) on the crack initiation
time of alloy 600 in RUB specimens immersed in high-purity
water with 50 ml H, /kg H,O at 365°C (from ref. [56)).

SCC resistance is dependent on the morphology and
distribution of IG carbide precipitates. However, the
mechanism by which this occurs remains open to some
debate.

Considerable interest has been focused on the role
of the chromium-rich carbides themselves as the activa-
tors of IGSCC by both chemical and mechanical mech-
anisms. Several studies [55-57] have reported correla-
tions between high grain boundary carbide coverage
(density) and increased 1G cracking resistance, Fig. 8.
In two instances, the reverse has been true. However,
these occurred in tests in 25M NaOH at 140°C [58] and
in oxygenated water at 350°C [59], in which the en-
hanced IGSCC susceptibility was attributed to prefer-
ential dissolution of the grain boundary carbides.
Hence, the advantages or disadvantages of semi-con-
tinuous IG carbides with respect to IGSCC is highly
dependent on the environment.

11. Chromium depletion

Precipitation of chromium-rich carbides at grain
boundaries in alloy 600 result in the formation of a
chromium-depleted region for certain time—tempera-
ture conditions. Because of the low carbon solubility
and fast chromium diffusion, depletion occurs much
more rapidly (i.e., at shorter times at temperatures
between 500 and 750°C, and for faster cooling rates
from higher temperatures) in alloy 600 than in unstabi-
lized austenitic stainless steels. Depending upon the
temperature at which they form and grow, isolated
carbide precipitates can produce localized regions of
chromium depletion which is not continuous along
boundaries. The relatively high diffusivity of chromium
in alloy 600 enables the chromium content to be re-
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plenished at interfaces during heat treatments at tem-
peratures greater that 650°C. As a result, thermal
treatment can produce a desensitized microstructure
(i.e., semi-continuous carbide precipitation without
chromium depletion). The exact time—temperature de-
pendence of chromium depletion and desensitization
will again be dependent on the material bulk composi-
tion and prior thermomechanical history.

When a chromium carbide begins to precipitate at
the grain boundary, paraequilibrium is established be-
tween the chromium in the carbide and the chromium
in the matrix. Once precipitation has begun, the value
of chromium in equilibrium with the carbide will change
(hence the term paraequilibrium) because the activities
of the chromium and carbon change as they are con-
sumed by the growing carbide. Thus, the amount of
chromium in equilibrium with the carbide increases
with time. The resulting chromium depletion profile
represents a complex interplay between changing equi-
librium conditions at the carbide—matrix interface and
the kinetics supplying chromium and carbon to the
carbide. Fig. 9 shows the dependence of the paraequi-
librium grain boundary chromium concentration on the
temperature and the alloy carbon content of alloy 600
versus that for an austenitic stainless steel. Decreasing
temperatures or increasing carbon contents will tend to
increase the extent of chromium depletion.

Although chromium depletion can be present in
mill-annealed tubing, and may be increased during
long exposures at steam generator operating tempera-
tures, depletion is not a controlling factor in the SCC
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Fig. 9. Equilibrium chromium concentration at the carbide—
matrix interface of Ni-16Cr-9Fe-0.03C, and 18-8 stainless
steel as a function of temperature.

of alloy 600 in high-temperature deaerated water or
caustic environments. Chromium depletion does ap-
pear to accelerate cracking in oxygenated water or in
low-temperature acidic environments (Fig. 7), but the
opposite is more consistent with the data for deaerated
water tests and mixed results have been obtained for
caustic environments. Since it is difficult to produce
significant chromium depletion without semi-continu-
ous carbide precipitation, the effect of chromium de-
pletion on SCC resistance has not been isolated. If
chromium depletion is detrimental to primary-side
IGSCQC, its effect appears to be minor compared to the
beneficial effect of IG carbides.

12. Grain boundary segregation

As for austenitic stainless steels, phosphorus is the
primary segregant to grain boundaries in alloy 600.
Grain boundary phosphorus segregation increases
sharply with decreasing temperature until the solubility
limit is exceeded (i.e., at about 700°C for a 100 ppm
heat). Below this temperature the amount of phospho-
rus available to segregate decreases with decreasing
temperature, and segregation increases at a much
slower rate as illustrated in Fig. 4. Phosphorus levels at
grain boundaries in MA commercial alloy 600 are
typically on the order of several atomic percent and
increase to ~ 10 at% after several hours at 700°C.
There is no indication that these levels of phosphorus
segregation promote IGSCC in high-temperature wa-
ter. In fact, recent evidence supports a beneficial cffect
of grain boundary P in high purity Ni-Cr-Fe alloys
(without grain boundary carbides or chromium deple-
tion) tested in 360°C water [60]. Very little additional
information is available concerning the influence of
phosphorus segregation without the presence of GB
chromium carbides. However, phosphorus-induced IG
cracking is observed at lower temperatures in various
nickel-base alloys when hydrogen is available [61].

Several other impurities identified at the grain
boundaries of alloy 600 include boron, sulfur, nitrogen
and titanium. Grain boundary segregation of boron
and sulfur has been observed, even when bulk contents
are only several parts per million. Boron may be partic-
ularly important since it is often observed at grain
boundaries of mill-annealed specimens [62]. However,
boron segregation has not been shown to induce 1G
corrosion or SCC. Since low levels of boron retard
chromium carbide precipitation and higher levels ac-
celerate precipitation, boron may influence SCC
through its effect on IG chromium carbide formation
kinetics [61].

Sulfur has not been shown to consistently segregate
to grain boundaries in alloy 600 due to the presence of
sulfide formers such as magnesium, calcium and tita-
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nium. Significant segregation has only been docu-
mented in samples after extremely high-temperature
anneals (> 1300°C) where sulfur is released from pre-
existing inclusions and is able to segregate to grain
boundaries. Although sulfur has been proposed to play
a role in primary-side IGSCC, it is unlikely based on
the limited segregation that occurs in alloy 600 tubing
under normal processing and fabrication conditions.
However, sulfur strongly segregates in nickel alloys
(when available in solution) and is a potent embrittling
element at low and high temperatures. It is interesting
to note that sulfur does not thermally segregate in
low-alloy steels, but does enrich boundaries under creep
conditions promoting IG embrittlement.

50

One alloying element not normally discussed as a
segregant in alloy 600 is carbon. Its behavior in certain
alloys is believed to be similar to boron and nitrogen,
i.e., increases IG cohesive energy and improves resis-
tance to hydrogen embrittlement. Unfortunately, very
little direct evidence is available for alloy 600. Carbon
is known to strongly segregate in commercial-purity
nickel leading to graphite precipitation at grain bound-
aries [63]. It also segregates to boundaries in alloy 600
during nucleation and growth of chromium-carbide
precipitates. In the solution-annealed (SA) and MA
conditions, it is certain that some degree of interfacial
carbon enrichment is present. Recent experiments [64)
have established a correlation between grain boundary
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carbon segregation and IGSCC resistance in 360°C
water. As in the case of chromium carbides, the effect
is strongly dependent on environment, and carbon seg-
regation has been shown to result in more severe
IGSCC in 140°C NaOH, Fig. 10. However, inherent
difficulties in grain boundary fracture and carbon com-
position analysis (contamination) have restricted a
complete quantitative assessment. Significant segrega-
tion of elemental carbon may also be limited by com-
petitive phosphorus segregation. Interstitials such as
carbon, boron and nitrogen may be the only elements
(besides hydrogen) with reasonable mobility at ~ 300°C
and may interact with the dynamic effects occuring at
GBs at this temperature.

13. Interfacial deformation and creep

The observation that a semi-continuous distribution
of IG carbide precipitates improves SCC resistance
suggests that the carbides may be affecting grain
boundary mechanical behavior. Interfacial deformation
and cracking is directly influenced by the presence of
carbides. A semi-continuous distribution of carbides
can promote IG fracture at low temperatures and IG
creep cavities at elevated temperatures. However, di-
rect studies of interfacial deformation processes have
been limited. Bruemmer and Henager [65] evaluated
deformation characteristics at 300°C and demonstrated
that IG carbides control dislocation activity at low
strains. Grain boundary carbides were proposed to be
effective dislocation sources because they block dislo-
cation movement within the boundary during sliding,
produce a large local stress concentrations, and may
have better access to matrix slip planes for casy emis-
sion into the lattice. This allows grain boundary precip-
itates to emit dislocations at lower macrostresses and
strains and also to continue to operate against higher
back stresses than other sources.

More recent results have indicated that bulk creep
deformation plays an important role in the susceptibil-
ity of alloy 600 to IGSCC and explain the increased
cracking resistance of high-chromium alloy 690. Re-
search by Was and co-workers [64,66] has demon-
strated that increasing the bulk carbon or chromium
content in a high-purity Ni-Cr-Fe alloy sharply de-
creases the creep rate and % IGSCC. For example,
carbon in solution was found to alter the matrix and
grain boundary dislocation substructure and inhibit the
formation of intergranular void formation. The high-
temperature water environment has been shown to
accelerate the creep rate in alloy 600 over that in air
[66,67]. This suggests that hydrogen adsorption into the
metal may be enhancing bulk dislocation activity, or
the water environment degrades any benefit of the
surface film on resisting creep deformation. If creep

plays an important role in the IGSCC, it is likely that

grain boundary sliding (GBS) is an essential part of the

cracking mechanism. Grain boundary sliding is dis-
cussed below in relation to the microstructure and

microchemistry of alloy 600.

Grain boundary sliding does not typically become a
significant deformation mode at temperatures above
~ 0.4 of the melting temperature. Interestingly, this is
approximately the temperature (~ 360°C) where
IGSCC is reproduced in the laboratory and where
sliding has been observed in mill-annealed alloy 600
tubing. It is well founded that sliding contributes to the
overall strain during dislocation creep and is necessary
for diffusion creep [68-70]. One way in which sliding
can occur is by the dissociation of a matrix dislocation
into either perfect or partial grain-bounary dislocations
(GBD). These dissociation reactions minimize the grain
boundary energy and can rearrange the local structure
of the grain boundary. This process can explain many
aspects of GBS [71] including:

e A threshold stress is often observed for GBS analo-
gous to matrix slip since a friction stress must be
overcome. IG precipitates (carbides) are effective
barriers to GBD movement and increase the ob-
served threshold stress.

e Grain boundary hardening results during dislocation
creep primarily due to the pile-up of lattice disloca-
tions. Steps in the boundary are created by impinge-
ment of matrix dislocations and impede interfacial
dislocation movement.

o A relationship commonly exists between matrix strain
and GBS strain, since boundary sources are critical
in the bulk deformation process.

e Grain boundary migration often accompanies GBS
because interfacial dislocations (depending on the
local Burgers vectors and boundary plane) can pro-
duce both events simultaneously.

e The activation energy for GBS is typically between
the extremes for GB and matrix diffusion resulting
from the mechanisms controlling the rate of sliding,
i.e., interfacial diffusion required for the climb of
boundary dislocations or matrix diffusion required
for accommodation processes in the adjacent grains.
Diffusional mass transport along grain boundaries

controls many metallurgical processes under certain

stress—temperature conditions including diffusional
creep. [72] Fast diffusion in the boundary plane ap-
pears to occur by a vacancy mechanism with atoms
jumping between various sites in the boundary plane.
The strong influence of structure and solute segrega-
tion on interfacial diffusivity may be partially explained
by differences in the core sites. Specific impurity segre-
gants such as boron in iron and sulfur in copper have
been shown to have very large effects on grain bound-
ary diffusivity. [73] It is possible to increase or decrease
interfacial diffusivity by modifying the boundary com-
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position. Very little is known concerning segregant
(i.e., carbon, nitrogen, boron and phosphorus) effects
on interfacial diffusivity or GBS in alloy 600. Local
hydrogen effects must also be considered. Hydrogen-
enhanced plasticity definitely occurs and may play a
dominant role in promoting GBS through its effect on
the climb of GBDs and on local matrix accommodation
processes. Second-phase particles obstruct GBD mi-
gration and restrict GBS until higher local stresses are
produced or tests are performed at higher tempera-
tures.

Creep cavities can nucleate at stress concentrations
which arise at inhomogeneities in sliding grain bound-
aries and can be assisted by a vacancy condensation
(diffusional) mechanism [68,72]. Solute segregation ef-
fects noted above can control the nucleation and growth
of grain boundary cavities in several ways. Segregants
which decrease cohesion at the grain-to-grain or parti-
cle—matrix interface will reduce the stress required for
wedge cracks or cavities to form. In addition, segrega-
tion at the newly-formed cavity may reduce its surface
energy, and thereby reduce the critical size for a stable
cavity. Cavity nucleation will also be determined by
grain boundary sliding which again is dependent on
local composition. The largest influence on cavity
growth will stem from segregation effects on diffu-
sional mass transport along grain boundaries and on
newly formed surfaces.

The resistance of a material to creep embrittlement
depends on the mechanisms of interfacial deformation,
cavity nucleation and cavity growth. Grain boundary
chemistry resulting from segregation events before or
during deformation must be considered. The enrich-

ment of certain impurity elements has been shown to
increase the susceptibility to creep and stress-relief
embrittlement [73]. Solute segregation can modify grain,
and particle-matrix, interface cohesive energies, influ-
ence cavity surface energies and control the resultant
mechanical properties. However, direct investigations
linking solute segregation to cavity nucleation and
growth have been limited, and no research has ad-
dressed the complexities of the particle-matrix inter-
face nor the interfacial deformation processes leading
to cavity nucleation.

An additional consideration is that of grain bound-
ary structure. It is well established {74-76] that defor-
mation and strength are strong properties of the orien-
tation relationship between grains, or the misorienta-
tion of grain boundaries. The coincident site lattice
(CSL) model of grain boundary structure classifies grain
boundaries into one of three categories based on the
relative misorientation between the grains adjacent at
the boundaries. Low-angle boundaries (LABs) have
misorientation angles of up to 15° Coincident site
lattice boundaries (CSLBs) are defined in terms of the
degree of overlap (coincidence) of the interpenetrating
lattices of adjacent grains. All other boundaries are
considered as general high-angle boundaries. CSL and
LABs constitute 12 to 20% of the grain boundaries of
most annealed alloys. Thermomechanical processing
can increase this fraction to nearly 50%. CERT and
creep experiments of CSLB-enhanced samples show
more resistant to IG cracking in water, and a reduced
creep rate in argon at 360°C, as documented in Fig. 11
[67,77]. Although the mechanism is not precisely known,
the beneficial effect of LABs and CSLBs is believed to
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be due to their ability to induce slip in neighboring
grains by either transmitting or absorbing and re-emit-
ting lattice dislocations, thereby reducing grain bound-
ary stresses and the propensity for GBS or crack for-
mation. This presents the potential for controlling de-
formation and cracking through grain boundary struc-
ture.

The general concepts discussed above for GBS do
not answer the specific questions concerning IGSCC of
alloy 600 in deaerated high-temperature water. Based
on the information at hand, it appears that resistance
to GBS scales consistently with resistance to IGSCC.
Hydrogen could reduce the threshold stress for GBD
movement and enable sliding to occur at lower temper-
atures. Crack propagation could result from small cav-
ity formation immediately ahead of the crack tip at
boundary inhomogeneities such as slip step. If this is
the case, segregants may play an important role in the
formation of stable cavities. Mobile elements within
the boundary may enrich and stabilize the newly cre-
ated surface produced during sliding.

14. IGSCC mechanisms and remedial actions

Specific grain boundary microstructural, micro-
chemical and mechanical issues related to the IGSCC
of alloy 600 in high-temperature water have been dis-
cussed. Interfacial carbide precipitation, chromium de-
pletion, impurity segregation and local deformation
characteristics are examined and related to IGSCC
behavior. Grain boundary carbide precipitation has a
dominant effect improving IGSCC resistance, while
chromium depletion and impurity segregation have
secondary effects at most. The key to cracking suscepti-
bility remains focussed on the local deformation behav-
ior at grain boundaries with recent results indicating an
important effect of matrix and interfacial creep pro-
cesses. Hydrogen may be a necessary component for
crack propagation either by an interfacial decohesion
or by an enhanced plasticity mechanism. Detailed ex-
perimentation and modeling is needed to elucidate the
complex interactions among grain boundary deforma-
tion, solute segregation, hydrogen and IG crack propa-
gation.

Because basic understanding of the mechanisms
controlling steam generator tube cracking have not
been established, the confidence level for effective
material remedial actions is not as high for alloy 600
tubing SCC as it is for SS pipe cracking. More recent
alloy 600 steam generator tubes have been thermally
treated to ensure a high density of semi-continuous
grain boundary carbides, while the next generation of
tubing will probably be thermally-treated alloy 690.
However, many questions remain concerning the long-
term behavior of these replacement materials. Other

remedial actions have been shown to have a positive
effect [47). Specific improvements in behavior have
resulted from reducing tensile stresses by some form of
in-situ heat treatment, or by peening the tube surface
to produce compressive stresses. Environmental cor-
rective actions are a bit more difficult for the primary-
side and have been limited to reducing the coolant
temperature in the U-bend regions where possible.

15. Conclusions

The two examples reviewed illustrate the significant
differences in the microstructural and microchemical
mechanisms that can control IGSCC in selected LWR
components. Specific aspects of grain boundaries in-
cluding precipitation, alloying element redistribution,
impurity segregation and interfacial deformation in
stainless alloys are discussed in relation to BWR pipe
cracking and primary-side SCC of PWR steam genera-
tor tubing. IGSCC of austenitic SS piping is a well-un-
derstood process, metallurgically controlled by the ex-
tent of chromium depletion at internal interfaces.
Cracking susceptibility can be sharply reduced by the
elimination of this localized depleted region. Many
other microstructural and microchemical changes oc-
cur at SS grain boundaries, but they appear to have
only a comparatively small effect on IGSCC in BWR
environments. Although grain-boundary chromium de-
pletion can be produced in alloy 600 steam generator
tubing, it appears to have little effect on IGSCC in
primary-water environments. Only IG carbides have
been shown to have a strong beneficial effect on crack-
ing resistance. The mechanisms of the cracking process
remain poorly understood. Much of the current em-
phasis is focussed on bulk and interfacial deformation,
and their influence on cracking mechanics. A combina-
tion of basic and applied research has led to a func-
tional solution to BWR pipe cracking, while this re-
search is still required to address long-term solutions
for PWR steam generator tubing.
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