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ABSTRACT 
 

The molecular design and synthesis of semiconducting conjugated polymers was a major 

achievement in the field of chemistry, enabling the now viable organic electronics industry. 

Unlike their crystalline inorganic counterparts, the weak van der Waals bonding forces between 

conjugated polymer chains give rise to significant structural and energetic disorder. This reduces 

charge carrier mobility and adversely impacts device performances. Efforts to understand carrier 

transport in conjugated polymer systems have been challenged due to the complexity of the 

structure and a lack of proper understanding of the manner in which the polymer morphology 

affects electrical properties. This thesis focuses on developing several experimental strategies to 

turn polymer morphologies and studying the impact of polymer microstructure on carrier 

transport. The experimental approaches for morphology manipulation in this thesis include (i) 

fabricating film with different thickness (ii) using the environmentally benign method 

supercritical carbon dioxide processing and (iii) using a novel vacuum deposition technique to 

deposit thin polymer films.  

By studying thickness dependence of morphology and carrier transport in a low bandgap 

polymer, we show that the out-of-plane carrier mobilities in conjugated polymer films 

monotonically increase with thickness in the range of 100 nm to 1 μm due to substrate-induced 

morphological changes as a function of film thickness. Our findings demonstrate that carrier 

mobility in conjugated polymers is not intrinsic properties of the materials but rather dictated by 
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local morphology; it could vary nearly by an order of magnitude depend on the proximity to the 

substrate.   

For the second route, we show how the polymer structure near polymer/substrate 

interface in organic thin film transistor can be selectively manipulated using supercritical carbon 

dioxide processing. Subsequently, we observe a significant enhancement in the in-plane carrier 

mobility that is accompanied by rather a subtle change in polymer morphology. This 

demonstrates that supercritical carbondioxide processing is an effective way to control polymer 

structure near the buried interface. 

Lastly, we introduce a novel vacuum deposition technique Matrix-Assisted Pulse Laser 

Evaporation (MAPLE) to fabricate conjugated polymer films. Although the structure of 

MAPLE-deposited samples is highly disordered, transistor devices made from MAPLE-

deposited films exhibit superior in-plane transport characteristics. Motivated by this finding, we 

then employ an advanced X-ray characterization method called complete pole figure 

construction and characterize the polymer structure at different stage of deposition in order to 

reveal the structure of MAPLE-deposited films at the buried interface. To our surprise we 

discover a large population of highly-oriented crystals at the buried interface having structure 

strongly depending on the substrate chemistry. We also show that this polymer layer dictates 

transport in thin film transistor, showing the importance of characterizing the structure at the 

buried interface in order to evaluate transistor performance. 
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Chapter 1 : INTRODUCTION 

1.1. BACKGROUND AND MOTIVATION 

The synthesis of conjugated polymers was a major achievement of the field of chemistry; 

it enabled collaborations with the fields of physics and engineering to create the now viable 

organic electronics industry.  The field is based on the use of semiconducting carbon-based 

polymers in the active layers of electronic devices. Organic electronics are not being developed 

to replace traditional electronics, but instead serve as a complement to existing technologies. A 

continued fascination with the engineering and scientific challenges is partly driven by the nearly 

limitless possibilities for tuning the optoelectronic properties of organic molecules via molecular 

design.  Additionally, solution processing over large areas, low-cost device fabrication, and the 

ability to readily deposit active layers on flexible substrates, contribute to both low cost and the 

use for different applications, that are not possible for conventional hard semiconducting 

materials. With their unique capabilities, various devices based on conjugated polymers that 

includes xerography,
1
 organic light-emitting diodes (OLEDs),

2,3
 organic thin-film 

transistors(TFTs)
4
 and organic photovoltaics (OPVs).

5,6
  are beginning to come to market. 

In devices made from conjugated polymers, charge carrier mobility is arguably the most 

important figure of merit which directly influences external quantum efficiency in OLEDs, 

switching speed in TFTs, short circuit current, fill factor and consequently power conversion 

efficiency in OPVs.
7–9

 An important limitation nevertheless is that organic materials possess 

significant structural and energetic disorder; this is responsible for limited charge carrier 



2 

   

mobilities and low device performances. Efforts to improve carrier mobilities in polymers and 

organic materials are often hindered by the lack of a proper, or generally accepted, physical 

description of carrier transport in organic semiconductors. Some of these difficulties arise from 

the complexity of the morphology and a lack of understanding of the manner in which certain 

physical properties depend on the morphology. The goal of this dissertation here is to use 

different methodologies to alter the morphological structure of semicrystalline semiconducting 

polymers and study the effect of structure on charge carrier transport. Understanding the effect of 

processing conditions and polymer chemistry on microstructure and charge transport will help in 

the effort to establish rigorous design rules for new conjugated polymers with improved 

properties.  

1.2. CHARGE TRANSPORT MECHANISMS IN CONJUGATED POLYMER 

We are used to ubiquitous polymers (or plastics) being somewhat opposite to metals: they 

are insulator and do not conduct electricity. In fact, in many applications electric wires or other 

electronic parts are coated with polymers to protect them from short-circuits. In order to make 

polymer conductive, a key importance is the presence of alternative double bond and single 

bonds along the backbone of the polymer (or conjugated backbone). Conjugated polymer 

backbone contains localized sigma (σ) bond which forms a strong chemical bond and less 

strongly localized “pi” (π) bond which is weaker. The electrons in the partially empty conjugated 

p-orbitals are highly mobile and can move across the polymer backbone. However, conjugation 

alone is not enough to make the polymeric material conductive. In addition to this, charge 

carriers in the form of extra electrons or “holes” have to be injected into the material. The game 

changing moment came in 1977 when Heeger, MacDiarmid and Shirakawa discovered oxidation 

of polyacetylene with chlorine, bromine or iodine vapor make it 10
9
 times more conductive than 
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they were originally. 
10

 The finding has opened up a new field of research where one can have a 

material with electrical and optical properties of traditional semiconductor/metal and in the same 

time having the processability of polymers. The discovery of conductivity in polymers was 

recognized in 2000 when Heeger, MacDiarmid and Shirakawa were awarded the Nobel Prize in 

Chemistry.
11

   

 

Figure 1.1 Chemical structure of some common conjugated polymers 

The mechanisms of charge transport conjugated polymers are fundamentally different from 

crystalline inorganic semiconductors. Carrier mobilities in conjugated polymers are necessarily 

highly anisotropic, occurring at different rates, depending on the path taken by the carriers 

(Figure 1.2). Intrachain carrier transport along the backbone segment of a chain, free of local 

distortions, is relatively fast. However, when the conjugation in conjugated polymer is disrupted, 

carrier will not be able to continue moving along the polymer backbone. In this case, charge 

carrier can hop to another adjacent polymer chain via so-called pi-pi stacking direction, 

providing that their wave functions overlap (Figure 1.2). The interchain hopping transport 

between polymer chains is very slow and this is known to be responsible for low carrier mobility 

in conjugated polymers.   
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Figure 1.2: Illustration of intra- and inter- chain transport in conjugated polymers 

The interplay between microstructure and carrier transport processes in conjugated polymers 

is still far away from being clearly articulated. The difficulties partially originate from the 

complex morphology of conjugated polymers. In contrast to crystalline inorganic semiconductor, 

conjugated polymer chains are bonded together by weak Van der Waals forces with numerous 

degrees of conformational freedom, resulting in complex and disordered microstructures. Typical 

conjugated polymer films are semicrystalline in which ordered (aggregate) and disordered 

(amorphous) regions coexist (Figure 1.3a). The aggregates part composes of co-facially stacked 

molecules having strong π-orbital overlap. In a semicrystalline film, the reduced conjugation 

lengths and increased band gaps of the amorphous regions are responsible for reduced carrier 

mobilities and confine transport within the aggregate regions because carrier moves from 

aggregate to amorphous region will encounter an energy barrier (Figure 1.3b). It is suggested that 

the carriers only move across the amorphous regions from aggregate to aggregate via single 

polymer chains known as tie-molecules.
12,13

 This concept of transport was proved by measuring 

the electroluminescence (EL) of a mixture of regioregular poly(3-hexylthiophene) (RR-P3HT) 

nanofibrils and regiorandom poly(3-hexylthiophene) (RRa-P3HT). It was shown that the EL 

spectra of the blends resemble with that of pure RR-P3HT, suggesting that the charges are 

traveling within the ordered regions of the samples.
12

 Molecular weight also has a profound 
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impact on carrier transport in conjugated polymers. High molecular weight provides electrical 

connectivity between ordered regions, allowing efficient charge transport and resulting in higher 

carrier mobility, despite the fact that high molecular weight polymers are usually more 

disordered and have lower degree of crystallinity (Figure 1.3c).
14,15

 

 

 

Figure 1.3: a) Microstructure of conjugated polymer films, demonstrating the coexistence of 

ordered and amorphous regions (Reproduced from
12

). b) Energy level of ordered and amorphous 

regions c) Dependence of carrier mobility on molecular weight, or degree of polymerization 

(Reproduced from
12

). 
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1.3. CHARGE TRANSPORT THEORY: GAUSSIAN DISORDER MODEL 

In order to extract more information about the transport mechanism of conjugated 

polymers, we can fit transport behavior to a charge transport model. While there is a variety of 

charge transport model exists in literature to describe charge transport in disordered 

semiconductors, in this thesis we mainly use the Gaussian Disorder Model (GDM) proposed by 

Bässler.
16,17

 This model is frequently used to explain the temperature and electric field 

dependence of mobility in semiconducting polymers. In brief, the GDM proposes that charge 

carrier hopping within an energy landscape characterized by both energetic and positional 

disorder. The system is considered as a manifold of uncorrelated transport sites whose energies 

adopt a Gaussian density of state (DOS) distribution in which carrier can hop with rates 

determined by Miller-Abrahams form: 

2
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 (1-1) 

 Here, ij is the hopping rate between site i and j having the energy εi and εj; a is the 

average lattice distance; rij/a is the relative jump distance between sites i and j; γ is the parameter 

related to the electronic coupling matrix between adjacent sites and 0 is the frequency pre-factor. 

The equation above predicts that only charge carriers move to sites higher in energy are 

thermally activated and affected by electric field. Downward jumps from high to low energy 

sites, however, are not affected by electric field and thus the charge carriers can execute a 

random walk and they tend to relax toward the equilibrium energy <ε∞> = -σ
2
/kT below the 

center of DOS as depicted in Figure 1.4.  
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Figure 1.4: Carrier energy relaxation in a Gaussian DOS  

 Since the activation energy is a function of 1/T, the logarithm of carrier mobility as 

described by the GDM linearly scales with 1/T
2
 as opposed to the typical Arrhenius dependent of 

mobility on temperature.  In the GDM, the temperature and electric field dependencies of 

mobility are described using the following equation: 

2 2 2 1/2

0

2
( , ) exp[ ( ) ]exp{C[( ) ]E }

3
T E

kT kT

 
     (1-2) 

 Here, σ is the width of the Gaussian DOS, Σ is a parameter that describes the positional 

disorder, E is the electric field and C is a fitting parameter. As mentioned above, the GDM 

predicts non-Arrhenius temperature dependence of carrier mobility which has been widely 

observed.
18,19

 Moreover, GDM predicts that the slope of the E-dependence of mobility plot may 
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turn negative is systems having high degree of positional disorder. In such systems, there is large 

fluctuation of the electronic coupling between the charge transport sites, creating fast and slow 

routes for charge carrier transport. At higher fields, detour routes around unfavorable transport 

sites are gradually diminished, resulting in negative electric field dependence of carrier mobility. 

1.4. CHARGE CARRIER MOBILITY MEASUREMENT TECHNIQUES 

1.4.1. Out-of-plane mobility measurement method 1: Time-of-flight 

Time-of-flight (or ToF) is a very well-developed and commonly used technique to 

characterize out-of-plane mobility (transport in the direction perpendicular to the electrode) of 

low conductivity organic semiconductors.
20,21,18

 A typical experimental set-up for ToF 

measurement is shown in Figure 1.5a.  

 

Figure 1.5: a) Experimental set-up of ToF measurement. b) Typical responded current in a ToF 

measurement plot in log-log scale. (reproduced with permission from ref
18

. Copyright © 2005 

American Physical Society).  
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 In a ToF measurement, a semiconductor film with thickness h is sandwiched between a 

semi-transparent electrode Al and ITO electrode. To measure hole mobility, a laser pulse with 

appropriate wavelength (typically the wavelength of the laser should match with the peak 

absorption of the semiconducting materials) is applied to the Al side of the device in order to 

generate a thin sheet free carriers. An external voltage pulse U is then applied across the device 

after some certain delay time in order to transport the photogenerated carriers from the Al 

electrode to the ITO electrode. The main idea of ToF is that the surface-generated carriers drift 

under a constant electric field, creating a current transient in the external circuit which is 

ultimately recorded by the oscilloscope. The polarity of the applied bias U can be controlled to 

selectively measure hole or electron mobilities. Such an example of recorded current transient is 

plotted in Figure 1.5b.  

 If there is no carrier trap so that transport is non-dispersive (the mobility of all carriers is 

the same), the current transient is ideal and there would be a clear turning point indicating the 

moment at which all carriers reach the opposite electrode. However, trapping is ubiquitous in 

organic semiconductors due to their highly disordered structure. Therefore in a real current 

transient as exemplified in Figure 1.5b, the current decreases slowly with time due largely to 

carrier trapping during the transport within the film; and the “kink” that marks the transit time ttr 

of the carriers from one electrode to the other electrode is typically not easy to detect unless 

plotting in log-log scale. From the transit time ttr, the bias U and the film thickness h, the carrier 

mobility μ can be calculated according to: 

2

tr

d

U t
 


  (1-3) 
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 In practice, photogenerated carriers have the space charge effect, disturbing the 

uniformity of the external electric field. Thus in practice the photogenerated carrier density and 

consequently the laser intensity should be as low as is consistent with the sensitivity of the 

oscilloscope. One simple but effective way is applying the laser pulses with both electrode 

grounded before turning on the voltage pulse.
22

 One drawback of ToF is that because the 

generated carrier layer upon laser excitation is ca.100 nm (as calculated from the absorption 

coefficient), the film thickness should be much larger than that in order to give a clear “kink” in 

the current transient data. Therefore ToF is usually applied to films with thickness larger than 1 

μm. 

1.4.2. Out-of-plane mobility measurement method 2: photo-induced charge carrier extraction by 

linearly increasing voltage (Photo-CELIV) 

 

Figure 1.6: a) Experimental set-up of photo-CELIV measurement. b) Typical responded current 

in a photo-CELIV measurement. (reproduced with permission from ref
23

. Copyright © 2007 

Wiley Periodicals, Inc., A Wiley Company). 

 The CELIV technique has been introduced by Juška et al. 
24

 to first measure carrier 

mobility in microcrystalline silicon and then the mobility in conjugated polymer systems as 
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well.
25

 As depicted in Figure 1.6a, the experimental set-up of CELIV measurement is similar to 

ToF measurement, except that a linearly increasing voltage (or triangle voltage) instead of a 

square-shaped voltage pulse is applied across the sample. The CELIV technique was developed 

to overcome the limitation of ToF, enabling the measurement of carrier mobility of films with 

thickness less than 1 μm. In case of samples with sufficiently high equilibrium carrier 

concentration, the use of the laser pulses is not needed. However, in systems with relatively low 

intrinsic carrier concentration, a variant of CELIV technique named photo-CELIV is frequently 

used.
26,27

 In photo-CELIV measurement, a laser pulse is incident to the sample in order to 

generate extra carriers before applying the triangle voltage pulse.  

Similar to ToF measurement, the response current in photo-CELIV measurement is 

recorded by the oscilloscope as illustrated in Figure 1.6b. The response current in photo-CELIV 

measurement has two component: the displacement current j(0) = εε0A/h originating from the 

capacitance response of the device and the drift current ∆j = j ─ j(0) originating from extraction 

of photo-generated charge carriers within the sample. Here, ε, ε0 and A are the relative 

permittivity, vacuum permittivity and the ramping rate of the triangle voltage. To calculate 

carrier mobility in photo-CELIV measurement, the light absorption profile in the sample needs to 

be accounted for.  In such case, the photogenerated carrier mobility may be calculated using the 

following equations:
27

 

2 2
2 2max

2 2

max max

2 2
( )

tr

td d
K

At t At
      (1-4) 

2 2
max(1 / ) 2 2

max(1 2 / ) 1trd t t

tre dt t
  

   (1-5) 

Here, K is a correction factor, ttr is the transit time, defined as the time that a charge takes 

to move through the entire film thickness beginning from the surface and α is the absorption 
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coefficient at the laser wavelength. The electric field determined from each CELIV measurement 

is calculated at time t = tmax, when the most of the carriers have been extracted and moving 

toward the counter electrode.  

1.4.3. In-plane mobility measurement using thin-film transistors 

 

Figure 1.7: Device geometry of a bottom gate, top contact TFT with surface treatment in (a) side 

view and (b) top view. The top view shows definitions of channel width W and length L. (c) and 

(d) show exemplary transistor out-put characteristics and transfer characteristics (Reproduced 

with permission from ref
8
. Copyright © 2004 American Chemical Society).  

In order to measure in-plane mobility, we use the thin-film transistors (TFTs) set-up as 

shown in Figure 1.7a and b. In TFT measurement charge carrier moves laterally (or in the in-

plane direction) as opposed to ToF or CELIV measurements in which carriers move in the out-

of-plane direction. Also, TFTs are 3 terminal devices that consist of gate, source and drain 
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electrodes. While there exist several common geometry types for TFTs including (i) bottom-gate 

bottom-contact, (ii) top-gate bottom-contact and (iii) bottom-gate top-contact, we choose to use 

bottom-gate top-contact configuration (Figure 1.7a and b) throughout this thesis due to the ease 

of fabrication without the use of lithography. In our work, the gate electrode is made of highly 

doped Si whereas the source and drain electrodes are made of gold to match with the common 

HOMO level of p-type conjugated polymers.
4,28

 Charge transport in TFTs is known to happen 

near the buried interface
29,30

 as opposed to bulk out-of-plane transport measured by ToF or 

CELIV. Therefore for our TFT devices, we treat the dielectric substrate SiO2 with self-

assemblied monolayers (SAMs) such as octadecyltrichlorosilane (OTS) or trichloro (1H, 1H, 2H, 

2H-perfluorooctyl) silane (FTS) in order to improve polymer order near the buried interface and 

thus enhance carrier mobility (Figure 1.7a).
31,32

   

All TFT devices presented in this thesis are p-type in which the majority of the transport 

carriers are positively charged. The semiconductor film and the gate electrode is capacitively 

coupled such as when a negative bias VG is applied to the gate electrode, a population of 

positively charged holes will accumulate at the buried interface. The carrier density is controlled 

by the magnitude of the gate voltage. When the gate voltage is high enough, mobile charges are 

induced, and the transistor is on if a drain voltage VD is applied between the source and drain 

electrode. TFT electrical properties are usually characterized two different ways: one is holding 

the gate voltage VG constant and sweeping the drain voltage VD (output characteristics, Figure 

1.7c) and one is holding VD constant and sweeping VG (transfer characteristics, Figure 1.7d). 

Charge carrier mobility is calculated from the transfer characteristics curves either in linear 

regime or saturation regime. When VG is small, the transistor operates in linear regime. The 

drain-source current ID in this case is dependent on the device geometry (W/L), the capacitance 
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of the insulating dielectric Ci, the gate voltage VG, the threshold voltage Vth, the drain voltage VD 

and the mobility µ: 

(V V ) VD i G th d

W
I C

L
   (1-6) 

When Vd is sufficiently high, the current is in the saturation regime and no longer 

dependent on the drain voltage. The carrier mobility in saturation regime can be calculated using 

the following equation:
8
 

 

2(V V )
2

D i G th

W
I C

L
   (1-7) 

1.5. STRUCTURAL CHARACTERIZATION TECHNIQUES 

This dissertation utilizes various techniques to characterize the morphology of conjugated 

polymer films. Here we will describe specifically the principles of the three most important 

techniques used to measure the polymer structures: variable angle spectroscopic ellipsometry 

(VASE), grazing incidence wide angle X-ray scattering (GIWAXS) and X-ray based complete 

pole figure construction. 

1.5.1. Variable angle spectroscopic ellipsometry (VASE) 

VASE is a versatile, non-destructive optical characterization method that can be used to 

characterize the optical constants and film thickness of supported thin films. Although the 

detailed descriptions of VASE have been discussed widely in literature,
33–36

 here we will briefly 

outlined its basic principles for the purpose of clarity of this dissertation. Then we will go further 

to discuss the more sophisticated VASE methods we use to measure the chain orientation in thin 

polymer film.  
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In any VASE measurement, the optical constants and film thickness are deduced from the 

changes in the polarization state of light upon interacting and reflecting from the investigated 

sample. When linearly polarized light is incident and reflected from a sample, it becomes 

elliptically polarized. VASE measures the shift in the polarization of light in term of the 

ellipsometric angles ψ and ∆. In the case of a homogeneous and isotropic material with a flat 

surface, the complex reflectance ratio ρ coincides with the ratio of the complex Fresnel reflection 

coefficients rp and rs as: 

tan
pi

s

r
e

r
     (1-8) 

 Although VASE does not require a reference and is an extremely precise technique, it is 

however an indirect measurement technique. The parameters of interest are the film thickness d 

and the optical constants, either complex refractive index ( ) n( ) ik( )n     or complex 

dielectrics function ( ) '( ) i "( )       . These parameters can be obtained by fitting the 

ellipsometric data to a forward simulation via transfer matrix algebra. As a typical drawback of 

forward simulation technique, the uniqueness of the fit cannot be proven. Second, one must be 

aware of the robustness of the analysis because the fitting parameters are usually very highly 

correlated.
33

 Realizing the unique solution set is specifically problematic in the case of highly 

anisotropic samples such as spin-cast conjugated polymer films, uniaxial or biaxial crystalline 

materials due to the large number of unknown fit parameters.  
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Figure 1.8: Schematic of a VASE measurement utilizing both interference enhancement and 

multi-sample analysis methods.  

 Therefore, in order to increase the uniqueness of the fit, we use a combination of 

interference enhancement and multi-sample analysis as shown in Figure 1.8. In interference 

enhancement method, a thick transparent layer (usually 300-1000 nm in thickness) is sandwiched 

between the substrate and the absorbing polymer film. Since the thick transparent layer 

underneath the absorbing layer enhances the change in path length of light, data at multiple 

angles will provide additional information.
37

 Here we use SiO2 as the dielectric transparent layer 

and Si as the substrate. In multi-sample analysis method, by measuring multiple samples but 

fitting the data simultaneously, more information about the same sample can be achieved without 

increasing the number of fitting parameters. Thus by depositing the polymer layer under the 

same fabrication conditions on Si/SiO2 substrates with different thicknesses of SiO2 layer and 

fitting the data simultaneously, accurate information about the anisotropic optical constants of 

the sample can be achieved.
38,39

   

1.5.2. Grazing incidence wide-angle X-ray scattering (GIWAXS) 

Synchrotron X-ray diffraction is a powerful, non-destructive technique to probe the 

structure of thin conjugated polymer films. Although some lab-scale X-ray measurement can be 
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done for strong scattering films,
40

 the majority of X-ray diffraction measurement of organic 

semiconductor thin films is performed at a synchrotron due to the strong intensity and high 

collimation of the synchrotron X-ray source. Moreover, by appropriately selecting experiment 

conditions, synchrotron radiation allows characterization of a vast range of size scales ranging 

from local molecular packing scale (1 Å−10 nm) to phase segregation, domains and device scale 

(10 nm−100 μm).
41

 

 

Figure 1.9: Schematic representation of a grazing incidence wide angle X-ray scattering 

measurement. 

Perhaps one the most commonly used techniques to measure structure of conjugated 

polymers and other organic semiconductor thin films is grazing incidence wide angle X-ray 

scattering (GIWAXS). Similar to many other X-ray diffraction techniques, GIWAXS principles 

are based on the coherent scattering of radiation beams reflected off from ordered lattice planes. 

The schematic of GIWAXS measurement is shown in Figure 1.9. In a GIWAXS measurement, 

the X-ray beams is incident at a shallow angle α that is below the critical angle of the substrate 
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but above that of the films in order to probe the structure of the whole samples. The shallow 

angle used in GIWAXS also permits large sample volume probed by the X-ray radiations and 

thus improves signal to noise ratio. As the X-ray beams propagate through the, a fraction of it 

will be diffracted. Constructive interference of the diffracted beams results in observable 

diffraction peaks on the 2D detector. The use of an area 2D detector allows rapid data collection 

over a relatively large scale of scattering angle. Therefore in GIWAXS measurement the sample 

exposing time is reduced and the sample beam damage is minimized.
42

 For a given scattering 

angle 2θ, the Bragg condition satisfies if the magnitude of the scattering vector q equals the 

reciprocal lattice vector qB as: 

4
sinB Bq q





   (1-9) 

 From the angle of the diffraction spots and direction of the diffracted beams, the plane 

spacing and orientation within the samples can be measured. GIWAXS measurement can 

provide information about crystallite size, crystallite orientation, disorder, relative degree of 

crystallinity and molecular packing within the unit cells.
41,43–45

 

1.5.3. X-Ray based complete pole figure construction 

A pole figure is a plot of the diffraction intensity of a particular reciprocal lattice plane 

hkl as a function of the polar angle χ between the substrate normal and the qhkl vector. Pole figure 

thus can provide information about orientation distribution and the relative degree of crystallinity 

of the sample. Traditionally, the pole figure of bulk samples is constructed in either reflection or 

transmission modes using a point detector.
46–48

 However, collection of data using a point detector 

is time consuming which could result in beam damage to the sample, particularly to thin films. 

Thus in this dissertation, we construct pole figures by taking advantage of the 2D detector in 
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order to facilitate more rapid collection of intensity across a large section of reciprocal space.
49,50

 

To preface our discussion, it is important to note the limitation of GIWAXS measurement. The 

GIWAXS 2D diffraction patterns although offer helpful information for qualitative 

characterization of the sample structure, it is geometrically distorted and does not reflect the true 

reciprocal space maps of the samples. In order to understand the distortion in GIWAXS 

diffraction patterns, it is useful to illustrate the sphere of crystallite orientation (orientation 

sphere) in reciprocal space and the Ewald sphere.  

 

Figure 1.10: Illustrations of (a) GIWAXS geometry and (b) local specular geometry together 

with the construction of Ewald sphere and orientation sphere in each measurement. 

 Here, we define the orientation sphere of a reflection of interest as the sphere having the 

radius qB and center being placed on the surface of the Ewald sphere at the head of the incoming 
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vector 
ik . Bragg law can be satisfied if the difference between the diffracted vector 

dk  and the 

incoming wave vector 
ik equal to the qB vector of the reflection of interest as: 

4
sind i B Bq k k q





     (1-10) 

In other words, the intersection between Ewald sphere and orientation sphere will result 

in all observable peaks in the 2D detector. As illustrated in Figure 1.10a, in GIWAXS geometry 

the X-ray beams are incident at very shallow angle (α almost close to zero), thus crystallites 

having polar angle χ smaller than the critical angle θB are not detectable because the Ewald 

sphere and orientation sphere does not intersect in this regime. In order to reveal crystallites with 

χ < θB, a local specular measurement is needed, as depicted in Figure 1.10b.
49

 In local specular 

geometry, the sample is tilted at the critical angle α = θB. In this case, because the pole of the 

orientation sphere intersects with the Ewald sphere, crystallite having χ < θB can be resolved. The 

accessible range of χ in local specular measurement is from 0 to 20°. Thus by combining partial 

pole figures extracted from local specular and GIWAXS measurements, the complete pole figure 

having the accessible range of χ from 0° to 90° can be constructed. An example of complete pole 

figure construction of (100) reflection in P3HT is shown in Figure 1.11.  
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Figure 1.11: Examples of (a) GIWAXS diffraction pattern, (b) local specular diffraction pattern 

and (c) complete pole figure of (100) reflection constructed by combining data from local 

specular and GIWAXS measurements.
 

1.6. DISSERTATION OUTLINE 

It is well accepted that the polymer’s chemical structures, fabricating, processing 

conditions greatly affect the film morphology and consequently the film morphology strongly 

affect charge transport properties. The aim of this dissertation is to better understand the role of 

substrates, interfaces, fabricating and processing conditions on carrier transport over different 

length scales in order to guild improved design principles and processing conditions of materials 

for high performance organic semiconductor devices. 

Chapter one provides a general introduction to organic semiconductors, transport 

mechanisms in conjugated polymer films, detailed of important experimental techniques and an 

outline of the dissertation. In chapter two, we investigate the role of substrate on the domain 

orientation and out-of-plane transport in a low-bandgap conjugated polymer. We discover that 

the charge carrier mobilities were not intrinsic properties of the material, but are dictated by the 

local morphology; they could vary by up to an order of magnitude, based on the proximity of the 

carrier to the substrate. The findings demonstrated the profound impact of the substrate on the 

morphology and of the morphology on the charge carrier mobility. Chapter three introduces a 
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novel processing procedure for conjugated polymer films using supercritical carbon dioxide. We 

will show how to use supercritical carbon dioxide processing to selectively manipulate the 

polymer structure near polymer/substrate interface. Subsequently, we observe a significant 

enhancement in the in-plane carrier mobility that is accompanied by rather a subtle change in 

polymer morphology. In chapter four, we will discuss the structure and carrier transport 

characteristics of conjugated polymer films fabricated using a novel vacuum deposition 

technique known as Matrix-Assisted Pulse Laser Evaporation (MAPLE). We discover that 

MAPLE-deposited films possess a higher degree of disorder and more random orientations of 

polymer crystallites compared to theirs spin-cast counterparts. Surprisingly, the seemingly 

unfavorable morphologies MAPLE samples are not detrimental to in-plane transport: MAPLE 

samples exhibit superior transport characteristics compared to spin-cast samples. In chapter five, 

we investigate in more detail the crystallization mechanism in MAPLE using an advanced X-Ray 

characterization method. We discover that despite the highly disordered morphology, in 

MAPLE-deposited samples there exists a large population of highly-oriented crystals at the 

polymer/substrate interface and that polymer layer dictates transport in MAPLE-deposited thin-

film transistors. Chapter six provides conclusion and an outlined description of several on-going 

projects. 
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Chapter 2 :NANOSCALE ORIENTATION EFFECTS ON 

CARRIER TRANSPORT IN A LOW-BAND-GAP 

POLYMER 

Reprinted with permission from: 

Dong, B. X.; Huang, B.; Tan, A.; Green, P. F. Nanoscale Orientation Effects on Carrier 

Transport in a Low-Band- Gap Polymer. J. Phys. Chem. C 2014, 118 (31), 17490−17498. 

Copyright © 2014 The American Chemical Society. 

2.1. INTRODUCTION 

 Conjugated polymers (CPs) are semicrystalline, possessing amorphous regions and 

crystalline regions of varying orientations and volume fractions, so they are capable of exhibiting 

a range of morphologies that influence carrier transport.
1,2

 A primary advantage of 

semiconducting polymers over their inorganic counterparts is that cost-effective and low-

temperature processing strategies, such as spin-coating, drop casting, inkjet printing, and roll-to-

roll manufacturing, may be used to prepare them for diverse applications that include 

xerography,
3
 lighting and display applications

4–6
 and solar energy applications.

7,8
   

 A fundamental understanding of the connection between carrier transport processes and 

morphology of semiconducting polymers is important to achieve effective control of quantum 

efficiencies in organic light emitting diodes (OLEDs),
9
 switching speeds in organic field effect 

transistors (OFETs)
10

 and carrier collection efficiencies in organic photovoltaics (OPVs).
11

  

Among the strategies used to measure carrier mobilities of CPs, FET configurations have been 

most widely used. FET configurations enable measurements of in-plane hole and electron 
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mobilities (i.e. transport direction parallel to the substrate) in organic semiconductors.
10

 However 

knowledge of the out-of-plane mobilities (i.e. transport direction normal to the substrate) is 

important for devices such as OPVs where charge transport and extraction occur normal to the 

electrodes. The time-of-flight (TOF) technique is most commonly used to measure out-of-plane 

mobilities in organic semiconductor-based devices.
12

 However, this technique is not well suited 

for analyzing carrier transport in films in the thickness range from nanometers to hundreds of 

nanometers, typically employed for devices. The space-charge-limited-current (SCLC) method 

has been widely used
13

 to measure carrier transport in films in the thickness range not well suited 

for TOF measurements. However, the values of the carrier mobilities extracted from this 

measurement often differ significantly with those determined using TOF for films in appropriate 

thickness ranges, for reasons that include the nature of the contact at the electrode/organic 

interface, asymmetric contacts and doping.
14–16

 Recently, the charge extraction by linearly 

increasing voltage (CELIV)
17

 technique and its derivatives—the photo-CELIV
18

 and metal-

insulator-semiconductor (MIS)-CELIV
19

 techniques—were introduced to measure the out-of-

plane mobilities of CP-based devices of a range of thicknesses. The CELIV measurements 

provide values that are the same as those obtained using TOF measurements of films of 

appropriate thicknesses. 

 Carrier mobilities in CPs are necessarily highly anisotropic, occurring at different rates, 

depending on the path taken by the carriers.
20

 Distortions along the backbone of a chain have the 

effect of reducing intrachain carrier mobilities. With regard to regioregular poly(3-

hexylthiophene) (P3HT), the chain segments are packed in so-called “face-on” (π-π stacking 

direction) and “edge-on” packing configurations.
21

 Intrachain carrier transport along the 

backbone segment of a chain, free of local distortions, is faster than interchain hopping transport 
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along the “face-on” packing direction; carrier hopping in the transverse “edge-on” direction is 

slowest of the three directions. The role of an underlying substrate on the structure has been 

shown to be responsible for a strong thickness dependence of the hole mobilities in P3HT;
22

 near 

the substrate the molecules are organized in predominantly “edge-on” configurations, whereas at 

distances away from the substrate the fraction of “edge-on” configurations increase and 

eventually the structure becomes macroscopically anisotropic at further distances. Generally, in 

addition to the packing efficiencies of these lamellar aggregates, their relative orientations,
23

 

interconnectivities
24

 and the effective conjugation lengths of polymer chains
12

 have a profound 

impact on carrier mobilities. Understanding the connection between morphology and carrier 

transport is crucial for designing and optimizing the performance of CP-based devices.  

 In this study, we investigate charge carrier transport properties of the polymer poly[4,8-

bis-((2-ethylhexyl)-oxy)-benzo[1,2-b:4,5-b’]dithiophene-2,6-diyl-alt-4-(2-ethylhexan-1-one) 

thieno[3,4-b]thiophene-2,6-diyl] (PBDTTT-C).
25

 With thieno[3,4-b]-thiophene and 

benzodithiophene alternating units, PBDTTT-C belongs to a new class of semiconducting 

polymers that exhibit solar power conversion efficiencies (PCEs) greater than 7%.
26,27

 Although 

significant work has been performed to understand transport mechanisms in P3HT, to our best 

knowledge, no detailed study of carrier transport has been reported about this emerging class of 

polymers. 

 We show that due to a substrate-induced orientation of the local morphology in 

PBDTTT-C, the out-of-plane hole mobility, µ, exhibits a strong film-thickness dependence, 

increasing with increasing film thickness, h.  Specifically, the hole mobility increased by 

approximately a factor of 4, within the thickness ranging from 60 to 100 nm; beyond this 

thickness range it remained unchanged. The temperature and electric field dependencies of µ, 
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measured using photoinduced charge extraction by linearly increasing voltage (photo-CELIV) 

and time of flight (TOF) techniques, are in agreement with predictions by the well-known 

Gaussian disorder model (GDM) developed to describe charge transport via a hopping 

mechanism in an energetically and structurally disordered medium. A negative dependence of µ 

on the electric field, exhibited by this polymer suggests the presence of large positional disorder, 

as described within the framework of the GDM. Using the combination of structural 

characterization techniques, we report a strong correlation between the thickness dependence of 

the PBDTTT-C hole mobilities and changes in the optical anisotropy of the films, quantified by 

the average angle of orientation θ of the planar polymer segments in relation to the underlying 

substrate.  Specifically, at distances further removed from the substrate the average angle 

increased and then became constant; so the structure is macroscopically isotropic, characterized 

by random domain orientations, at distances sufficiently far from the substrate.  In such a 

thickness regime, the carrier mobility was independent of film thickness.  The thickness 

dependence of the mobility is consistent with the notion that inter and intrachain carrier 

mobilities are different, and therefore sensitive to microstructural features, in these conjugated 

polymer systems. It should, moreover, be clear that the substrate-induced effects on the local 

structure are responsible for the thickness dependence of the mobility. 

2.2. EXPERIMENTAL 

2.2.1. Materials 

 PBDTTT-C (Mw = 30 000 g.mol
-1

, PDI = 1.8),
25

 with chemical structure shown in Figure 

2.1a, was purchased from Solarmer Energy Inc. P3HT (~95% regioregularity, Mw = 50 000 

g.mol
-1

) was purchased from Rieke Metals Inc. PEDOT–PSS (Clevios PH 500) was purchased 

from H.C. Starck Inc. All materials were used as received.  
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2.2.2 Sample Preparations 

 The substrates, glass, ITO-coated glass and silicon with various oxide layer thicknesses, 

were cleaned by ultrasonication in acetone and 2-propanol for 15 min, followed by UV-ozone 

cleaning for 10 min. Filtered PEDOT–PSS solutions were spin-coated onto the substrates and 

baked at 130°C for 20 min; the coated substrates were then transferred into a nitrogen 

atmosphere glovebox for next coating steps. Solutions of PBDTTT-C and P3HT were prepared 

by dissolving these polymers in chlorobenzene and shaken overnight; the solutions were then 

spin-coated onto the PEDOT:PSS substrates. The mobility measurements were performed on 

polymer films prepared via spin-coating on ITO-coated glass substrates. The ellipsometric 

measurements were performed on films supported by Si substrates possessing different thermal 

oxide layer thicknesses. The UV-vis measurements were performed on polymer films prepared 

on glass substrates. 

 The supported P3HT films were annealed at 150°C for 15 min. The PBDTTT-C samples, 

on the other hand, were analyzed as-cast, because this material performs optimally in OPV 

applications in its as-cast state.
25,28

 We found that nevertheless the PBDTTT-C samples annealed 

at 150°C for 15 min exhibited the same properties as as-cast samples. Prior to the CELIV and 

TOF measurements, a semitransparent 15 nm of Al was vapor-deposited on top of the polymer 

layers. The samples were stored in the glovebox until the measurements were performed; 

exposure to the outside environment was minimized during transfer.  

2.2.3. Hole Mobility Measurements 

 A BK Precision 4075 function generator was used to generate the triangle voltage for the 

CELIV measurements. A Keithley Source Meter 4ZA4 was used to generate the constant voltage 

for the TOF measurements. In both photo-CELIV and TOF experiments, light pulses of a 660 
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nm dye laser were applied to the Al side of the device to generate charge carriers in PBDTTT-C 

films. The dye laser was made from [2-[2-[4-(dimethylamino) phenyl]ethenyl]-6-methyl-4H-

pyran-4-ylidene] propanedinitrile (DCM) (Exciton Inc.) dissolved in dimethyl sulfoxide; the dye 

cuvette was pumped by the second harmonic (532 nm, 4 ns) of a Nd:YAG pulsed laser (Quantel 

Inc.). The intensity of each laser pulse was varied from 10 to 100 µJ using a set of neutral energy 

filters (Thorlab Inc.) to generate reasonable transient curves for mobility calculation. For photo-

CELIV, we applied a small negative voltage (~0.5 V) to compensate the built-in potential caused 

by the difference between Al and ITO’s work functions and to ensure that the carriers would not 

be extracted by the built-in potential prior to the ramping voltage.
29

 The photogenerated current 

transients were then amplified using a FEMTO amplifier and recorded by a Tektronix digital 

oscilloscope. All of the mobility measurements were conducted in a vacuum cryostat (Janis Inc.) 

at specific temperatures controlled by a Temperature Monitor (LakeShore Cryotronics). Details 

of mobility calculations are discussed further in the Results and Discussion.  

2.2.4. Morphology Characterizations 

 The optical anisotropy of PBDTTT-C was measured using variable angle spectroscopic 

ellipsometry (VASE) (J.A. Woollam Co., M-2000). Measurements were performed on three 

identical films spin-coated on Si substrates; each Si substrate possessed a different thermally 

grown oxide layer of thicknesses (Encompass Distribution Services LLC.):  100, 500 and 1000 

nm. The thermally grown SiO2 layers were used for interference enhancement to increase the 

out-of-plane signal.
30

 The sample structure we employed was Si/SiO2/PEDOT/PBDTTT-C. 

VASE measurements were performed in the reflection mode at 5 angles: 55°, 60°, 65°, 70°, and 

75°. A multisample analysis of three samples was used to increase the uniqueness of the results 

because of the strong correlations between the fitting parameters.
31

 All the data analyses were 
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performed using the CompleteEASE software, provided by J. A. Woollam Co. Samples of 

PEDOT, before the PBDTTT-C layer was spin-coated onto each of them, were first measured to 

correctly determine the optical constants of PEDOT. The anisotropic model provided most 

reasonable description of the PEDOT’s optical constants; our results were similar to those 

published in the literature.
32

 The optical constants obtained for PBDTTT-C in the 

Si/SiO2/PEDOT/PBDTTT-C configuration determined by fitting three samples simultaneously 

while fixing PEDOT’s optical constants and thicknesses found in the previous step. The real and 

imaginary permittivities of the Si and the thermal oxide were taken from CompleteEASE 

software’s library database.  

2.3. RESULTS AND DISCUSSION 

2.3.1. Electric Field and Temperature Dependence of Out-of-Plane Hole Mobilities 

 The currents in an h = 110 nm thick PBDTTT-C film, measured at different ramping rates, 

in a photo-CELIV experiment are plotted in Figure 2.1b and c as a function of time. There are 

two major contributions to the current: the displacement current j(0) = εε0A/h (A is the voltage 

ramping rate), due to the geometric capacitance of the sample, and the drift current ∆j = j – j(0) 

resulting from the extraction and flow of charge carriers within the film. We note that no drift 

current is detected in the dark-CELIV current data, which is indicative of very low equilibrium 

carrier densities in PBDTTT-C at room temperature. Reasonable drift currents were measured 

only after illuminating the sample with a laser pulse just prior to ramping the voltage. For a 

typical CELIV experiment the hole mobility µ is calculated using the drift current ∆j, the time 

tmax at which the current reaches a maximum value, and the voltage ramping rate A using the 

following equation:
33
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 (2-1) 

  

 The parameter tmax is determined from the current versus time data in Figure 2.1b by 

fitting a polynomial curve, as shown, and identifying the maximum of the curve; time t=0 

corresponds to the initiation of the voltage ramp.  j(0) is identified in the figure by the horizontal 

line using linear fitting. However, in order to calculate the hole mobility from photo-CELIV data, 

eq 2-1 cannot be used because it is valid only for equilibrium carriers. More recently, Juska et 

al.
34

 performed an analysis that accounted for the light absorption profile in order to 

appropriately interpret the current transients in photo-CELIV measurements. 
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Figure 2.1(a) Chemical structure of PBDTTT-C. (b) Typical photo-CELIV curve of a PBDTTT-

C film of thickness h=110 nm, obtained under conditions of a ramp height of 4 V and pulse 

width 30 µs is shown here.  The curve drawn through the data in the range of time between 0 and 

8 µs is a polynomial fit to the data. (c ) Photo-CELIV curves for different ramping rates, for the 

same film; The ramp height was 4 V in each case. (d) Raw TOF curves for a h ~ 1 μm thick 

PBDTTT-C film for different values of the applied bias. 

 Their analysis suggests that the photogenerated carrier mobility may be calculated using 

the following equations: 
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 In eq 2.2, K is a correction factor and in eq 2.3, ttr is the transit time, defined as the time 

that a charge takes to move through the entire film thickness beginning from the surface. In eq 

2.3, α is the absorption coefficient at the laser wavelength. For PBDTTT-C, the absorption 

coefficient at the laser’s wavelength (660 nm) is calculated to be 7.7 x 10
-3 

nm
-1

 using our data 

from UV-vis absorption spectroscopy. The electric field determined from each CELIV 

measurement is calculated at time t = tmax, when the most of the carriers have been extracted and 

moving toward the counter electrode. We also determined the electric field dependence of the 

mobility from these measurements from ramping rate A and tmax, using the following equation: E 

= Atmax/h.  

 Measurements of the carrier mobilities were also performed in films of thicknesses 

approximately one micron. These measurements were performed to confirm that, throughout 

appropriate thicknesses ranges, both the well-established TOF technique and the photo-CELIV 

technique would provide the same results.  To this end, the TOF transients of a PBDTTT-C film 

of thickness 1 µm, determined at different applied biases, are plotted in Figure 2.1c. While the 

hole mobilities were measured, the laser was first pulsed to illuminate the Al side of the sample 

to generate a layer of charge pairs near the surface. A reverse bias U (negative side on ITO) is 

applied across the device to pull holes from Al toward the ITO electrode, thereby generating an 

induced photocurrent. Our data are consistent with dispersive transport, as normally exhibited by 

semiconducting polymers. The charge transit time ttr was taken from the point of intersection of 

the asymptotes of the two linear regimes in the log–log plots of photocurrent versus time. The 

TOF mobility was then calculated. µ = h
2
/(V×ttr), for different applied biases.  

 The electric field dependencies of PBDTTT-C’s hole mobilities, measured by both photo-

CELIV and TOF at room temperature, are plotted in Figure 2.2. As a comparison, the measured 
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electric field dependence of the P3HT hole mobility in a film of comparable thickness, is also 

plotted in this figure. Note here that the P3HT hole mobilities were measured using CELIV, not 

photo-CELIV, because the equilibrium carrier densities at room temperature in P3HT are 

sufficient to generate a measurable signal. Our data are similar to data reported by other 

groups.
33

 The electric field dependence of hole mobilities, plotted in Poole–Frenkel format, is in 

good agreement with the Poole–Frenkel relationship µ = µE=0exp(βE
1/2

), as indicated by the 

dashed lines in the graph.  

 

Figure 2.2: Hole mobilities in PBDTTT-C and P3HT films are plotted as a function of electric-

field.  The data are plotted on a semilog scale to illustrate the agreement with the Poole–Frenkel 

relations (dash lines).  

 

 The out-of-plane hole mobility of PBDTTT-C of thickness h = 110 nm (zero field 

mobility μE=0 = 4.7×10
–4 

cm
2
V

–1
s

–1 
and slope β = –0.0033 cm

1/2
V

–1/2
) happens to be comparable 

to that of P3HT (zero field mobility μE=0 = 5.9×10
-4 

cm
2
V

-1
s

-1
 and slope β = –0.004 cm

1/2
V

–1/2
) of 

comparable thickness; generally for thicker films the mobilities in P3HT are higher.
22

 It is 
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noteworthy that at this temperature, the out-of-plane hole mobilities exhibit a negative 

dependence on the field.   

 To further understand the carrier transport process in PBDTTT-C, we investigated the 

electric field dependencies of out-of-plane hole mobilities at different temperatures.  The results 

are shown in Figure 2.3a, where it is evident that negative field dependent mobilities are 

observed only for higher temperatures.  

 

Figure 2.3: a) Electric field dependencies of the out-of-plane hole mobilities plotted for a 

PBDTTT-C film of thickness h = 110 nm.  b) Temperature dependence of the mobilities under 

conditions of field E = 0, log μ(E=0) , plotted as a function of 1/T
2 

 

 These data in Figure 2.3 may be better understood by considering the Gaussian disorder 

model (GDM), developed by Bassler,
35

 to describe charge transport in a disordered medium. The 

presence of structural disorder would be responsible for energetic disorder in polymers and 

therefore suggests that the GDM would provide a reasonable description of carrier transport in 

polymers, as discussed further below. In the GDM the charges move via a hopping mechanism in 
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an environment characterized by (1) positional disorder and (2) energetic disorder. Static 

disorder is associated with variations in interatomic distances and orientations; energetic disorder 

is generally associated with electrostatic coupling between the moving carriers in an environment 

of local fluctuating polarization. The GDM proposes an empirical equation that describes the 

temperature and electric field dependencies of carrier mobilities: 

 (2-4)  

 In this equation, σ is the width of the density of states, which is assumed to be Gaussian, 

and characterizes the energetic disorder. Σ is a parameter that describes the positional disorder 

and C is a fitting parameter. The electric field dependencies of hole mobilities of PBDTTT-C’s at 

various temperatures is well described by the Poole–Frenkel equation:  

(see Figure 2.3). First, the log of the temperature dependence of zero field mobilities scales as 

1/T
2
 (Figure 2.3b), which is consistent with a carrier hopping mechanism.  Second, the parameter 

β decreases with increasing temperature and becomes negative at temperature above 160 K, in a 

manner consistent with predictions of the GDM. In light of these observations we reasonably 

assume that the GDM provides a very good description of our data. 

 The relative effects of positional and energetic disorder on carrier dynamics determine 

whether the field dependence of the mobility is positive or negative.  If the influence of 

positional disorder is sufficiently weak, so that energetic disorder dominates, then a positive field 

dependence of mobility is observed. Such is the case for some polymers that include 

regiorandom P3HT,
18

 poly(1,4-phenylene-1,2-diphenoxyphenylvinylene) (PPV) derivatives
36

 

and   fluorene-based CPs.
37
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 A negative field dependence of the mobility is observed when the effects of positional 

disorder dominate the effects of energetic disorder. When positional disorder dominates, it 

becomes more favorable for a carrier to follow a longer path along which transitions from one 

site to another are energetically more favorable than the shorter path in the direction of the field. 

Therefore, only under conditions of a sufficiently high electric field that the directionality 

induced by the electric field forces carriers to travel through energetically unfavorable sites, 

resulting in otherwise lower mobility. The negative field dependence effect has been observed in 

semicrystalline polymers such as regioregular poly(alkylthiophenes)
38,39

 or in films of crystalline 

molecules embedded in an amorphous matrix.
40,41

 

2.3.2. Thickness Dependence of Out-of-Plane Hole Mobility 

 The out-of-plane hole mobility-electric field dependencies of PBDTTT-C films with 

different thicknesses are plotted in Figure 2.4. Apart from good agreement with the Poole–

Frenkel prediction, the negative dependence of mobilities on electric field is exhibited by all 

films. 
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Figure 2.4: Room temperature hole mobilities for PBDTTT-C are plotted here for different 

thicknesses. The hole mobility for each thickness was extracted at field E=0, using the Poole–

Frenkel relationship (dashed lines).  

 To gain further insight into the thickness dependence of , we fit the mobility using the 

Poole-Frenkel equation  and extracted the hole mobility under conditions 

where the field E=0. The zero-field mobilities at different thicknesses are plotted in Figure 2.5a. 

Interestingly, the hole mobility increases by approximately a factor of 4 throughout the thickness 

range from 60 to 100 nm and remains constant for thicker films. The mobilities for films of 

thickness h > 100 nm are in very good agreement with TOF results, represented by the blue 

squares. Moreover, with increasing thickness, the hole mobility of PBDTTT-C is found to 

depend less on the electric field (i.e., the Poole-Frenkel coefficient β becomes “less negative”) as 

thickness increases to 350 nm and remains unchanged for thicker films (Figure 2.5b). To 

reconcile the thickness dependence of the transport properties in terms of polymer structure, we 

employ spectroscopic ellipsometry and UV–vis absorption spectroscopy to obtain more insight 

into the morphology of the films.  

1/2

0log log E E   
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Figure 2.5: (a) PBDTTT-C hole mobilities extracted at field E=0 plotted for different thicknesses. 

(b) Poole–Frenkel coefficient (or the slopes of the mobility-electric field line) also plotted as a 

function of thicknesses. Mobilities are measured from photo-CELIV (red circle) and TOF (blue 

square) techniques. 

 Spectroscopic ellipsometry has recently emerged as a reliable method to characterize 

molecular order in CP thin films due to the high sensitivity and noninvasive nature of the 

technique.
42,43

 By accurate analysis of experimental data from VASE, a rich amount of 

information such as polymer chain orientation,
44,45

 optical anisotropy
46,47

 and depth profile of 
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composite films
48

 can be revealed. In a typical VASE measurement, the ellipsometer measures 

the changes in the polarization state of light after reflection from a surface at different angles and 

for different wavelengths. These changes in polarization state are recorded and are characterized 

by two ellipsometric angles Δ and Ψ. The thickness and complex permittivity of the polymer 

film are then obtained by fitting Δ and Ψ with an appropriate model. For all of PBDTTT-C films 

studied, fits using the anisotropic model always yield results with much lower mean square 

errors (MSEs) than the isotropic model.  This is indicative of a high degree of anisotropy in 

PBDTTT-C films, similar to data reported from other solution-processed CPs.
31,44,49

 

 The imaginary parts of complex permittivities ε″ measured at different thicknesses are 

plotted in Figure 2.6.  

 

Figure 2.6: In-plane and out-of-plane imaginary permittivities ε″ of PBDTTT-C films with 

different thicknesses. For comparison the in-plane components are normalized to illustrate how 

the out-of-plane components change with thickness.  

 All thicknesses show weak out-of-plane, compared to in-plane, imaginary permittivities, 

suggesting that the conjugated backbones have an average preferential orientation parallel to the 
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substrate. The polymer backbone orientation with respect to the substrate can be quantified using 

the dichroic ratio 
in-plane out-of-plane" / "R   at the position corresponding to the π–π* transition 

dipole moment, since this transition dipole moment lies along the polymer chain backbone axis. 

The average angle of orientation θ, representing the average tilt of the polymer long chain axis 

with respect to the underlying substrate, is then obtained using McBranch
45

 and Gurau
44

 et al.’s 

approach : 

 (2-5)  

 Computational calculations of this class of polymers indicate that the location of the π–π* 

transition dipole moment is represented by the furthest red peak in the visible absorption 

spectrum.
491

 Therefore the PBDTTT-C’s backbone orientation is obtained by using the dichroic 

ratio calculated at the ~680 nm peak. Figure 2.7a shows the results of a calculation of the average 

angle of orientation between PBDTTT-C backbones and the substrate for different film 

thicknesses.  

          

Figure 2.7: (a) Average orientation angle θ with respect to the substrate extracted from eq 5 

plotted as a function of thickness and (b) illustration of polymer chains orientation throughout 

the film. The red rectangles contain polymer chains that orient more parallel to the substrate. The 

blue rectangles contain chains that have more random orientation. Near the PEDOT:PSS 

2
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substrate (i.e., region 1), most of the polymer chains orient parallel to the substrate. Further away 

from the substrate (i.e., region 2), the polymer chains orient more randomly.  

  The smallest angles are observed in the thinnest films, suggesting the highest degree of 

anisotropy (i.e., the predominant parallel orientation of the polymer chains with respect to the 

substrate), and the influence of the substrate on the average organization of the morphology. As 

the film thickness increases, the effect of this substrate-induced orientation diminishes and the 

average orientation of regions far away from the interface dominates the average orientation 

calculated from VASE. The increase of θ in thicker films thus reveals the tendency of polymer 

chains to arrange more randomly at distances further away from the substrate. These changes in 

polymer chain orientations throughout the film thickness are illustrated in Figure 2.7b. As the 

film thickness further increases above 110 nm,  reaches a constant value of approximately 18°. 

We note, however, that this plateau is still below the level of a completely isotropic state. If 

polymer chains were oriented randomly within the film, we would have observed a value of θ to 

be close to the isotropic angle θ = 35.3° (at R = 1 and <sin
2
 θ > = 1/3). This suggests the 

preference of the polymer chains to lie parallel to the substrate plane, even in the thick films. 

Another noticeable feature is that the shapes of in-plane and out-of-plane ε″ are similar for all 

films, though different in magnitude, indicating that the transitions observed in the in-plane and 

out-of-plane directions stem from the same microstructural origins.  

 The change in average orientation of the morphology with increasing film thickness is 

further explored using UV–vis absorption spectroscopy. Figure 2.8 shows the absorption spectra 

of films with different thicknesses, together with the absorption spectrum of PBDTTT-C in 

chlorobenzene (dashed line). 
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Figure 2.8: UV–vis absorption spectra of films with different thicknesses are shown here. The 

absorption peaks blue shifts with increasing thickness and remains unchanged at thicknesses 

above 300 nm 

 Upon increasing the film thickness from 30 to 300 nm, the absorption positions of the 

~620 nm peak and the ~680 nm peak exhibit blue–shifts. Moreover, the relative intensity of the 

~620 nm peak also increases with thickness. These changes are denoted by the arrows in Figure 

2.8. For films of thickness h > 300 nm, the thickness dependence of the absorption spectrum 

disappears and the absorption shape remains unchanged for thicker films. The blue shift of 

absorption peaks as the thickness increases to 300 nm suggests more twisting and bending along 

the backbone; this naturally leads to a shorter conjugation length.  

 Both VASE and UV–vis absorption spectroscopies manifest discernible changes in the 

morphology of PBDTTT-C with increasing thickness. Interestingly, the increase of the average 

backbone orientation angle θ and out-of-plane hole mobility as functions of thickness are found 

to follow almost identical trends: both θ and the hole mobility increase until ~100 nm and remain 

constant beyond this threshold thickness. It is important to note that despite the decrease in 
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effective conjugation length, the out-of-plane hole mobility is still observed to increase with film 

thickness. 

 In conjugated polymers, a carrier would travel along a polymer chain backbone with 

higher probability than hopping via an interchain mechanism (e.g, π–π stacking direction in 

P3HT), as long as the chain is not locally twisted or distorted, leading to a localization of the 

carrier wave functions. The carrier is more likely to travel via an interchain mechanism (e.g., π–π 

stacking direction in P3HT) when the local distortion is such that the carrier localization time is 

sufficiently long that it becomes more favorable for inter-chain transport in the π-π stacking 

direction.
50,51

  So in systems where the conjugation length is short, then the probability of carrier 

transport via an inter-chain mechanism increases. Therefore, typically, shorter conjugation 

lengths would be responsible for a reduction of the average distance a carrier travels along a 

single polymer chain without the wave function becoming localized due to a structural defect 

(distortion). This would lead to a reduction of the mobility.  

 However, recall that the chains are organized in crystalline domains and amorphous 

domains. The carrier would travel rapidly along the chain backbones (in the absence of local 

defects which could act as traps) in the crystalline domains, and in the amorphous domains the 

transport would be comparatively slow, due to increased disorder. Because of this the orientation 

of the crystalline domains becomes important. Because in the thinnest films the orientation is 

parallel to the substrate and in thicker films a larger fraction of the domains have a higher degree 

of orientation away from the substrate, the out-of-plane carrier mobility in the thickest films 

would be higher than in thinner films. Therefore, it is because of the structure of semicrystalline 

thin films (i.e., the orientation effects due to the substrate), shifts in the conjugation length are 
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not the best indicators of carrier mobilities. On the other hand, this would not necessarily be true 

for the bulk.  

 It is interesting to note that the change in the Poole–Frenkel coefficient β coincides with a 

reduction of the effective conjugation length, revealed by absorption spectroscopy. The 

magnitude of β decreased, approaching zero, as the thickness increased. For thicknesses h > 300 

nm, when the absorption spectra shape become unaffected by thickness, the magnitude of β 

reaches a constant value. The UV–vis and ellipsometric data indicate that the structure is highly 

oriented near the substrate and becomes more isotropic at distances further from the substrate 

(the average structure of the sample exhibits a lower degree of orientation parallel to the 

substrate, with increasing thickness). In other words, with increasing thickness, increased 

random orientations of the aggregates (lamellar phases) would be consistent with θ approaching 

the isotropic angle of 35.3°.  

 Finally, the fact that the hole mobility depends less on electric field (β decreases in 

magnitude) with increasing thickness would be consistent with the notion that carriers traveling 

normal to the substrate would encounter larger barriers to transport close to the substrate, due to 

the high degree of aggregates oriented parallel to the substrate. These barriers to transport would 

decrease as the morphology becomes more isotropic as a larger fraction of aggregates would be 

aligned in the direction of the field, normal to the substrate, with increasing thickness. It is 

therefore not surprising that for film thicknesses h > 300 nm, when the average morphology of 

the film becomes independent of film thickness, as indicated by VASE and UV–vis, both the 

zero-field hole mobility and Poole-Frenkel coefficient β remain unchanged, independent of h. 
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2.4. CONCLUSION 

 In conclusion, we investigated the out-of-plane hole mobilities of a low-band-gap 

polymer, PBDTTT-C, in relation to its microstructure and predictions by the Gaussian disorder 

theoretical model, which describes carrier transport in disordered media. PBDTTT-C is 

especially interesting because in contrast to P3HT, it possesses very low intrinsic carrier 

densities, yet it exhibits power conversion efficiencies superior to P3HT when used as a donor 

polymer in OPVs. A temperature dependent study of the hole mobilities revealed that carrier 

transport in PBDTTT-C agrees with predictions of the Gaussian disorder model, suggesting that 

transport primarily occurs via a hopping mechanism, not uncommon in organic semiconductors. 

Using a combination of structural characterization techniques, we found that the out-of-plane 

hole mobilities in PBDTTT-C are correlated with the thickness-dependent morphological 

changes. The out-of-plane hole mobilities were lowest in the thinnest films where the average 

orientation of the chains (lamellar aggregate phases) was predominantly parallel to the substrate.  

In this thickness range the out-of-plane carrier mobilities were necessarily low and β, a measure 

of the strength of the field dependence of the mobility, was largest; a large β manifests the largest 

effect of positional disorder on the carrier transport. The hole mobility depended less on the 

electric field (β decreases in magnitude) with increasing thickness, due evidently to the increased 

degree of orientation of the domains with respect to the direction of the field (normal to the 

interfaces).  The fact that the lamellar aggregates possess an increasingly larger degree of 

orientation normal to the substrate with increasing film thickness is consistent with higher carrier 

mobilities with increasing h. In short, both the conclusions drawn from the transport 

measurements and model and the optical characterization measurements, VASE and UV–vis, 

strongly support the notion of thickness dependencies of the carrier transport and the 

morphology. 
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Chapter 3 : ENHANCING CARRIER MOBILITIES IN 

ORGANIC THIN-FILM TRANSISTORS THROUGH 

MORPHOLOGICAL CHANGES AT THE 

SEMICONDUCTOR/DIELECTRIC INTERFACE USING 

SUPERCRITCAL CARBON DIOXIDE PROCESSING 
Reprinted with permission from: 

Dong, B. X.; Amonoo, J. A.; Purdum, G. E.; Loo, Y. L.; Green, P. F. Enhancing Carrier 

Mobilities in Organic Thin-Film Transistors Through Morphological Changes at the 

Semiconductor/Dielectric Interface Using Supercritical Carbon Dioxide Processing. ACS Appl. 

Mater. Interfaces 2016, 8 (45), 31144–31153. Copyright © 2016 The American Chemical 

Society. 

3.1. INTRODUCTION 

 Conjugated polymers continue to be of interest for diverse applications ranging from 

xerography,
1
 light-emitting diodes,

2
 flexible electronics

3
 and solar-energy conversion

4,5
 due to 

their mechanical flexibility,
3
 solution processiblility

6
 and the fact that molecular design strategies 

can be readily exploited to tailor their optical and electronic properties.
7,8

 Charge-carrier mobility, 

which influences device performance in organic light-emitting diodes (OLEDs)
9
, organic field-

effect transistors (OFETs)
10

 and organic photovoltaics (OPVs),
11

 is sensitive to the thin-film 

morphology of conjugated polymers. A thorough understanding of the relationship between 

charge carrier mobility and thin-film morphology is critical for the field of organic electronics, as 

this information would be invaluable for improving device performance.  

 Poly(3-hexylthiophene) (P3HT) is one of the most commonly used conjugated polymers 

in organic electronics. The morphology of P3HT films is composed of crystallites, whose 
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orientation and size vary relative to each other, and amorphous regions. The crystallites are 

composed of P3HT chains stacked in both the π-π and alkyl side-chain stacking directions, 

forming the so-called lamella structure.
12,13

 Charge transport in P3HT is highly anisotropic, as it 

is dictated by local chain conformation. Charge transport is most efficient along the polymer 

chain backbone, i.e., along the (001) direction (intrachain transport), provided the backbone is 

free of distortions and defects. Interchain hopping in the π-stacking direction (010) is slower, and 

carrier hopping in the (100) direction along the alkyl side chains is the slowest (Figure 

3.1(a)).
12,14–16

  

 

Figure 3.1: (a) Illustration of P3HT crystal structure, with side chain stacking along the a-axis, π-

stacking along the b-axis and the polymer backbone direction along the c-axis.  (b)(c) Ideal edge-

on and face-on orientations with the c-axis parallel to the substrate. (d)(e) Possible edge-on and 

face-on configurations with the polymer backbone not parallel to the substrate but tilting away 

from it by the orientation angle θ. 

 In OTFT devices, in which carriers move laterally, it is generally accepted that the best 

transport properties are achieved when the polymer chains are preferentially oriented in an edge-
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on orientation with a high degree of in-plane π-stacking (Figure 3.1(b)) as opposed to a face-on 

orientation (Figure 3.1(c)). The highest carrier mobilities for devices comprised of P3HT are 

reported under these conditions,
12,17,18

 as well as for devices comprising many other high 

performance polymers.
19–22

 Nevertheless, some notable exceptions exist; Gargi et al. reported 

mobilities near 0.05 cm
2
V

-1
s

-1
 in devices comprised of P3HT films exhibiting a high degree of 

face-on stacking.
23

 Moreover, many high performing polymers, such as {[N,N-9-bis(2-

octyldodecyl)naphthalene-1,4,5,8-bis(dicarboximide)-2,6-diyl]- alt-5,59-(2,29-bithiophene)} 

[P(NDI2OD-T2)]
24

 and diketopyrrolopyrrole (DPP) copolymers,
25–27

adopt either a face-on or a 

mixture of face-on and edge-on orientations. Rivnay et al. reported dramatic transformations 

from face-on to edge-on orientations in P(NDI2OD-T2) thin films after thermal annealing, yet no 

significant changes in the device mobility were observed.
28

  

The observations suggest that adopting an edge-on orientation may not be the only 

prerequisite for polymer thin films to achieve high in-plane device carrier mobilities as other 

morphological factors are likely to also influence charge transport.  It is now understood that 

subtle changes in the packing and orientation of polymer chain segments
7,29-30

, along with the 

stacking order and interdigitation of side groups,
31

 can lead to changes in the local and long-

range carrier mobilities. Specifically, the orientation of the conjugated backbone, characterized 

by the backbone orientation angle, θ (Figure 3.1(d) and (e)), can have a significant impact on 

carrier transport since carrier transport occurs both along the polymer backbone and through π-

orbital overlap direction. In OTFT devices, the charge carriers are believed to travel primarily 

within the channel at the gate dielectric/polymer interface. Therefore, the structure the polymer 

adopts at this buried interface should influence the transport characteristics in TFTs.
32,33

 The 

foregoing suggests a potential role of the backbone orientation on carrier transport in OTFTs. If 
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true, it would be important to find a method to control θ near the dielectric interface without 

significantly altering other morphological features, such as the degree of crystallinity and the 

polymer stacking efficiency, in order to further improve OTFT mobility.   

 The work of adhesion, or interfacial tension, between the polymer and the 

substrate should influence the chain mobility at the charge transport interface and could result in 

different sensitivity of the polymer film toward processing. One approach to control the strength 

of the interactions between the polymer chains and substrate is by treating the dielectric surface 

with different self-assembled monolayers (SAMs). In this manuscript, we report a strategy to 

control and investigate the influence of the backbone orientation on the in-plane carrier mobility 

of P3HT devices using post-deposition supercritical carbon dioxide (scCO2) processing on P3HT 

thin films atop two different SAM-treated silicon dioxide substrates: octadecyltrichlorosilane 

(OTS) and trichloro (1H, 1H, 2H, 2H-perfluorooctyl)silane (FTS). Compared to other processing 

methods, such as thermal annealing,
20,34

 solvent casting,
35

 solvent annealing,
36,37

 or sequential 

solvent casting,
38

 scCO2 processing has the advantages of being environmental-friendly, 

abundant and nonflammable. Additionally, the solvent quality of scCO2 can be finely tuned by 

changing temperature (35-70ºC) and pressure (7-20MPa).
39–42

  

 By varying the scCO2 solvent quality and treatment duration, P3HT films with different 

backbone orientation angles were achieved. The orientation angles θ were extracted from 

spectroscopic ellipsometry data using a theoretical model developed by Spano.
43

 Atomic force 

microscopy (AFM) images of the free and buried interfaces of P3HT films indicate that scCO2 

preferentially changes the polymer structure at the buried interfaces. The highest carrier 

mobilities were measured in devices comprised of films with the highest in-plane alignments, or 

smallest θ. As grazing-incidence X-ray diffraction measurements indicate minimal 
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morphological changes in the depths of the films, our results suggest that the enhancement in 

carrier mobility originates from changes in backbone orientation at the dielectric interface.   

3.2. EXPERIMENTAL 

3.2.1. Sample Preparation  

 All substrates were cleaned by ultrasonication in Alconox
®
 detergent solution, DI water, 

acetone, hot Hellmanex
®
 solution, isopropanol and boiling isopropanol for 5 min each; the 

substrates were subsequently exposed to UV-ozone cleaning for 20 min. The substrates were 

then transferred to a nitrogen glovebox, where self-assembled monolayers (SAM) of either 

octadecyltrichlorosilane (OTS) (Gelest Inc.) or trichloro (1H, 1H, 2H, 2H-perfluorooctyl)silane 

(FTS) were prepared.  OTS was deposited by immersing the substrates in a mixture of OTS and 

hexadecane (1:250 by volume) for 14 hours while stirring. FTS was deposited by placing the 

substrates inside a close vessel together with a small glass container filled with ca. 200 µl FTS 

and heating up to 150°C for 2 hours.
44,45

 Unlike OTS deposition, FTS deposition was carried out 

in the vapor phase. The chemical structures of OTS and FTS are shown in Appendix.  

 Solutions of 4 mg/ml P3HT (Rieke Metal, ∼95% regioregularity, Mw = 50 000 g·mol
−1

) 

were prepared by dissolving the polymer in chloroform and shaken overnight before filtering. 

The filtered solutions were then spun onto the OTS- or FTS-treated substrates at spin-speeds of 

1000 rpm for 2 min. To deposit P3HT on FTS, the solution was allowed to sit on FTS for 20-30 

seconds before spin-casting due to the low surface energy of FTS. The thicknesses of the as-cast 

P3HT films ranged from 30 to 35 nm, as measured by ellipsometry. All samples were stored in 

the glovebox until the devices were made and measurements were performed; exposure to the 

outside environment was minimized during transfer to a separate glovebox for OTFT 



59 

   

measurements. All chemicals used in this study were purchased from Sigma Aldrich unless 

otherwise noted. 

3.2.2. Supercritical Carbon Dioxide (scCO2) Processing of Polymers 

 The solvent quality of super-critical CO2 can be easily tuned by varying temperature and 

pressure. In this study, two scCO2 processing conditions were chosen, as identified on the CO2 

phase diagram in Appendix. The first processing condition is at T = 35°C and P = 15 MPa, 

which results in a high-density CO2 (0.8 g/mL). The second processing condition, which results 

in a low-density CO2 (0.45 g/mL), is at T = 50°C and P = 10.5 MPa. The polymer films were 

first loaded into a stainless steel cell for scCO2 annealing. Prior to annealing, the cell was twice 

purged with CO2 (Cryogenic gases, purity 99.98%) to minimize the amount of air inside the cell. 

The entire cell was then immersed in a water bath, which had been preheated to the desired 

temperature using a heating circulator (Julabo Inc.). CO2 was then introduced into the cell using 

a manual pressure generator (High-Pressure Equipment Co.), with the pressure being monitored 

with a strain gauge pressure transducer (Sensotec). After annealing, the cell was immersed in an 

ice bath for slow depressurization, at a rate of approximately 1.5 MPa/min. 

3.2.3. Carrier Mobility Measurements  

 OTFTs were fabricated in top-contact, bottom-gate configurations on highly doped Si 

substrates with a 300 nm thermally-grown SiO2 layer (Encompass Inc.). Source and drain gold 

electrodes (Kurt J. Lesker, 99.99%) were vacuum-deposited on top of the polymer film to form 

transistors with a channel length and width of 50 µm and 500 µm, respectively. All OTFT 

measurements were performed in an oxygen-free and moisture-free N2-filled glove box using the 

Agilent 4156C Parameter Analyzer. The mobility μ was extracted from the current measured at 
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the drain (IDS) by fitting the transfer curve in the saturation regime (VD = -80 V) using the 

following equation:  

2( )
2

i
DS g th

WC
I V V

L
   (3-1) 

In this equation, W and L are the channel width and length, Ci = 10 nF/cm
2
 is the capacitance per 

unit area for a 300-nm thick SiO2 layer, and Vg and Vth are the gate and threshold voltages, 

respectively. 

3.2.4. Ellipsometry 

 Variable angle spectroscopic ellipsometry (VASE) measurements were performed using the 

M-2000 Ellipsometer (J. A. Woollam Co.,). The experiments were carried out on polymer films 

deposited using identical conditions onto two different Si substrates; one substrate with a thin 

layer of native oxide and the other with a layer of thermally grown SiO2 that is 500 nm thick 

(Encompass Inc.). The measurements were performed in reflection mode at 55°, 60°, 65°, 70° 

and 75°. The data were then fit simultaneously using the CompleteEASE software, provided by J. 

A. Woollam Co., in order to determine the thickness and optical constants of P3HT. In order to 

identify the best fit for P3HT optical constants, we “built” a model such that the sample’s 

structure was Si/SiO2/SAM/P3HT. Before spin-coating the polymer layer, the SAM-modified 

substrates were measured to correctly determine the optical constants of both SAMs. The optical 

constants of P3HT in the Si/SiO2/SAM/P3HT configuration were then determined by fitting two 

samples simultaneously, using the optical constants for the SAMs found in the previous step.  

The optical constants of the Si, native oxide and thermally grown SiO2 were taken from 

CompleteEASE software’s library database. The multi-sample analysis was necessary to increase 

the uniqueness of the fits due to the strong correlations between the fitting parameters.
30,46,47
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3.2.5. Grazing-incidence X-ray diffraction (GIXD) 

 GIXD experiments were performed on the G1 line (9.95 +/- 0.1 keV) at the Cornell High 

Energy Synchrotron Source. The beam was 0.05 mm tall and 1 mm wide. The x-ray beam was 

aligned such that it was above the critical angle of the polymer film, yet below the critical angle 

of the substrate. The scattered intensity was collected using a two-dimensional CCD detector, 

positioned 111.5 mm from the center of the sample. A background image collected from a 500 

nm SiO2 substrate has been subtracted from each image.  

3.2.6. Atomic Force Microscopy (AFM) 

 Surface topographies of the top and buried interfaces of P3HT films were measured using 

an Asylum Research MFP-3D stand-alone AFM in tapping mode with a CT300-25 Aspire probe 

(spring constant 40 N/m and radius of curvature of 8 nm). The buried interfaces were obtained 

by delaminating P3HT films from the SAM-treated SiO2 substrates using a featureless 

poly(dimethyl siloxane) (PDMS) (Dow Corning Sylgard 184) layer. Details of the delamination 

technique are reported elsewhere.
48,49

    

3.3. RESULTS AND DISCUSSIONS 

 The in-plane hole mobilities of devices comprised of P3HT films spun on top of OTS and 

FTS are shown in Figure 3.2(a) as a function of high-density scCO2 annealing time. The transfer 

curves of all devices are available in the Appendix. A clear difference between samples spun on 

top of OTS and FTS is observed. While the device mobilities of films cast atop OTS appear to 

be unaffected by scCO2 processing, mobilities for devices comprised of films cast on FTS 

increase with processing time, saturating after approximately 1 hour. In addition to the increase 

in mobility for devices on FTS substrates, we observe a gradual shift of the threshold voltage 

toward positive values with increasing treatment time, as seen in Figure 3.2(b). The shift in 
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threshold voltage typically indicates a change in the interfacial dipoles or charge carriers/traps 

density at the dielectric/polymer interfaces.
50–52

 While the exact origin of the threshold voltage 

shift in our work is unclear, this observation suggests that scCO2 interacts and alters the 

structure of P3HT and/or FTS at the polymer/dielectric interface.  

 

Figure 3.2: (a) In-plane hole mobilities and (b) threshold voltage as a function of CO2 processing 

time. Data at t = 0 corresponds to as-cast samples. 

 In order to definitively probe whether the improved mobilities originate from changes in 

the structure of P3HT or FTS or both, two sets of control experiments were performed. In the 

first set of experiments, we anneal the P3HT/FTS films in high-density scCO2 for 5 hours. 

Afterwards, we delaminate and transfer the annealed P3HT film onto OTS-treated Si/SiO2 

substrates. We also delaminate as-cast P3HT/FTS and transfer these films onto OTS-treated 

Si/SiO2 substrates. Details of the transfer process are demonstrated in Appendix and reported 

elsewhere.
48,49

 The mobilities of devices comprising annealed then transferred P3HT show a 

similar enhancement in carrier mobility compared to devices comprising as-cast then transferred 

P3HT. In the second set of control experiments, we anneal the FTS treated Si/SiO2 substrates in 

high density scCO2 for 5 hours, followed by spin-casting P3HT on top of both annealed FTS and 
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fresh FTS. Interestingly, we do not observe any changes in carrier mobilities between these two 

types of devices. In light of these observations, we believe that the enhanced mobilities observed 

in P3HT/FTS devices after scCO2 annealing must stem from changes in the morphology of 

P3HT films and not changes in the structure of FTS. The transfer curves of all 4 devices together 

with the delamination procedures are available in the Appendix. To further understand the 

impact of scCO2 processing on the morphology of P3HT films, VASE, GIXD, and AFM 

measurements were performed. 

 Ellipsometry measurements were carried out to determine the average backbone 

orientation of the polymer chains. In an ellipsometry measurement, the complex reflectance ratio 

(ρ) of the reflected and incident light polarization states is determined and typically presented in 

terms of the ellipsometric angles, Ψ and ∆. By fitting Δ and Ψ with the uniaxial anisotropic 

model, both the in-plane and out-of-plane extinction coefficients k can be determined. The 

extinction coefficient k is then converted to the absorption coefficient, α, using the equation α = 

4πk/λ for each wavelength λ. The absorbance, A, is then calculated by multiplying α by the 

sample thickness d. Figure 3.3(a) depicts an example of the in-plane and the out-of-plane 

absorption spectra of the same P3HT film spun on top of FTS before and after annealing in high 

density scCO2 for 5 hours.  
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Figure 3.3: (a) An example of in-plane and out-of-plane absorption spectra of a P3HT film spun 

on top of FTS-treated SiO2 measured by ellipsometry before and after annealing with high 

density scCO2 for 5 hours. (b)(c)(d)(e) The individual in-plane and out-of-plane absorption 

spectra fitted using Spano Model. The aggregate part (yellow-shaded area) is fitted using 

equation (1). The amorphous part (gray-shaded area) is the difference between the total and the 

aggregate part.  

 Upon annealing with high-density scCO2 for 5 hours, we observe enhanced absorption in 

the in-plane direction and reduced absorption in the out-of-plane direction, indicating that the 

polymer chains are more preferentially oriented parallel to the substrate after scCO2 annealing. 

The polymer backbone orientation with respect to the substrate can be quantified using the 

dichroic ratio, R, defined by the ratio between the out-of-plane and in-plane oscillation strength 

at the position corresponding to the π−π* transition dipole moment.
47,53

 With respect to P3HT, 

the dichroic ratios at either ~2.05 eV or ~2.25 eV are normally used to calculate backbone 

orientation. However, because the 0-0 oscillation strength in P3HT is affected by intermolecular 

interactions,
43

 quantification with individual peaks alone is insufficient to account for the 

oscillation strength of this transition. Therefore, we calculated the total oscillation strength by 

integrating over the entire P3HT spectrum rather than using the oscillation strength of individual 
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peaks. In order to deconvolute the relative contributions of the aggregate and amorphous 

domains from the total absorption spectra, we applied a model developed by Spano.
43,54

 

According to this model, the absorption spectra of P3HT thin films are composed of a low-

energy regime attributed to the absorption by interchain π-stacked aggregates and a broader high-

energy regime resulting from the amorphous portion of the films.  At the limit of weak excitonic 

coupling, the cofacial interchain coupling of adjacent conjugated segments in P3HT leads to a 

formation of vibration bands, which can be determined using a Frank-Condon fit to the 

absorption spectrum as follows:  
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 In this equation, A is the absorption of the aggregates as a function of photon energy, E; 

S is the Huang-Rhys factor, representing the overlap between vibrational states and assumed to 

be 1; m corresponds to different energy levels and Ep = 0.179 eV is the energy of C=C symmetric 

stretch mode. Here, the three fitting parameters are the exciton bandwidth, W, the transition 

energy, E0 and the energetic disorder, 𝜎 (or the Gaussian width of the absorption peaks). The fits 

for the aggregate region of each component using equation (3.2) are illustrated in Figure 3.3 (b-

e).  

 As seen in Figure 3.3(b-e), the Spano model successfully reproduces the aggregate 

features in both the in-plane and out-of-plane absorption spectra before and after annealing. 

Moreover, because the amorphous spectra can be obtained from the absorption spectra, it is also 

possible to compute the average backbone orientation in the amorphous regions using a similar 

approach. We integrate the amorphous spectra in order to calculate the total oscillation strength 
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of the transition in the amorphous region. The average backbone orientation angle θ within the 

aggregate and the amorphous regions were computed using the same approach previously 

reported:
47,53
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Here, and Aaggregate and Aamorphous are the areas of the aggregate and amorphous spectra; 

and θaggregate and θamorphous are ensemble-average backbone orientation angles in the aggregate 

and amorphous regions, respectively.  Using the aforementioned approach, we calculate the 

backbone orientation angles of P3HT on top of FTS and OTS after processing with scCO2. 

Figure 3.4 shows the time evolution of both θaggregate and θamorphous under the influence of scCO2 

annealing, with the data at t = 0 corresponding to those extracted from the as-cast samples. We 

observe a higher orientation angle of polymer chains in the amorphous region compared with 

that in the aggregates, indicating that the average preferential orientation of the aggregates is 

more parallel to the substrate than that of the amorphous region. We note, however, that the 

orientation of the amorphous region is not completely random; a polymer chain oriented 

randomly within the film would have a value of θ close to the isotropic angle θisotropic = 35.3°, 

corresponding to R = 1 and ⟨sin
2 

θ⟩ = 1/3. The orientation angles for amorphous regions are 

within the range of 23° to 25°, well below this isotropic angle, suggesting that even in the 

amorphous region, polymer chains still have a tendency to lie parallel to the substrates. This 

preferential orientation in the amorphous region could be due to confinement effects in thin film, 

in which the polymer chains are constrained by the air/polymer and polymer/substrate.
30

 Under 
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the influence of scCO2, we see a similar decrease of θamorphous within 30 min in P3HT that had 

been deposited on both OTS and FTS cases. The fast response of the amorphous region is not 

surprising, because scCO2 can penetrate and swell the amorphous regions more easily compared 

to their aggregate counterpart due to their lower density. The aggregate regions, on the other 

hand, respond slower and characteristically differently to scCO2 annealing when P3HT is 

deposited on OTS and FTS. Figure 3.4 shows that while scCO2 processing reduces θaggregate for 

films spun on FTS after 2 hours, it has almost no effect on θaggregate for films spun on OTS.     
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Figure 3.4: Evolution of the orientation angle θ in the aggregate and amorphous regions under 

the influence of scCO2 fluid. The films are prepared using high density CO2 on top of FTS (a) 

and OTS (b). Data at t = 0 corresponding to as-cast samples. 

 To illustrate the importance of the polymer backbone orientation, Figure 3.5 shows the 

relationship between the device mobility and the polymer backbone orientation angle. We note 

that on a given substrate, the mobilities and orientation angles are identical after processing with 

either high- or low-density scCO2.  We found that the hole mobilities increase with decreasing

aggregate , or with the tendency of the aggregate domains to lie parallel to the substrates. We note 

that the significant changes in the in-plane transport characteristics are accompanied by only 
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subtle changes in morphology probed by ellipsometry. A mere decrease of 3° in the average 

backbone orientation angle results in a five-fold improvement in carrier mobility. In light of 

these observations, along with the observed threshold voltage shift shown Figure 3.2(b), we 

hypothesize that the changes might occur strictly at the P3HT/SAM interface. In order to confirm 

our hypothesis, we further investigate the film morphology using GIXD and AFM.   

 

Figure 3.5: In-plane hole mobilities as a function of orientation angle for all cases studied in this 

work.  

 To investigate any changes in the bulk morphology of the films, we employed GIXD 

measurements on the neat P3HT films and those treated with high-density scCO2 fluid for 5 

hours. The two-dimensional GIXD patterns are shown in Figure 3.6(a)-(d). Figure 3.6(e), (f) 

show line cuts of the two-dimensional GIXD patterns taken at qxy = 0 and qz = 0, respectively, 

representing one-dimensional X-ray traces in the out-of-plane and in-plane directions. The traces 

reveal the (100) and (010) reflections at 0.40 Å
-1

 and 1.7 Å
-1

 respectively, consistent with a prior 

report on P3HT.
12

 For films deposited atop either OTS-treated or FTS-treated SiO2, the GIXD 

patterns show the (100) and (010) reflections along both the meridian and the equator. That the 
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(100) and (010) reflections are present in both the in-plane and out-of-plane traces indicates that 

there are at least two populations of P3HT crystallites adopting either edge-on or face-on 

orientations, in good agreement with previous reports on P3HT films spun from volatile 

solvents.
35

 To further investigate the effect of scCO2 processing on the structure of the P3HT 

films deposited atop OTS and FTS substrates, Figure 3.6(g) shows the intensity distribution of 

the (010) reflection as a function of the azimuthal angle. The azimuthal dependence of the (010) 

reflection is invariant across samples, indicating that the orientation of P3HT crystallites remain 

unchanged after post-deposition scCO2 processing. These results suggest that bulk 

morphological changes cannot account for the observed increase in mobility for devices atop 

FTS-treated SiO2/Si with increased scCO2 annealing time.  

 

Figure 3.6: (a)-(d): Grazing-incidence X-ray diffraction (GIXD) patterns of as-cast and scCO2 

annealed samples spun on top of OTS and FTS. (e), (f): Intensity traces of the 4 samples along 



71 

   

the out-of-plane direction (qz) and in-plane direction (qxy). (g): Normalized angular distribution 

of (010) reflections. 

    As the increase in mobility with scCO2 processing does not stem from the bulk 

morphology, we performed atomic force microscopy (AFM) on both the polymer/air interface 

and the buried interface of P3HT films on OTS and FTS before and after scCO2 annealing. The 

AFM images in Figure 3.7 demonstrate that under all processing conditions and independent of 

dielectric surface treatment, the P3HT/air interface is featureless with no discernable differences. 

In sharp contrast, the buried interface of as-cast P3HT reveals distinct wrinkle structures with 

slightly larger features on FTS than on OTS. Upon annealing, these features are still present in 

films on OTS but vanish entirely for films on FTS. We note that the roughness of all surfaces 

here is less than 1 nm, suggesting that the observed wrinkles are not deformation or cracks 

induced by the delamination process.  

 

Figure 3.7: 10 x 10 μm AFM images of P3HT’s top and buried interfaces, before and after scCO2 

annealing.  The scale bar is 2 μm. 
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 Our AFM results unambiguously indicate that scCO2 annealing selectively alters the 

morphology of P3HT near the SAM/P3HT interface. The morphological changes in P3HT films 

on FTS are more significant than films on OTS, in good agreement with the ellipsometry 

measurements. A schematic of the film structure before and after scCO2 annealing is illustrated 

in Figure 3.8, in which most of the changes in morphology happen close to the buried interfaces.  

 

 

Figure 3.8: The schematic of scCO2 processing on P3HT films. (a) Ascast films, spun either on 

OTS and FTS. (b),(d) P3HT films under exposure to scCO2 fluid. (c),(e) CO2 drying via slow 

depressurization. (b) and (c) are for films spun on FTS. (d) and (e) are for films spun on OTS. 

The low surface energy of FTS and high CO2 density near the P3HT/FTS interface plays an 

important role in crystal reorganization, as illustrated in (c). On the case of OTS, scCO2 

processing does not influence the orientation of aggregate regions, as illustrated in (e). 

  The reasons for the larger morphological changes at the buried interface compared to the 

top interface could be understood from the following. When a film is cast onto a substrate, the 

chains at the polymer/substrate interface experience larger configurational entropy changes and 

thus higher state of stress than chains at the free surface. This hypothesis is corroborated by the 

observed wrinkle structure at the buried interface but rather smooth feature at the top surface. 

The presence of the scCO2 solvent at the buried interface would lead to structural reorganization 
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to relax the stresses. Hence it is unsurprising that the morphological structure would show larger 

changes at the polymer/substrate interface than the free surface, despite the fact that the scCO2 

concentration near the free surface might be higher than at the bottom interface.
55

 We note that 

for an unstable/metastable film, dewetting instabilities would generally be responsible for larger 

structural changes, typically evident at the free surface. The P3HT films examined here are 

however structurally stable.  

 On the other hand, the apparent difference in behavior of P3HT on top of OTS and FTS 

could stem from multiple reasons. First, because the interaction of any material with scCO2 

depends markedly on its chemical structure,
39,40

 we expect that using SAMs with different 

affinities toward scCO2 would result in different interactions and hence different polymer 

morphologies. The specific interaction between scCO2 and the dipoles of the C-F bond lead to an 

increased swelling and solubility of scCO2 in fluorine-containing polymers, which is well-

documented in the literature.
56,57

 Notably, due to their amphiphilicity in scCO2, fluorine-

containing copolymers have been widely used in dispersion polymerization using scCO2 as 

reaction medium.
58,59

 We hypothesize that in the presence of scCO2, FTS swells more than OTS, 

resulting in the P3HT/FTS interface being more scCO2-rich than the P3HT/OTS interface and 

thus enhancing scCO2-P3HT interactions at the buried interface as illustrated in Figure 3.8(b) 

and (d).  Second, fluoroalkyl compounds, such as FTS, are known to have lower surface energy 

than OTS due to the high electronegativity of florine.
60–62

 The lower surface energy of FTS 

would increase the segmental mobility of polymer chains near the substrate, making the polymer 

chains on FTS more prone to processing compared to those on OTS. As a result, a larger 

morphological change after scCO2 annealing is observed in samples using FTS than samples 

using OTS.  
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 We have shown that charge transport strongly correlates with the polymer backbone 

orientation angle in aggregate domains. In a semicrystalline film, the reduced conjugation 

lengths and increased band gaps of the amorphous regions are responsible for reduced carrier 

mobilities and thus confine transport within the aggregate regions. It is suggested that the carriers 

only move across the amorphous regions from aggregate to aggregate via single polymer chains 

known as tie-molecules.
14,63,64

 The orientation and molecular order within the aggregates 

therefore should influence charge transport. If the polymer chains within the aggregates have a 

low degree of in-plane alignment, a carrier would undergo inter-chain hopping in order to 

continue traveling laterally, resulting in lower mobilities. Carrier mobilities are significantly 

different for films cast on OTS and FTS, implicating the role of the backbone orientation.     

  Finally, we would like to point out that there exists other convincing evidence that this 

morphological factor is vital for carrier transport. The role of backbone orientation has been 

demonstrated by our previous work to be the main morphological factor affecting out-of-plane 

transport of the low band gap polymer poly[4,8-bis((2-ethylhexyl)-oxy) benzo[1,2-b:4,5-b′] 

dithiophene-2,6-diyl-alt-4-(2-ethylhexan-1-one)thieno[3,4-b]-thiophene-2,6-diyl] (PBDTTT-

C).
30

 Also, the degree of in-plane alignment of some high performing polymers used in OTFTs is 

shown to be exceptionally high, including poly[2,5-bis (3-tetradecylthiophen-2-yl)thieno[3,2-

b]thiophene] (PBTTT)
19

 and some high mobility diketopyrrolopyrrole (DPP) copolymers,
25

 all 

exhibiting orientation angle θ < 10°, in good agreement with our findings here. 
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3.4. CONCLUSION 

 In conclusion, we investigated the effect of scCO2 processing on the structure and 

charge transport in P3HT films supported by two SAMs having different chemical structures and 

surface energies. The carrier mobilities increased five-fold in the P3HT/FTS/SiO2 OTFTs after 

processing in scCO2, while the carrier mobility of P3HT/OTS/SiO2 OTFTs remained unchanged. 

ScCO2 has a strong affinity with the C-F bonds, providing enhanced mobility to the P3HT chains 

at the substrate. The changes in the topography at the buried interface are consistent with the 

predicted enhanced solubility of polymer chains in scCO2 in that region. While no noticeable 

effects on the structure of P3HT/OTS films were observed, the in-plane alignment of the 

conjugated polymer backbone in the P3HT/FTS films improved as a result of scCO2 processing. 

A close relationship between in-plane hole mobilities and backbone orientation in P3HT was 

measured; the highest mobilities were measured in devices comprised of films with the highest 

in-plane alignments, or smallest θ. Our data suggest that possessing polymer backbone 

orientation more parallel to the substrate is favorable for lateral charge transport. Our work 

suggests an effective way to control the morphology of conjugated polymers at the 

semiconductor/substrate interface. Further enhancement of carrier mobilities via this benign 

processing method is also expected for other conjugated polymer systems, such as fluorine-

containing polymers, which are known to have a strong affinity toward scCO2 annealing. 
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3.5. APPENDIX 

3.5.1. CO2 phase diagram and the chemical structures of FTS and OTS. 

 

Figure 3.9. (a) Density-pressure phase diagram of pure CO2 (Data provided by Lemmon, E. W.; 

McLinden, M. O.; Friend, D. G. Thermophysical Properties of Fluid Systems. In NIST 

Chemistry WebBook, NIST Standard Reference Database Number 69; Linstrom, P. J., Mallard, 

W. G.). The stars indicate the two pressure/temperature conditions investigated herein. (b) 

Schematic device structure of P3HT thin film transistors along with the chemical structure of the 

SAMs.  

3.5.2. Transfer curves of all devices   

 

Figure 3.10. Transfer characteristics of devices fabricated on top of OTS, annealed with either 

(a) high or (b) low CO2 density. Similar transfer characteristics of devices fabricated on top of 

FTS annealed with either (c) high or (d) low CO2 density.  The upper figures are plots of |I|
1/2

 

versus Vgate while the lower figures are plots of log|I| versus Vgate 
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3.5.3. Controlled experiments 

 

 

Figure 3.11. (a) Procedures of transferring films from FTS-treated substrate to OTS-treated 

substrate. (b) Transfer curves of P3HT device annealed on top of FTS and then transferred to the 

OTS substrate (red) and of as-cast P3HT spun on FTS and then transferred to OTS substrate 

(black). (c) Transfer curves of P3HT device spun on as-cast and annealed FTS. The annealing 

conditions used were 2100 psi at 35°C for 5 hours (high scCO2 density) 

In the first set of the control experiments, we first anneal the P3HT/FTS films and then 

transfer both the annealed P3HT film on FTS and the freshly fabricated P3HT film on FTS onto 

OTS-treated Si/SiO2 substrates (Figure 3.11a). The mobilities of the transferred devices show 

similar enhancement in carrier mobility from the ascast P3HT to annealed P3HT, from 1.6 x 10
-2

 

cm
-2

V
-1

S
-1 

to 3.8 x 10
-2

 cm
-2

V
-1

S
-1 

(Figure 3.11b). In the second set of control experiments, we 

anneal the FTS treated Si/SiO2 substrates, followed by spin-casting P3HT on top of both 
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annealed FTS and fresh FTS. The mobilities of the as-cast FTS and annealed FTS devices are 1.3 

x 10
-2

 cm
-2

V
-1

S
-1 

and 1.4 x 10
-2

 cm
-2

V
-1

S
-1

 (Figure S3c). 
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Chapter 4 : MOLECULAR ORGANIZATION IN MAPLE-

DEPOSITED CONJUGATED POLYMER THIN FILMS 

AND THE IMPLICATIONS FOR CARRIER 

TRANSPORT CHARACTERISTICS  
Reprinted with permission from: 

Dong, B. X.; Li, A.; Strzalka, J.; Stein, G. E.; Green, P. F. Molecular Organization in MAPLE-

Deposited Conjugated Polymer Thin Films and the Implications for Carrier Transport 

Characteristics. J. Polym. Sci. Part B Polym. Phys. 2017, 55 (1), 39–48. Copyright © 2017 Wiley 

Periodicals, Inc., A Wiley Company 

4.1. INTRODUCTION 

With their important applications including thin film transistors,
1
 lighting, displays

2,3
 and 

organic solar cells,
4,5

 the molecular design, synthesis and processing of conjugated polymers is 

of significant scientific and technological interest. Charge carrier mobilities, and hence device 

performance, are strongly influenced by the morphology of conjugated polymers.
6–8

 Therefore, 

understanding the interrelations between chemistry, processing, morphology, and thus 

optoelectronic performance is crucial for designing high performance polymeric semiconductor 

materials. 

Thin conjugated polymer films can be prepared by solution or vacuum-based deposition 

techniques. Whereas solution-based methods offer advantages of low-cost and high-throughput 

manufacturing, the fabrication of complex systems such as layered, nano-patterned structures, or 

in cases of underlying surfaces having poor wettability poses significant challenges. Recently, 

the vacuum-based deposition technique matrix-assisted pulsed laser evaporation (MAPLE) has 

been increasingly employed for fabrication of thin polymer films by different research groups.
9–
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12
 The film deposition process in MAPLE involves the absorption of light with a specific 

wavelength from a laser by a frozen dilute polymer/solvent mixture. Ideally, the sacrificial host 

solvent is chosen such that it absorbs the majority of the laser energy, thereby minimizing or 

altogether avoiding the photochemical degradation of the guest polymer. Together with its 

advantages of being a vacuum-based deposition technique, the MAPLE technique enables the 

production of films with unique morphologies and associated physical properties.
13,14

 With its 

unprecedented capabilities, MAPLE has readily been exploited for growing thin polymer films 

for a wide range of applications including sensors,
15,16

 drug delivery and medical implants.
17

 

Recently, promising findings have also been reported for the use of MAPLE in depositing 

conjugated polymers for solar cells, organic light emitting diodes and other organic electronic 

applications.
18–26

 Although operational devices have been made, the detailed molecular structure 

and the fundamental connection between processing, morphology and transport in those devices 

are still poorly understood.  

In our prior work, we investigated the carrier transport properties of MAPLE-deposited 

poly(3-hexylthiophene) (P3HT) films in connection with the unique morphology in an effort to 

understand carrier transport characteristics of devices fabricated by the MAPLE technique. UV-

vis absorption spectroscopy indicated that MAPLE-deposited samples possessed higher degrees 

of morphological disorder, compared to their spin-cast analogs. Notably, MAPLE-deposited 

P3HT films exhibited comparable in-plane mobilities but significantly lower out-of-plane 

mobilities than those of spin-cast analogs, due to the unequal influences of disorder on in- and 

out-of-plane transport.
18

 However, in order to further understand the structure-function 

relationship in MAPLE-deposited conjugated polymer films, a detailed study on molecular 

structure has yet to be done.  
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Using grazing-incidence wide angle X-ray scattering (GIWAXS), we investigate the 

structure of MAPLE-deposited P3HT films on various types substrates and compare the results 

to films produced using conventional spin-casting. Three common substrates for organic 

electronic devices were used: SiO2/Si, octyltrichlorosilane (OTS)-treated SiO2/Si, and poly(3,4-

ethylenedioxythiophene) polystyrene sulfonate (PEDOT)/indium tin oxide (ITO)/glass. The 

GIWAXS studies, complemented by variable angle spectroscopic ellipsometry (VASE) 

measurements, reveal that MAPLE-deposited samples possess a higher degree of disorder, with 

more random orientations of polymer crystallites along side-chain stacking, π-π stacking and 

conjugated backbone directions. Unlike solvent-cast films, the morphologies of the MAPLE-

deposited films are independent of the substrate onto which they are deposited.  These studies 

provide important new insights into the mechanism of film formation of MAPLE-deposited 

semicrystalline conjugated polymer films in connection to in-plane charge carrier transport 

properties.  

4.2. EXPERIMENTAL 

4.2.1. Sample Preparation  

  All substrates used in this study were cleaned by ultrasonication in an Alconox
®
 

detergent solution, DI water, acetone, hot Hellmanex
®
 solution and 2-propanol for 5 min each, 

followed by UV-ozone treatment for 20 min. Thin film transistor (TFT) measurements were 

performed on polymer films deposited on highly doped Si with 300 nm of thermally-grown SiO2. 

GIWAXS measurements were performed on polymer films deposited on 3 different substrates: 

Si with 300 nm of thermally grown SiO2 (SiO2/Si), octyltrichlorosilane (OTS)-treated SiO2/Si 

and indium tin oxide (ITO)/glass coated with a layer of poly(3,4-ethylenedioxythiophene) 

polystyrene sulfonate (PEDOT). The self-assembled monolayer of OTS (Sigma-Aldrich) was 
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grown on top of the Si/SiO2 substrate by immersing the substrate in a mixture of OTS and 

hexadecane (1:250 by volume) for 14 hours while stirring. A smooth OTS layer was formed on 

top of the Si/SiO2 substrate as confirmed by Atomic Force Microscopy (data not shown). 

PEDOT/ITO/glass substrates were fabricated by spin-casting filtered PEDOT solution (Clevios 

PH 500) onto the cleaned ITO/glass substrates and annealed at 130 °C for 20 min before polymer 

deposition. The ellipsometric measurements were performed on films supported by Si substrates 

possessing different thermal oxide layer thicknesses. 

  Solutions of P3HT (Rieke Metal, ∼95% regioregularity, Mw = 50 000 g·mol
−1

) were 

prepared by dissolving the polymer in 1,2-dichlorobenzene with concentration 10 mg/ml and 

shaken overnight before filtering with a 0.45 μm filter. The filtered solutions were then spun onto 

the prepared substrates at 600 rpm for 2 min to make spin-cast films. For OTS-treated substrates, 

the P3HT solutions were left to stand on the substrates for several minutes before spin-casting 

due to the poor wettability of OTS.  

  Our MAPLE deposition system was purchased from PVD Products, equipped with an 

Er:YAG laser (Quantel) that produces a wavelength of 2.94 µm. We exploited an emulsion-

based approach pioneered by the Stiff-Roberts’s group.
21

 In this strategy, the polymer is first 

dissolved in 1,2-dichlorobenzene (5 mg/ml), then mixed with benzyl alcohol and deionized (DI) 

water (containing 0.005 wt.% sodium dodecyl sulfate surfactant) at a 1:0.3:3 ratio, and then 

shaken and ultrasonicated to generate a homogeneous emulsion. The emulsion was injected into 

a pre-cooled target cup (ca.−170 °C); once it was fully frozen, the chamber was pumped in a 

high vacuum to a pressure < 2 × 10
−5

 Torr. To maintain relatively uniform/consistent ablation 

over the course of deposition, the target was subjected to a constant rotation, while the laser 

(fluence ∼1.3 J/cm
2
 at a repetition rate of 5 Hz) was rastered across the surface. The substrates 
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were suspended in face-down at a height of 5.5 cm above the target, and were also kept at a 

constant rotation to achieve uniform deposition. The deposition time was approximately 5 hours. 

Film thicknesses of all spin-cast and MAPLE samples in this study were kept at ca. 80 nm, as 

confirmed by both AFM and spectroscopic ellipsometry.  

4.2.2. In-plane mobility measurements 

 Top-contact, bottom-gate transistor configurations were used to fabricate transistors for 

in-plane mobility measurements. Thin film transistors were made by depositing polymer on top 

of OTS-treated substrates. After deposition of polymer films, source and drain gold electrodes 

(Kurt J. Lesker, 99.99%) were vacuum-deposited on top of the polymer film at a rate of 0.5 A/s 

to fabricate transistors having channel length and width of 50 µm and 500 µm, respectively.  In-

plane hole mobility (μ) was measured using the Agilent 4156C Parameter Analyzer. The hole 

mobility  was extracted from the drain current IDS by fitting the transfer curve in the saturation 

regime (VD = -80 V) using the following equation:  

2( )
2

i
DS g t

WC
I V V

L
   

 In this equation, W and L are the channel width and length, Ci = 10 nF/cm
2
 is the 

capacitance per unit area of the insulating SiO2 layer, Vg and Vt are the gate and threshold voltage, 

respectively. The experiments were conducted in a vacuum cryostat (Janis Inc.) at specific 

temperatures controlled by a Temperature Monitor (LakeShore Cryotronics).  

4.2.3. Grazing incidence wide angle X-ray scattering (GIWAXS) 

 All samples were measured at beamline 8-ID-E of the Advanced Photon Source 

(Argonne National Laboratory) with 7.35 keV (λ = 0.16868 nm) synchrotron radiation at an 

incidence angle of 0.21°, in ambient air.
27

 The off-specular scattering was recorded with a Pilatus 
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1MF pixel array detector (pixel size = 172 µm) positioned 204 mm from the sample. The 

measurement time was 10 sec per frame, which is short enough to avoid damage to the 

structure,
28

 and data were acquired from 6 positions. Each data set was stored as a 981x1043 32-

bit tiff image with 20-bit dynamic range.  The Pilatus detector has gaps along the horizontal axis 

that result in bands of missing data. To fill these gaps, the sample was moved to a fresh spot after 

each exposure, and measured again with the detector at a new vertical position. The gaps were 

filled by splicing the data from the two detector positions. This procedure is implemented using 

the GIXSGUI package for MATLAB.
29

 Signal-to-noise was improved by taking the sum of six 

data sets, which were output as intensity maps in (qy, qz)-space also by using the GIXSGUI 

package. The GIXSGUI package was used to correct the spectra for detection efficiency, the 

polarization effect and solid-angle variation. 

 In order to construct partial pole figures, wedge cuts with an angular breadth of 2° were 

extracted from each GIWAXS data set for detector angles in the range of 90° (vertical cut) up to 

180° (horizontal cut). Each wedge cut was fit to an empirical baseline function to subtract the 

background intensity.
30

 The integrated intensity of each peak is reported as a function of the 

polar angle (χ) between the scattering vector and pole vector.
31

 More details of partial pole figure 

construction can be found in the results and discussion section.  

4.2.4. Variable Angle Spectroscopic Ellipsometry (VASE) 

 VASE measurements were performed using the M-2000 Ellipsometer (J. A. Woollam 

Co.) on identical polymer films prepared on 4 different Si substrates. One substrate possessed a 

native layer of SiO2 and the other 3 possessed a layer of thermally grown SiO2 ; the thicknesses 

of each layer were 300, 500 and 750 nm (Encompass Inc.). VASE measurements were 

performed in the reflection mode at 5 angles: 55°, 60°, 65°, 70° and 75°. The complex 
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reflectance ratio of the reflected and incident light polarization states are presented in terms of 

the ellipsometric angles Ψ and Δ. The thickness and optical constants of P3HT were determined 

by iteratively fitting Ψ and Δ using the CompleteEASE software, also provided by J. A. Woollam 

Co. The optical constants of Si, native oxide and thermally grown SiO2 were taken from 

CompleteEASE software’s library database. The multi-sample analysis and interference 

enhancement methods were necessary to increase the uniqueness of the fits due to the strong 

correlations between the fitting parameters. 
32

 More details of the fitting procedure can be found 

in the result and discussion section. 

4.2.5. Atomic Force Microscopy (AFM) 

 Topographical images of the top and buried interfaces of P3HT films were probed using 

an Asylum Research MFP-3D stand-alone AFM in tapping mode with a CT300-25 Aspire probe 

(spring constant 40 N/m and radius of curvature of 8 nm). The buried interfaces were revealed by 

delaminating P3HT films from the SAM-treated SiO2 substrates using a featureless 

poly(dimethyl siloxane) (PDMS) (Dow Corning Sylgard 184) stamp.  

4.3. RESULS AND DISCUSSIONS 

  This section is divided into two main parts. We begin by describing the structures of 

MAPLE and spin-cast films, determined by GIWAXS, VASE and AFM.  We then discuss the 

role of structure on electronic transport, and the implications for film forming mechanism.  
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4.3.1. GIWAXS 

 

Figure 4.1. Diffraction patterns of (a),(b),(c) spin-cast and (d), (e), (f) MAPLE films deposited on 

SiO2/Si, OTS-treated SiO2/Si and PEDOT/ITO/glass substrates.   

 GIWAXS experiments provide information about the molecular packing symmetry, 

lattice parameters, crystallite orientation distributions, and relative degree of crystallinity of 

MAPLE and spin-cast samples. Shown in Figure 4.1 are GIWAXS patterns of MAPLE and spin-

casted films supported by SiO2/Si, OTS-treated SiO2/Si and PEDOT/ITO/glass substrates; 

hereafter the substrates will be denoted as SiO2, OTS and PEDOT, respectively. The diffraction 

patterns of films fabricated on different substrates using the same technique are qualitatively 

similar. As seen in Figure 4.1, for all spin-cast samples the (100) diffraction peak across the side-

chain stacking direction is strongest along the out-of-plane (qz) direction, and the (010) 

diffraction peak across the π-stacking direction is observed along the in-plane (qxy) direction, 

indicating a strong bias towards the edge-on crystallite orientation.
33

 In contrast, films prepared 
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by MAPLE exhibit (100) and (010) diffraction peaks along both in-plane and out-of-plane 

directions, suggesting a more random distribution of polymer crystallite orientations.  

 

Figure 4.2: (a)(b)(c) Out-of-plane (vertical) and (d)(e)(f) in-plane (horizontal) diffraction signals 

of MAPLE and spin-cast samples on 3 different substrates. The diffraction intensity of MAPLE 

and spin-cast samples in each plot are offset vertically for clarity. Insets of (a)(b)(c) and (d)(e)(f) 

show superimposed line shapes of (100) and (010) diffraction peaks of MAPLE and spin-cast 

films on the corresponding substrates. Line shapes of (100) peaks were taken from the vertical 

line cuts, line shapes of (010) peaks were taken from the horizontal line cuts. The (010) 

diffraction peaks of MAPLE samples were calculated via multi-peak fitting to subtract the 

diffraction intensities of the adjacent peaks.   

 Figure 4.2 reports the intensity profiles along the out-of-plane (qz) and in-plane (qxy) 

directions. The out-of-plane intensity profiles were extracted from a detector angle of ω = 0º 

(vertical). The in-plane intensity traces were measured at a detector angle of ω = 83º (nearly 

horizontal) instead of 90º (horizontal), because at 90º the data are noisier and partially obscured 

due to standing waves. Similar to visual inspection of the raw data, the intensity traces reveal 

clear differences in crystallite orientations between MAPLE and spin-cast films. For the spin-

cast films, the (100) and (010) peaks are detected along the out-of-plane and in-plane axes, 
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respectively, which indicates the edge-on crystallite orientations. On the other hand, for the 

MAPLE-deposited films, the (100) and (010) reflections appear along both directions indicating 

a more random orientation of crystallites. Furthermore, as shown in the insets of Figure 4.2, the 

(100) and (010) line shapes appear to be broader for the MAPLE-deposited samples than for the 

spin-cast samples; this is indicative of a shorter crystal coherence length both in the side-chain 

and π-stacking directions.  We note that the crystal coherence length here is not exactly equal to 

the crystallite dimension because factors such as paracrystallinity could also contribute to the 

broadening of the diffraction peaks.
34,35

 Identifying the exact origins of the peak broadening 

requires more sophisticated line-shape analysis
34,36

 which is beyond the scope of our study. 

Nevertheless, we suspect that the broadening of diffraction peaks in MAPLE-deposited samples 

compared to spin-cast samples at least partially originates from the greater disordered 

morphology as suggested by AFM and UV-vis absorption spectroscopy measurements, reported 

earlier from our previous study.
18

  

 The peak positions (qexp) observed in both MAPLE and spin-cast samples are 

summarized in Table 4-1. Within experimental error, the peak positions are identical for all 

MAPLE and spin-cast samples deposited on all substrates. Interestingly, together with the 

commonly observed (h00) and (0k0) diffraction peaks, we also observe a weak peak at ca. 1.5 Å
-

1
 in the qxy direction of MAPLE samples, indicated by the arrows in Figure 4.2(d) and (e). This 

feature may be a mixed-index peak, which is consistent with a model based on a monoclinic unit 

cell as described by others.
37,38

 The monoclinic unit cell has lattice parameters of a = 16.1 Å, b = 

7.6 Å, c = 7.6 Å, corresponding to the lamellar stacking axis, π-stacking axis and backbone 

direction, respectively. The typical angles for this monoclinic model of P3HT are α = β = 90° 

and γ = 93.5°. (The angle γ is between a and b axes).
37

 Table 1 provides a comparison of the 
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observed and predicted peak positions. We index the peak at ca. 1.5 Å
-1

 in MAPLE samples as a 

(310) reflection based on this monoclinic cell. It should nevertheless be emphasized that this 

assignment is very tentative, and more mixed index peaks are needed to verify the model. 

However, it is important to note that the mixed index peaks are observed exclusively in MAPLE 

samples in this work and only reported in a few literature studies on P3HT.
37–40

 Although there 

were some examples of mixed index peaks observed in spin-cast P3HT samples,
39,40

 they were 

all fabricated using chloroform, a solvent known to produce highly disordered morphology due 

to its high volatility.
41

 The appearance of mixed index peaks solely in MAPLE-deposited 

samples thus might suggest higher degree of chain folding and twisting in P3HT films deposited 

by MAPLE technique compared to those deposited by the spin-cast analog.
42

  

Table 4-1: Summarized peaks position observed on MAPLE and spin-cast samples together with 

predicted peak positions based on the monoclinic unit cell with a = 16.1 Å, b = 7.6 Å, c = 7.6 Å, 

α = β = 90° and γ = 93.5°. 

(hkl) qexp (Å
-1

), spin-cast qexp (Å
-1

), MAPLE qpred (Å
-1

) 

(100) 0.39 0.39 0.39 

(200) 0.78 0.78 0.78 

(300) 1.18 1.18 1.17 

(010) 1.67 1.67 1.67 

(002) 1.67 1.67 1.66 

(310) Not observed 1.48 1.48 

 

 To quantify the molecular orientation distribution and relative degree of crystallinity 

(DoC) of all samples, partial pole figures of (100) reflections were constructed as a function of 

the polar angle χ between the scattering vector q100 and the substrate normal (Figure 4.3(a)). In 

GIWAXS measurement, the detector angle ω is not exactly equal to the polar angle χ because the 

Ewald sphere is curved, as pointed out previously.
31,43,44

  The polar angle for the (100) reflection 

was calculated from each detector angle using the GIXSGUI package.
29

 The integrated intensity 
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at each polar angle was scaled by sin(χ) to correctly quantify the population of crystallites with a 

particular orientation.
31,44

 Shown in Figure 4.3(b) and (c) are the geometrically corrected partial 

pole figures of (100) reflection of spin-cast and MAPLE-deposited samples on 3 different 

substrates. The range of polar angles χ accessible with our experimental configuration is 3.2° up 

to approximately 85° for the (100) reflection. Data at higher angles are impacted by standing 

waves and thus excluded from the analysis, while data are lower angles cannot be resolved since 

the reciprocal lattice vector does not intersect with the Ewald sphere in this regime.
31

   

 

Figure 4.3. (a): Illustration of the polar angle χ, defined as the angle between the substrate 

normal and the scattering vector along the side-chain direction q100. (b), (c): geometrically 

corrected pole figures for (100) reflection of spin-cast and MAPLE samples deposited on three 

different substrates. The gray-shaded areas in figure (b) and (c) denote the non-measurable 

regime of the experiments. The error bars are calculated from a propagation of errors approach 

that includes uncertainty in baseline correction and peak integration. The solid lines represent the 

best fits of the data to an empirical function. The axis scale of (b) and (c) plots are set to the same 

range for ease of comparison.  

 For P3HT films deposited by both techniques, pole figures of samples deposited on 

PEDOT/ITO/glass substrates appear to be noisier than those on SiO2 and OTS-treated SiO2 

substrates, likely due to the comparative roughness of the PEDOT/ITO surfaces. All spin-cast 

samples exhibit a large population of crystallites with average orientation near χ = 0º, which is 

consistent with an edge-on orientation where alkyl side-chains are nearly perpendicular to the 
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substrate. In stark contrast, MAPLE samples exhibit a broad population of crystallite orientations 

with a very weak bias towards χ = 0º (edge-on) and χ = 90º (face-on).  This outcome agrees with 

visual inspection of raw detector images in Figure 4.1 and horizontal and vertical line cuts shown 

in Figure 4.2. Furthermore, while samples spun on OTS and PEDOT exhibit larger edge-on 

populations than samples spun on SiO2, as evidenced by higher intensity toward χ = 0º, there are 

no significant differences in the orientation distributions of the (100) reflections across the 

MAPLE-deposited counterparts.  These results suggest that the average structure in spin-cast 

films is highly sensitive to the substrate chemistry, whereas the average structure in MAPLE 

deposited films is relatively independent of substrate chemistry. 

 In order to permit a comparison of the degrees of crystallinity (DoC) of the samples, a 

series of samples having the same thicknesses h ~ 80 nm, confirmed by both ellipsometry and 

AFM, were prepared. X-ray exposure time and beam footprint size were made the same for all 

samples in order to further facilitate accurate DoC comparison.
31

 The pole figures were fitted 

using two Lorentzian functions centered near χ = 15º and χ = 90º, corresponding to diffraction 

from edge-on and face-on populations, respectively. Assuming that the data may be smoothly 

extrapolated to χ = 0º and 90º, integrating the intensity for the whole range of χ demonstrates that 

relative DoC of spin-cast samples is 1.6:1.3:1 for PEDOT, OTS, and SiO2, respectively. 

However, the DoC is identical within experimental uncertainty for MAPLE films deposited on 

the three substrates. Similar to the distributions of crystallite/aggregate orientations, the DoC also 

exhibits distinct substrate dependent behaviors, based on the fabrication techniques. This result is 

consistent with our previously reported findings that the in-plane mobility in MAPLE-deposited 

transistor devices is not as sensitive to the substrate chemistry as their spin-cast counterparts.
18
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 Some limitations of our analysis should be noted. First, GIWAXS measures the average 

structure throughout the thickness of the film, so it is possible that crystallite orientations and 

DoC at the buried interface of MAPLE-deposited films may differ from the bulk. Second, 

because data for χ < 3.2º could not be resolved, crystallites with smaller polar angles are 

undetectable within our experiment set-up, as indicated by the gray-shaded areas in Figure 4.3(b) 

and (c). Therefore, some of the very highly edge-on oriented crystallites in spin-cast film on OTS 

substrate might have not been captured,
45

 so it is possible that the DoC of  this sample was 

underestimated. However, such highly oriented crystallites in MAPLE samples are unlikely 

because of the highly disordered structure in MAPLE samples, evidenced by (i) heterogeneous 

globular morphology,
18

 (ii) broad distribution of conjugation length
18

 and (iii) random 

orientation of polymer chains determined by both GIWAXS and VASE measurement, as will be 

discussed in the following.  

4.3.2. Variable angle spectroscopic ellipsometry measurements  

 Spectroscopic ellipsometric measurements were performed to determine the average 

orientation of the conjugated polymer backbones with regard to the underlying substrates. For all 

MAPLE and spin-cast samples, the best fits were achieved by employing the uniaxial anisotropic 

model, which assumes different dielectric functions for the in- and out-of-plane direction, but no 

preferred orientation within the xy plane, i.e. ε”xx = ε”yy  (in-plane)≠ ε”zz (out-of-plane). No 

significant differences were observed between the complex permittivities of P3HT films 

fabricated by the same technique on the three substrates. The representative imaginary parts of 

complex permittivity ε” of MAPLE and spin-cast samples on SiO2 substrate are plotted in Figure 

4.4. 
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 It is evident that the shape of the in-plane component in MAPLE-deposited film is less 

defined than that for spin-cast film, indicating a wider distribution of conjugation lengths in 

MAPLE-deposited sample. This is consistent with our previously reported finding using UV-vis 

absorption spectroscopy.
18

 Both samples exhibit pronounced anisotropic behavior with stronger 

in-plane than out-of-plane imaginary permittivities. This is indicative of the tendency of the 

polymer chains to lie parallel to the substrates, which has been widely observed in spin-cast 

conjugated polymers.
35,46,47

 The MAPLE-deposited sample, however, exhibits a relatively 

stronger out-of-plane component as compared to the spin-cast counterpart, suggesting that the 

polymer chains in MAPLE samples are oriented more randomly. To quantify the orientation of 

the polymer chains, we compute the dichroic ratio R, defined as the ratio of the out-of-plane to 

the in-plane imaginary permittivity at ca. 610 nm (R = ε”out-of-plane / ε”in-plane ); this position 

corresponds to the π−π* transition dipole moment in P3HT.
47

 The dichroic ratio R provides a 

measure of the average orientation of the polymer backbone, where R = 1 corresponds to a 

Figure 4.4: In-plane and out-of-plane imaginary permittivities ε” of (a) spin-cast and (b) 

MAPLE films. The arrows indicate the aggregate shoulders in P3HT film.  
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completely isotropic sample and R = 0 corresponds to a film in which all the polymer chains lie 

parallel to the substrate. The observed dichroic ratio of spin-cast P3HT film is 0.12, suggesting a 

predominantly in-plane orientation of polymer chains in spin-cast films. The dichroic ratio of the 

MAPLE-deposited film is 0.41, which is significantly higher than that of spin-cast films and 

comparable to the value reported for spin-cast amorphous films.
47

 Interestingly, while the shape 

of ε”in-plane  and ε”out-of-plane  spectra appears similar for MAPLE sample, those of spin-cast 

samples differ significantly. In spin-cast samples, the vibronic shoulders that corresponding to 

aggregate absorption of P3HT
48

 (indicated by the dashed arrows in Figure 4.4(a)) are 

considerably suppressed in the out-of-plane direction, suggesting that the microstructure 

corresponding to the out-of-plane direction is much more disordered than the one corresponding 

to the in-plane direction. The resemblance of in- and out-of-plane spectra of MAPLE samples on 

the other hand indicates that the structure in the in- and out-of-plane directions are similar.
49

  

4.3.3. AFM 

 

Figure 4.5: 10 x 10 μm AFM images of MAPLE-deposited P3HT’s (a) top and (b) bottom 

(buried) interfaces. The samples were deposited on top of an OTS-treated substrate. The scale 

bar is 2 μm. The roughness for top and bottom interface is 24 nm and 13 nm, respectively.  
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 Because GIWAXS and VASE measure only the average morphologies across the entire 

film thickness, AFM measurements were performed to learn about the morphologies at the top 

and bottom interfaces of MAPLE-deposited samples.  Shown in Figure 4.5(a) is the top surface 

of a MAPLE-deposited P3HT films on an OTS-treated SiO2 substrate. The surface of the film 

exhibits a roughness of ca. 24 nm, consisting of globular features with diameters ranging from 

10 to 200 nm. This type of rough and inhomogeneous globular morphology is consistent with 

previous reports of MAPLE films, originating from the mechanisms of target ablation causing 

the polymer and solvent clusters to be ejected towards the substrate.
50

 Surprisingly, the AFM 

scan of the flipped film (substrate interface), shown in Figure 4.5(b), exhibits a very different 

morphology - no globular structures were observed and the surface is smoother, with a roughness 

of ca. 13 nm. Similar observations were made of MAPLE-deposited films on SiO2 (data not 

shown). This is not surprising since the polymer clusters that come in contact with the hard 

substrate are highly compliant. They may “crash” onto the hard substrates upon arrival and the 

force of impact resulting in flattened features observed in the AFM images of the flipped films. 

4.3.4. Implication of morphology on transport characteristics 

 

Figure 4.6: (a)(b) Exemplary transistor transfer characteristics of spin-cast and MAPLE samples 

measured in saturation regime (Vdrain = -80V) at three different temperatures. The dashed lines 

represent the fit of the linear regime from which the in-plane mobilities are calculated. (c) 

Arrhenius plot of in-plane mobility of both MAPLE and spin-cast samples. The transport 

activation energies Ea are shown in the plot. 



100 

   

In order to understand the role of the morphology of the film on carrier transport, we 

measured the temperature dependence of in-plane carrier mobility by fabricating bottom-gate 

top-contact thin film transistors (TFTs) on OTS-treated substrates. Figure 4.6(a) and (b) depicts 

the transistor transfer characteristics in the saturation regime (Vdrain = -80V) at three different 

temperatures of spin-cast and MAPLE samples, respectively. It can be immediately seen that for 

both samples, the drain current rises with increasing temperature, suggesting higher carrier 

mobilities at higher temperature. This is indicative of thermally activated charge transport 

characteristics typically observed in organic semiconductors. Despite the seemingly unfavorable 

molecular orientation (less in-plane orientation of the backbone and π-π stacking) and the highly 

disordered morphology, the MAPLE-deposited sample exhibits very similar field-effect transport 

properties to the spin-cast sample with comparable or even superior in-plane carrier mobilities at 

all temperatures within the range tested. The activation energies Ea calculated from the Arrhenius 

equation are 56 and 54 meV for MAPLE and spin-cast samples, respectively. These numbers are 

close to the transport activation energies of many high performing polymers used in TFT in 

literature such as pBTTT, high molecular weight P3HT, as well as many other high mobility 

donor-acceptor copolymers.
35,51,52

 This implies that TFT transport in both MAPLE-deposited 

sample and spin-cast sample, despite their morphological dissimilarity, might be limited by the 

same process that governs the activation energies. 

The reasons for the comparable mobilities may be better understood from the following. First, 

GIWAXS and VASE measurements are only sensitive to the morphology of the bulk and 

therefore do not reflect the morphology near the buried interface where carrier transport in TFT 

transistors is known to occur.
53

 It could be that in MAPLE samples, the molecular order near the 

substrate is more favorable for in-plane transport than the bulk. We showed evidence that the 
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topography of the polymer layer within the close vicinity of the dielectric interface is 

significantly different from the top. This layer may consist of aggregates with the conjugated 

backbone oriented parallel to the substrate or aggregates with strong edge-on orientations. An 

alternative explanation is that the absence of significant long-range order or highly oriented 

aggregates might not necessarily be detrimental for carrier transport, which has been increasingly 

observed in many recently engineered high mobility polymers
35,54,55

 In other words, the transport 

may be somewhat resilient to the structure. Due to the lack of long-range order, macroscopic 

charge migration in conjugated polymer films relies on the combination of fast transport of 

carriers along polymer backbone (intrachain transport) and relatively slower hopping transport 

across π-stacking direction (interchain transport). It was recently proposed that efficient long-

range charge transport across conjugated polymer films only requires short-range intermolecular 

aggregation of a few polymer chains.
56,57

 As discussed in our previous publication, despite the 

very different morphologies, the UV-vis absorption spectrum and the extracted conjugation 

lengths of MAPLE-deposited film are very similar to those of spin-cast films.
18

 This suggests 

that at a very local scale, the chain aggregation behavior in MAPLE samples is similar to spin-

cast samples.  Here, such local aggregation is demonstrably sufficient for facile carrier transport 

in highly disordered MAPLE samples.  

4.3.5. Implication of morphology on film forming mechanism 

 Unlike spin-cast samples, the average molecular orientation and DoC of MAPLE-

deposited P3HT samples appear independent of the substrate chemistry, suggesting that different 

mechanisms drive the film formation compared to solvent-casting techniques. Both experiments 

and simulations suggest that film growth in MAPLE involves 3 different steps: (i) ejection of 

plumes of solvent-polymer droplets due to explosive decomposition of the solvent molecules 
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after absorbing the energy from the laser pulses, (ii) rapid removal of solvent molecules from the 

solvent-polymer droplets during transport from target to substrate and (iii) deposition of the 

remaining polymer globules onto the substrate.
50,58,59

 Therefore, the formation of P3HT 

aggregates may occur during two distinct stages in the deposition process. In one case, they may 

form prior to arrival at the substrate, either in the frozen target or during the transfer from target 

to substrate. In another case, the aggregates may form subsequent to deposition of P3HT 

globules atop the substrate. To date, the exact origin and mechanism of aggregates formation in 

MAPLE-deposited conjugated polymer films remains elusive.  

 Based on our results, we hypothesize that most of the aggregates form prior to deposition 

at the substrate. This hypothesis is supported by several key observations. First, the DoC and 

orientation of the MAPLE films are independent of the substrate chemistry, suggesting that there 

is little or no nucleation, aggregation, or crystallization after the globules arrive at the substrate. 

Second, the random orientation of polymer aggregates in the films suggests there is little 

interaction with the substrate during aggregate formation. This assumption is further 

corroborated by the line shape of ε”in-plane  and ε”out-of-plane obtained from VASE measurement 

(Figure 4.4). For spin-cast samples, the aggregate shoulders in ε”out-of-plane are considerably 

weaker than those in ε”in-plane , revealing significant chain disorder in the out-of-plane directions. 

This reflects the preferred growth in the in-plane direction of the conjugated backbone in the 

aggregates. On the other hand, the similar line shape of ε”in-plane  and ε”out-of-plane in MAPLE-

deposited samples indicates no preference in the growth direction of the aggregates, providing 

further evidence that  aggregate formation is not impacted by interactions with the substrate.  

 Finally, we would like to point out that since MAPLE films are formed from merging of 

discrete globular units overlapping one another, it is possible that only the near-substrate layer 
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would exhibit substrate-sensitive morphological differences. Thus, we expect to see a stronger 

substrate dependence behavior upon decreasing the film thickness towards the globule size, 

because self-assembled monolayers (SAMs) such as OTS are known to have localized effect on 

polymer structure.
45

 A thorough examination on film forming mechanism therefore should 

motivate a thickness dependence study of polymer structure on different substrates and will be 

the subject of our investigations in the near future.        

4.4. CONCLUSION 

 In this work, we compared molecular structure of MAPLE-deposited P3HT films and 

spin-casted P3HT films on 3 different substrates:  OTS, SiO2 and PEDOT. GIWAXS data 

showed higher degrees of disorder and a more random orientation of polymer crystallites in all 

MAPLE-deposited samples compared to spin-cast counterparts. Additionally, VASE 

measurements revealed little overall preferential orientation of the conjugated polymer backbone 

in MAPLE films, further highlighting the highly disordered structure in films deposited by the 

MAPLE technique. Partial pole figures from GIWAXS measurements indicated a negligible 

dependence of average polymer morphology on substrate chemistry of MAPLE-deposited films 

compared to the spin-cast analogs. MAPLE-deposited samples exhibited identical average 

structures on all substrates, whereas spin-cast samples prepared on PEDOT and OTS showed 

higher degrees of crystallization and more edge-on orientations of polymer crystallites than the 

sample prepared on SiO2. The implications of the morphology on charge transport were 

illustrated with temperature dependent studies of field-effect mobilities, yielding results 

suggesting that structural disorder or unfavorable molecular orientations revealed by GIWAXS 

and VASE may not be the limiting factors for in-plane carrier transport. These results also 

supported our proposed mechanism of the film formation in MAPLE films, specifically, that the 
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aggregates nucleate and form prior to reaching the substrate. Future efforts involving 

manipulation of molecular order in MAPLE films will focus on factors such as controlling the 

degree of π-stacked aggregates in the emulsion rather than changing the chemistry of the 

underlying substrates. 
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Chapter 5 : CRYSTALLIZATION MECHANISM AND 

CHARGE CARRIER TRANSPORT IN MAPLE-

DEPOSITED CONJUGATED POLYMER THIN FILMS 

Adapted from: 

Dong, B. X.; Strzalka, J.; Li, H.; Stein, G. E.; Green, P. F. Crystallization Mechanism and 

Charge Carrier Transport in MAPLE-Deposited Conjugated Polymer Thin Films. Manuscript 

under review 

5.1. INTRODUCTION 

In chapter 4 we have showed that the structure of MAPLE-deposited conjugated polymer 

film is highly disordered, yet the devices made from MAPLE-deposited films still exhibit 

superior in-plane transport characteristics. Moreover, for films with thickness of approximately 

80 nm, the degree of crystallinity and molecular orientation in MAPLE-deposited samples are 

insensitive to the substrate chemistry, which is in stark contrast to the conventional spin-cast 

technique.
1,2

 Our preliminary findings suggest different crystallization mechanism driving film 

formation in MAPLE compared to solvent-based methods. However, since MAPLE films are 

formed from merging of discrete globular units overlapping one another, it is possible that only 

the near substrate layer would exhibit substrate-sensitive morphological differences.  

To this end, in this work we investigate the structural evolution of poly(3-

hexylthiophene) (P3HT) films during the course of MAPLE-deposition on two different types of 

substrates:  SiO2/Si and octadecyltrichlorosilane (OTS)-treated SiO2/Si substrates to further 

elucidate the crystallization process in MAPLE. Construction of complete X-ray diffraction pole 
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figures allows one to discern that in MAPLE-deposited samples, there exist two crystallite 

populations: one of highly-oriented crystals growing directly from the polymer/dielectric 

interface and one of misoriented crystals growing on top of existing polymer layers. Interestingly, 

the substrate chemistry exerts distinct effects on the two types of crystallites. We show that 

compared to misoriented crystals, the growth of highly-oriented crystals depends more 

significantly on the substrate chemistry. Treating the dielectric substrate with OTS shows to 

enhance the population as well as the crystallite coherence length of highly-oriented crystal; the 

effect of OTS treatment on misoriented crystal is weaker. Complementary in-plane mobility 

measurement highlights the importance of the highly-oriented crystals at the buried interface in 

dictating transport in organic thin-film transistor.    

5.2. EXPERIMENTS 

5.2.1. Sample Preparation  

  All substrates used in this study were cleaned by ultrasonication in an Alconox
®
 

detergent solution, DI water, acetone, hot Hellmanex
®
 solution and 2-propanol for 5 min each, 

followed by UV-ozone treatment for 20 min. Wide angle X-ray scattering (WAXS), thin-film 

transistor (TFT) and atomic force microscopy (AFM) measurements were performed on polymer 

films deposited on highly doped Si with 300 nm of thermally-grown SiO2. UV-vis absorption 

measurement was performed on polymer films deposited on top of glass substrates. For all 

measurements, the substrates were used either as non-treated (bare) or treated with a self-

assembled monolayer (SAM) of octadecyltrichlorosilane (OTS). OTS was grown on top of the 

Si/SiO2 and glass substrates by immersing the substrates in a mixture of OTS and hexadecane 

(1:250 by volume) for 14 hours while stirring. A smooth OTS layer was formed on top of the 

Si/SiO2 substrate as confirmed by AFM and contact angle measurements (data not shown).  
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  Our MAPLE deposition system was purchased from PVD Products, equipped with an 

Er:YAG laser (Quantel) that produces a wavelength of 2.94 µm. To fabricate polymer films, we 

exploited the emulsion-based approach.
3
 The solution of P3HT (Rieke Metal, ∼95% 

regioregularity, Mw = 50 000 g.mol
−1

) were first prepared by dissolving the polymer in 1,2-

dichlorobenzene (concentration 5 mg/ml) and shaken overnight before filtering with a 0.45 μm 

filter. In the next step, the P3HT solution was mixed with benzyl alcohol and deionized (DI) 

water (containing 0.005 wt.% sodium dodecyl sulfate surfactant) at a 1:0.3:3 ratio, and then 

shaken while ultrasonicated to generate a homogeneous emulsion. The emulsion was injected 

into a target cup pre-cooled by liquid nitrogen (ca.−170 °C). Once it was fully frozen, the 

chamber was pumped in a high vacuum to a pressure < 2 × 10
−5

 Torr. To maintain relatively 

uniform/consistent ablation over the course of deposition, the target was subjected to a constant 

rotation, while the laser (fluence ∼1.3 J/cm
2
 at a repetition rate of 5 Hz) was rastered across the 

frozen surface of the target polymer emulsion. The substrates were suspended in face-down at a 

height of 5.5 cm above the target, and were also kept at a constant rotation to further achieve 

uniform deposition. The deposition times were kept from 3 min to 180 min to fabricate films 

with different thicknesses. 

5.2.2. Wide angle X-ray scattering (WAXS)  

 WAXS measurements were performed at beamline 8-ID-E of the Advanced Photon 

Source (Argonne National Laboratory) with 10.86 keV (λ = 0.11416 nm) synchrotron radiation.
4
 

The measurement time was 4 sec per frame, which is short enough to avoid damage to the 

structure but sufficiently long to ensure high signal-to-noise ratio.
5
 Samples were enclosed and 

measured inside a low vacuum chamber (10
-3

 mbar) to further minimize concerns about radiation 

damages as well as prevent extraneous scattering from ambient air. For each sample, 4 data sets 



113 

   

were taken from 4 different spots on the sample and then averaged in order to further enhance 

signal-to-noise ratio. The off-specular scattering was recorded with a Pilatus 1MF pixel array 

detector (pixel size = 172 µm) positioned 228 mm from the sample. Each data set was stored as a 

981x1043 32-bit tiff image with 20-bit dynamic range.  The Pilatus detector has rows of inactive 

pixels at the border between detector modules.. To fill these gaps, after each measurement the 

detector was moved to a new vertical direction and the measurement on each spot was repeated. 

The gaps were filled by combining the data from two detector positions. This procedure was 

implemented using the GIXSGUI package for MATLAB.
6
 The signals were output as intensity 

maps in (qy, qz)-space also by using the GIXSGUI package. The GIXSGUI package was used to 

correct the images for detector nonuniformity, detection efficiency, the polarization effect and 

solid-angle variation. 

 In our work, two separate WAXS measurements were performed: one in grazing 

incidence condition (GIWAXS) and one in local specular condition. In GIWAXS measurement, 

the samples were tilted at an incidence angle of 0.14° with respect to the beam. This angle is 

chosen such as it is above the critical angle of the polymer films but below the critical angle of 

the Si substrates (0.166°) in order to probe the entire thickness of the polymer films. In local 

specular measurement, the samples were tilted at an incidence angle θB = 2.036°, which is the 

Bragg angle of the scattering vector q100 of the (100) reflection in P3HT (d ≈ 1.6 nm) as 

determined from the GIWAXS measurement. To construct the pole figure of each sample, wedge 

cuts with an angular breadth of 0.5° were extracted from both grazing incidence and local 

specular measurements using GIXSGUI. Each wedge cut was first fit to an empirical baseline 

function to subtract the background intensity and amorphous scattering. The background-

subtracted wedge cut was then fit to a Voigt function in order to extract the integrated intensity 
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as well as the full width at half maximum (FWHM) of the reflection of interest (100). The 

integrated intensity of each peak was reported as a function of the polar angle χ between the 

scattering vector and pole vector. The complete pole figures with the available range of χ from 0° 

to 90° were constructed by merging data from GIWAXS and local specular measurements.
7,8

 

More details of the complete pole figure construction can be found in the results and discussion 

section.  

5.2.3. Atomic force microscopy (AFM) 

  Topographical images of the top interface of P3HT films at different deposition times 

were probed using an Asylum Research MFP-3D stand-alone AFM in tapping mode with a 

CT300-25 Aspire probe (spring constant 40 N/m and radius of curvature of 8 nm).  

5.2.4. Ultraviolet-visible (UV-vis) absorption spectroscopy 

 The ultraviolet−visible (UV−vis) absorption spectroscopy measurements were performed 

using a Lambda 750 UV/vis/ NIR Spectrophotometer (PerkinElmer Inc.).  Obtained absorption 

spectra were then fit to the following Spano equation in order to extract the exciton bandwidth W 

and the disorder parameter σ:
9,10
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 In this equation, A is the absorption of the aggregates as a function of photon energy, E; S 

is the Huang-Rhys factor, representing the overlap between vibrational states and assumed to be 

1; m corresponds to different energy levels and Ep = 0.179 eV is the energy of C=C symmetric 

stretch mode.
9
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5.2.5. In-plane mobility measurements 

 Bottom-contact, bottom-gate transistor configurations were used to fabricate transistors 

for in-plane mobility measurements. Thin film transistors were made by first vacuum-depositing 

source and drain gold electrodes (Kurt J. Lesker, 99.99%) on top of the Si/SiO2 substrate at a rate 

of 0.5 A/s.  P3HT was then deposited onto the gold-patterned substrates and the transfer curves 

were collected inside a N2-filled glovebox in the saturation regime (VD = −80 V) using the 

Agilent 4156C Parameter Analyzer. The in-plane hole mobility μ was extracted from the drain 

current IDS by fitting the transfer curve in the saturation regime using the following equation:  

2( )
2

i
DS g t

WC
I V V

L
  (5-2) 

 In this equation, W and L are the channel width and length, Ci = 10 nF/cm
2
 is the 

capacitance per unit area of the insulating SiO2 layer, Vg and Vt are the gate and threshold voltage, 

respectively.  
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5.3. RESULTS AND DISCUSSION 

5.3.1. Atomic force microscopy (AFM) 

 

Figure 5.1: 10 x 10 μm AFM images of MAPLE-deposited P3HT on (a), (b), (c) OTS and (d), (e), 

(f) SiO2 substrates at different deposition times. The exposed substrate areas of the films are 

indicated by the green arrows. The scale bar is 2 μm.  

 AFM measurements were performed to study the surface morphologies of MAPLE- 

deposited samples as a function of deposition time.  Figure 5.1 shows representative topography 

data for MAPLE-deposited P3HT films at 3 different deposition times on SiO2/Si and OTS-

treated SiO2/Si substrates; hereafter the substrates will be denoted as SiO2 and OTS, respectively. 

At the same deposition time, there are no clear differences in topography for OTS and SiO2 

substrates. The surface of all films consists of globular features with diameters and height 

ranging from 10 to 200 nm and 5 to 40 nm, respectively. This type of inhomogeneous globular 

morphology is consistent with previous reports of MAPLE films, originating from the 
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mechanisms of target ablation causing the polymer and solvent clusters to be ejected towards the 

substrate.
11

 The earliest deposition time of 3 min yields films with small and isolated polymer 

islands distributed atop the substrates. Interestingly, in contrast to previous report of films 

deposited using UV-MAPLE,
12

 the polymer clusters here are not deposited on the substrate as 

isolated individual nanoglobules but rather as “patches” of globule islands. With increasing 

deposition time, the size of the globular islands grows, coalesces and consequently the uncovered 

area of the substrate reduces. The exposed substrate areas are clearly visible at deposition times 

of 3 and 30 min, as indicated by the arrows in Figure 5.1(a), (b) and (d), (e). At deposition times 

beyond 60 min, a continuous polymer film is formed and completely covers the substrates. We 

note that in MAPLE deposition, the average film thickness h almost linearly scales with 

deposition time t as h = 0.37 ± 0.02 (nm/min) × t (min) (measured by ellipsometry). At 60 min, 

the average film thickness is ca. 25 nm (roughness ~15 nm) and at the longest deposition of 180 

min, the average film thickness is ca. 70 nm (roughness ~25 nm). 

5.3.2. UV-vis absorption spectroscopy 

 

Figure 5.2: UV-vis absorption spectra of MAPLE-deposited P3HT films on (a) OTS-treated 

glass substrate (OTS) and (b) bare glass substrate (SiO2). (c) The exciton bandwidth W as a 

function of deposition times. 

 UV-vis absorption spectroscopy was performed to investigate the structural evolution of 

P3HT during the deposition process. The absorption spectra of P3HT on both OTS-treated glass 
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substrate and bare glass substrates (SiO2) are plotted in Figure 5.2(a) and (b). It is evident that 

during the course of MAPLE deposition, the intensity of the vibronic shoulders at ca. 550 nm 

and 600 nm that correspond to aggregate absorption of P3HT
13

 increases for samples on both 

substrates, indicated by the arrows in Figure 5.2(a) and (b). This is suggestive of the growing 

fraction of the aggregates within the polymer films upon increasing deposition time. The total 

absorption can be further deconvoluted into individual peaks by applying the Spano model 

(equation (1)), from which the exciton bandwidth W can be calculated.
9,14

 As seen in Figure 

5.2(c), upon increasing deposition time W shows a steady decrease, with slightly larger values 

for SiO2 samples compared to OTS samples. In the limit of weak excitonic coupling between 

cofacially-packed P3HT chains, the interchain coupling leads to the formation of vibronic bands 

characterized by the exciton bandwidth W. An increase in the conjugation length leads to greater 

exciton delocalization across polymer chains and hence reduces W.
10,15

 The reduction of W here 

thus indicates an increase of the average conjugation length upon increasing deposition time, 

with slightly longer conjugation length in OTS samples compared to SiO2 samples. This result 

suggests that P3HT aggregates grow along the backbone direction (001) during the course of 

deposition. 

5.3.3. Wide angle X-ray scattering (WAXS)  
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Figure 5.3: Representative GIWAXS detector images of MAPLE samples fabricated at 3 

different deposition times on (a)(b)(c) OTS and on (d)(e)(f) SiO2 substrates. The inset of each 

figure is local specular detector image of the same sample. 

 WAXS experiments provide information about the evolution of crystallite orientation 

distributions, relative degree of crystallinity and crystallite coherence length of MAPLE-

deposited samples as a function of deposition time. Shown in Figure 5.3 are representative 

GIWAXS patterns of MAPLE films fabricated at 3 different deposition times on OTS and SiO2. 

The diffraction patterns of films fabricated on two types of substrates at the same deposition time 

appear qualitatively similar. For each substrate, the diffraction intensity increases with deposition 

times due to the increase in the amount of diffracting crystallites within the samples. At the 

shortest deposition time of 3 min, only the first order of the alkyl-stacking peak (100) at ca. 0.39 
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Å
-1

 is visible along the vertical qz direction. The second order peak (200) and the third order peak 

(300) only appear along the vertical direction in samples deposited after 30 min and 180 min. 

Also visible after 30 min of deposition is the (010) π-stacking peak along qxy axis at ca. 1.67 Å
-1

, 

indicative of bias toward edge-on orientation of polymer crystallites in which the polymer side-

chain orients in the out-of-plane direction and the π-stacking orients in the in-plane direction.
16

 

For films deposited on both substrates, the azimuthal breadth of the (h00) peaks increases with 

deposition time (film thickness), providing qualitative evidence of more random orientation of 

crystallites as the films become thicker. While this behavior has been widely observed in spin-

cast P3HT films,
8,17,18

 this is the first time such behavior is reported in MAPLE-deposited 

samples. 

 Although information extracted from GIWAXS measurement is generally useful for 

qualitative analysis of the film structure, the raw data collected with a 2D detector is 

geometrically distorted and thus does not reflect the true reciprocal space. More importantly, any 

crystallites that have the scattering vector q close to the perpendicular direction with the substrate 

will not be detected in GIWAXS geometry because the scattering vector q does not intersect with 

Ewald sphere in this regime.
7,8

 With respect to the (100) reflection in P3HT, the accessible range 

of the polar angle χ between the q100 vector and the pole vector in GIWAXS measurement is 

from θB = 2.036° to 90°, as calculated from our experiment configuration. In order to resolve 

data for χ < θB, we followed the previously reported procedures introduced by Baker et al.
7
 and 

performed a local specular measurement. In the local specular condition, the samples are tilted at 

the incident angle α = θB so that the pole of the orientation sphere of the (100) peak intersects 

with the Ewald sphere. The complete accessible range of χ in the local specular measurement is 

from 0° to 60°.
7,8

 Representative 2D detector images of the local specular measurements are 
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shown in the insets of Figure 5.3. Similar to the GIWAXS data, the local specular data of 

samples on both SiO2 and OTS substrates exhibits broadening of the azimuthal breadth of the 

(100) diffraction peaks with increasing deposition times, suggesting more random crystallite 

orientations as the films become thicker. The complete pole figures of the (100) reflection are 

then compiled by merging the partial pole figures extracted from GIWAXS (θB < χ <90°) and 

local specular (0°< χ < 20°) diffraction data. The stitching range of χ is chosen such as the two 

partial pole figures overlay and their local derivatives are identical. An example of complete pole 

figure construction is shown in Appendix. Complete pole figures of the (100) diffraction peaks 

of P3HT samples fabricated at different deposition times on OTS and SiO2 are shown in Figure 

5.4, both in semi-log scale in (a), (b) and double log scale in (c), (d). 
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Figure 5.4: Complete pole figures of the (100) diffraction peak for films deposited on top of (a) 

OTS and (b) SiO2 at different deposition times. The same data are plotted on a log-log scale in 

(c) and (d) to emphasize different crystallite populations. The shaded areas in each figure 

represent the data from highly-oriented crystals extracted from local specular measurement. The 

error bars were calculated from the uncertainty of the peak fitting. 

 For all samples fabricated at different deposition times on both types of substrates, we 

observed relatively strong intensity near χ = 0°, indicated by the shaded areas in Figure 5.4(a)-(d), 

which decreases as χ increases. This shows that in MAPLE-deposited samples, despite the highly 

disordered morphologies reported in our earlier studies,
1,2

 there exists a large population of 

highly-oriented crystallites having the (100) stacking direction almost perfectly perpendicular to 
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the substrates. Highly-oriented crystallites have also been observed for spin-cast films of 

P3HT
8,19

 and other semicrystalline polythiophenes.
20,21

 With increasing deposition time, the 

distribution of the pole figures becomes broader for samples on both substrates, indicating that 

the average orientation of crystallites becomes more random as the films become thicker. This 

observation is in good agreement with visual inspection of the raw detector images in Figure 5.3 

but in a more quantitative manner.  

 Here, it is instructive to divide the pole figures into two components based on different 

crystallite orientations and monitor their growth separately. We define the crystallites with χ < θB 

= 2.036° as “highly-oriented” crystals and the remaining crystallites with χ > θB as “misoriented” 

crystals. In order to emphasize these two different crystallite populations, the pole figures were 

plotted in double log scale in Figure 5.4(c) and (d). We note that direct comparison between 

crystallite populations, and thus degree of crystallinity (DoC), at different deposition times could 

be challenging because at a fixed angle of incidence, the diffraction intensity strongly depends 

on film thickness: Since the angle of incidence used in GIWAXS measurement is below the 

critical angle of the substrate, the incident beam is largely reflected at the polymer/substrate 

interface. Interference between the incident and reflected beams will produce standing waves, 

amplifying the signal at certain depths in the films. These effects are strongly dependent on film 

thickness, making direct comparison between films with different thicknesses difficult.
5,22

 

However, from the evolution of complete pole figures in Figure 5.4 we are able to extracted 

some valuable information regarding the crystallization process in MAPLE.  

 First, we observe that during MAPLE deposition process, the growth of the highly-

oriented crystals seems to be decoupled from that of the misoriented crystals. Compared to the 

growth of misoriented crystals which continues during the whole course of deposition, the 
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growth of highly-oriented crystals is considerably suppressed beyond 60 min, as demonstrated in 

Figure 5.4(c) and (d). We hypothesize that the highly-oriented crystals can only nucleate and 

grow on very flat dielectric interfaces. As we showed earlier in AFM measurement, at the early 

stage of MAPLE deposition, the substrates are not fully covered. Thus the polymer droplets can 

be deposited atop the uncovered portions of the flat substrates, promoting the growth of highly-

oriented crystals. At deposition times longer than 60 min, the substrates are fully covered and the 

new polymer crystals can only grow on top of existing polymer layers. Therefore at this stage, 

the growth of highly-oriented crystals is hindered and only misoriented crystals continue to grow. 

Later on we will show that this hypothesis is further supported by several other key observations. 

Second, by calculating the ratio between DoC of samples fabricated on OTS and SiO2 at each 

deposition time, we are able to discern the effect of substrate chemistry on overall DoC of the 

samples. To facilitate DoC comparison, the same X-ray exposure time and angle of incidence 

were used for all measurements. The diffraction intensity at each polar angle is multiplied by a 

factor of sin(χ) for geometrical correction.
23

 The DoC of highly-oriented crystal and misoriented 

crystals is then calculated by integrating the geometrically corrected intensity from 0° to θB and 

θB to 85°, respectively. Data at χ > 85° is impacted by standing waves and thus excluded from 

the analysis. Shown in Figure 5.5 is the DoC ratio of samples deposited on OTS and SiO2 as a 

function of deposition time. 
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Figure 5.5: DoC ratio of samples deposited on OTS and SiO2 as a function of deposition time. 

The errors for DoC calculation were first computed by measuring standard deviation from 4 

different spots on the same sample. The error bars of DoC ratio were then calculated from the 

uncertainty of DoC estimation following an error propagation approach. 

 

 As seen in Figure 5.5, at the early stages of deposition the substrate chemistry shows a 

strong influence on DoC of the samples, with a more pronounced effect on highly-oriented 

crystals than misoriented crystals. At the earliest deposition time of 3 min, the highly-oriented 

crystals on OTS are ca. 40% more crystalline than those on SiO2 and the misoriented crystals on 

OTS are ca. 25% more crystalline than those on SiO2. As the films continue to grow, the 

differences between samples on OTS and SiO2 quickly vanish (note the log scale of x axis) and 

the DoC becomes comparable at longer deposition times for both highly-oriented crystals and 

misoriented crystals, consistent with our previous finding.
2
 The stronger impact of substrate 

chemistry on highly-oriented crystals is another indication of their preferential growth on the 

dielectric substrates as hypothesized above. We note that although the effect of substrate 

chemistry on the DoC of misoriented crystals is not as strong as on the highly-oriented crystals, 
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it still exerts some certain influences, especially in thinner films. It could be that similar to spin-

cast samples,
8,24

 the dielectric interface in MAPLE-deposited samples hosts not only highly-

oriented crystals but also some misoriented crystals/amorphous polymer chains as well.  

 The full width at half-maximum (FWHM) of the (100) peak reflects the coherence length 

along the alkyl-stacking direction. Because we collected WAXS data both in grazing incidence 

and local specular conditions, we were able to extracted two separate sets of FWHM data. Some 

discrepancies between the two sets of data were observed: for the same sample at the same polar 

angle, we always observed a smaller FWHM and lower peak position q of the (100) peak in local 

specular data compared to GIWAXS data (see Appendix). The discrepancies could originate 

from a couple of reasons. First, in GIWAXS measurements, where the angle of incidence is 

below the critical angle of the substrate, two Bragg peaks are produced for each diffraction plane 

that are associated with transmitted and reflected beams. The two peaks are clearly resolved in 

grazing incidence small angle X-ray scattering measurements,
22

 but appear as one broad peak at 

higher q in GIWAXS due to the resolution limits of this experiment.  In local specular 

measurements, where the angle of incidence is well above the critical angle, there is little 

reflection at the polymer-substrate interface and only one Bragg peak is detected. Second, there 

are other possible contributions to the broadening of a Bragg peak from instrumental resolutions 

that include contributions from beam divergences, energy bandwidth and geometric smearing.
25

 

The combined resolution broadening is quite significant in GIWAXS measurement but is 

negligibly small in local specular measurement (see the resolution analysis in Appendix). 

FWHM data collected from the local specular condition is thus more accurate and reflects the 

truer FWHM of the Bragg peak.  
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Figure 5.6: FWHM of the (100) peak extracted from local specular measurement of samples 

deposited on (a) OTS and (b) SiO2 substrates at different deposition times. The shaded area 

represents the data extracted from “highly-oriented” crystals (𝜒<θB). The error bars were 

calculated from the uncertainty of the peak fitting. The dashed lines are guides to the eyes. The 

red dashed lines represent the trends for misoriented crystals and the black dashed lines represent 

the trends for highly-oriented crystals. The red dashed lines are in the same position in both (a) 

and (b).  

Figure 5.6 depicts the FWHM extracted from local specular measurement of the (100) 

peak as a function of the polar angle χ for samples on (a) OTS and (b) SiO2. We note that at 

deposition times shorter than 30 min, the diffraction signal of the samples is weak and the 

FWHM values extracted from our fit tend to be noisy such as the data of 5 min samples shown in 

Figure 5.6(a) and (b). For samples deposited at or longer than 30 min, we observe a general trend 

that the FWHM decreases with increasing deposition times for samples on both OTS and SiO2 

substrates. This suggests that during MAPLE-deposition, the average crystallite coherence length 

L100 along the alkyl-stacking direction increases according to Scherrer equation.
25

 Here, it is 

important to note that the coherence length  L100 calculated from Scherrer equation is the distance 

over which unit cells are spatially correlated, which includes contribution not only from 

crystallite size but also from paracrystallinity.
26

 However, we believe that the narrowing of the 
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peak with increasing deposition time at least partially originates from increases in crystallite size, 

which is corroborated by UV-vis measurements reported in Figure 5.2. Interestingly, L100 appears 

to continuously increase even after the longest deposition time of 180 min. This is in contrast to 

spin-cast P3HT films where the crystallite coherence length increased with film thickness but 

saturated after reaching a certain threshold value.
8
 We postulate that the crystallization process of 

MAPLE involves the addition of polymer chains within new globules to the polymer crystallites 

inside the existing globules. The merging of discrete globules unit during MAPLE deposition 

contributes to the film formation and assists crystal growth. The growth of crystals during the 

course of deposition is rather surprising, given the fact that the fabrication process in this work 

was performed at temperature close to 0ºC which is likely below the glass transition temperature 

of P3HT.
27

 We suspect that although most vaporized solvent molecules were pumped away 

under the high vacuum environment, a small amount of them still remains within the polymer 

clusters right before reaching the substrates. The remaining solvent molecules could reduce the 

effective Tg of P3HT, providing chain mobility that assists additive crystal growth during the 

deposition process.
28

 The similar additive growth behavior in MAPLE-deposited poly(ethylene 

oxide) films has also been reported in a recent work by Jeong and co-workers.
29

  

 Also worthy of discussion is the dependence of FWHM on the polar angle χ. For χ > θB 

(misoriented crystals), the FWHM increases as χ increases, suggesting that crystallites oriented 

away from the substrate normal tends to have smaller L100. Moreover, the FWHM of misoriented 

crystals in samples deposited at the same deposition time is insensitive to substrate chemistry 

(Note that the red dashed lines in Figure 5.6(a) and (b) are set at the same location for ease of 

comparison). However, for χ < θB the FWHM distribution drastically changes and is 

characteristically different for samples on OTS and SiO2. While the FWHM reduces quite 
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significantly as χ approaching 0° for sample deposited atop OTS, the FWHM shows an opposite 

trend and greatly enhances toward χ = 0° for samples deposited atop SiO2. This suggests that 

whereas L100 of misoriented crystals are comparable for samples on both substrates, L100 of 

highly-oriented crystals is substantially smaller for samples on SiO2 compared to samples on 

OTS. Inputting the FWHM values in Figure 5.6 into Scherrer equation
25

 demonstrates that for 

the thickest films (at 180 min of deposition), the coherence length of the misoriented crystals at χ 

= 20° is ca. 10 nm (≈ 6 d-spacings across side-chain direction) for both substrates. However, the 

coherence length of the highly-oriented crystals at χ = 0° is ca. 13 nm (≈ 8 d-spacings) on OTS 

substrate but only 8 nm (≈ 5 d-spacings) on SiO2 substrate. This shows that the coherence length 

of highly-oriented crystals strongly depends on the chemistry of the substrate and further 

suggests that the highly-oriented crystals only nucleate and grow from the dielectric interfaces. A 

schematic representation of structural development during the course of MAPLE deposition is 

summarized in Figure 5.7. 
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Figure 5.7: Schematic representation of the structure of MAPLE-deposited samples at (a) short 

and (b) long deposition times. The highly-oriented crystals (highlighted in yellow) grow from the 

dielectric interface; the misoriented crystals (highlighted in grey) grow from the bulk and 

partially from the dielectric interface. At the early stage of deposition, the substrate chemistry 

exerts strong influence on the growth of both types of crystals which higher DoC on OTS than 

on SiO2. As the films develop, the effect of substrate chemistry on DoC diminishes and the films 

consists of misoriented crystal from the bulk with comparable sizes on both substrates and highly 

oriented crystals at the buried interfaces which larger size on OTS compared to SiO2 substrate.    
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5.3.4. Correlation between morphology and in-plane transport characteristics 

 

Figure 5.8: (a) Bottom-gate bottom-contact transistor configuration used in the mobility 

measurement. (b)(c) Evolution of transistor transfer characteristics of MAPLE samples deposited 

on top of OTS and SiO2 substrates measured in saturation regime (VD = -80V). (d) Calculated in-

plane hole mobility as a function of deposition time  

 In an attempt to understand the role of thin film microstructure on carrier transport, we 

fabricate bottom-gate, bottom-contact thin-film transistor (TFT) to study the in-plane transport 

characteristics of the samples as depicted in Figure 5.8(a). We chose to use the bottom-contact 

instead of top-contact configuration in order to monitor the transport characteristics of the exact 

same devices during the course of deposition. Shown in Figure 5.8(b) and (c) is the evolution of 

transistor transfer curves of devices fabricate atop OTS and SiO2 substrates as a function of 

deposition time. For both types of devices, we observe quite abrupt increase of current as going 

from 5 to 10 min of deposition. This sudden rise of current likely originates from the coalescence 

of the globular islands as suggested by our AFM measurements. The coalescence of polymer 
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islands helps to create interconnected pathways for charge carriers to transport from source to 

drain electrode. Beyond 10 min, the current slowly increases with deposition time, with weaker 

current for device fabricated on top of SiO2, indicative of lower carrier mobility compared to 

OTS device. Also worth mentioning is the continuous increase in magnitude of the leakage 

current (or off current) Ioff with deposition time, scaling with the amount of material deposited on 

top of the substrates. The leakage current is higher in SiO2 device compared to OTS device, 

indicative of higher level of unwanted doping in SiO2 device which likely due to the presence of 

moisture-sensitive hydroxyl groups on SiO2 substrate. 

 The extracted in-plane mobilities of OTS and SiO2 devices versus deposition time are 

shown in Figure 5.8(d). For OTS device, the mobility first increases and then reaches a plateau 

value of ca. 1.0×10
-3

 cm
2
V

-1
s

-1 
after approximately 60 min. Similar trend is observed for SiO2 

device but the mobility is always lower than OTS device and saturates at ca. 1.7×10
-4

 cm
2
V

-1
s

-1
. 

We note that at deposition time of 5 min the mobility of SiO2 device is considerably suppressed 

and the mobility of OTS device is unmeasurable, probably due to the lack of connection between 

polymer islands as mentioned above. Beyond 60 min the hole mobility does not improve despite 

the increase in overall aggregate size and crystallite coherence length. The increase and plateau 

out of mobilities coincide with the structure development of the highly-oriented crystals, 

suggesting that the highly-oriented crystals at the buried interface control transport in TFT.  

The higher mobility of OTS device compared to SiO2 device is also consistent with the 

larger crystallite coherence length existing at the OTS-treated dielectric interface. It is well-

established that passivating the dielectric substrate with self-assembled monolayers such as OTS 

improves TFT performance of spin-cast conjugated polymers, and the origin of the enhanced 

mobility is at least partially structural.
8,30,31

 An OTS monolayer also helped improve TFT 
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mobility in MAPLE-deposited films, although the effect is not as strong as in the case of spin-

cast conjugated polymers.
1,2

 Here, by using the complementary local specular measurement, for 

the first time we have shown that the effect of OTS on mobility of device fabricated using 

MAPLE originates from the improved polymer order near the dielectric interfaces, which has 

been elusive to date. Our data suggests that similar to spin-cast samples, in MAPLE samples the 

OTS monolayer can also act as a nucleation layer and promote the growth of large-sized, highly-

oriented crystallites near the dielectric interfaces. Furthermore, the presence of a large population 

of highly-oriented crystals at the buried interface of MAPLE-deposited samples could be used to 

explain the superior TFT mobilities of MAPLE-deposited devices compared to the spin-cast 

analogs reported in our previous studies, despite their highly disordered morphologies.
1,2

 Our 

results highlight the importance of characterizing the polymer structure near the buried interfaces 

in evaluating TFT performance.
32

      

5.4. CONCLUSION 

In this work, we studied the molecular structure in relation to in-plane transport 

properties of MAPLE-deposited P3HT films as a function of deposition time on two different 

substrates: OTS and SiO2. Through quantitative characterizations using X-ray diffraction and 

optical techniques, we observed the increase in the overall aggregate size and crystallite 

coherence length, indicative of additive growth mechanism during MAPLE deposition process. 

Complete pole figures showed that in MAPLE-deposited samples, there exists a large population 

of highly-oriented crystallites at the dielectric interface having the side-chain oriented almost 

perfectly perpendicular to the substrates. The growth of these highly-oriented crystals decoupled 

from the remaining misoriented crystals and strongly depended on the substrate chemistries. At 

early deposition stages, the population of highly-oriented crystals is higher on OTS substrate 
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compared to SiO2 substrates and the difference diminished as the film become thicker. 

Additionally, the OTS monolayer promotes the growth of large-sized highly-oriented crystals at 

the buried interface; the effect of OTS treatment on the size of misoriented crystals is negligible. 

The implications of the morphology on charge transport were illustrated by studying the 

evolution of field-effect mobility, yielding results suggesting that transport in thin-film transistor 

is controlled by the highly-oriented crystals growing at the buried interfaces. Our study offers 

fundamental understanding of crystallization mechanism in MAPLE in tight connection to 

carrier transport properties, providing an important step toward exploiting MAPLE to engineer 

structures in various conjugated polymer-based electronic devices.  

5.5. APPENDIX 

5.5.1. Complete Pole Figure Constructions 

 

Figure 5.9: Representative construction of complete pole figures by combining partial pole 

figures extracted from GIWAXS and local specular measurements 
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The intensity versus χ plots extracted from the grazing incidence (θB < χ <90°) and local-

specular (0°< χ < 20°) diffraction patterns are not on an absolute scale. Thus to create the 

complete pole figure, the intensity of GIWAXS pole figure is kept constant and the intensity of 

the local-specular pole figure is scaled with an appropriate pre-factor so that the two partial pole 

figures overlay (Figure 5.9).  

5.5.2. FWHM Discrepancies between Local Specular and GIWAXS Measurements 

 

 

Figure 5.10: (a) An example of (100) peak at 𝜒 = 15° of the same sample (180 min on SiO2). The 

peak measured by GIWAXS is broader and shifts to higher q. (b)(c) Comparison of the FWHM  

of the (100) peak extracted from GIWAXS and local specular measurements. The FWHM values 
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extracted from GIWAXS always higher than the ones extracted from local-specular 

measurement. Note that data below θB ≈ 2° is not measurable in GIWAXS geometry. Origins of 

the discrepancies are explained in the text of the manuscript. 

5.5.3. WAXS Resolution Analysis 

The measured peak breadth ∆Bexp of a particular reflection hkl in WAXS experiments 

contains contributions from both the samples ∆Bhkl and resolution of experimental apparatus 

∆Bres. Thus the experimental width must be corrected in order to resolve the true breadth of the 

peak 

2 2 1/2

exp(( ) ( ) )hkl resB B B     (1) 

For WAXS measurements, ∆Bres includes vertical and horizontal beam divergence 

contribution ∆Bdiv, bandwidth contribution ∆Bbw and geometrical contribution ∆Bgeo.
25

 

1. Beam divergence contribution ∆Bdiv 

 Assuming an elliptical beam profile having intrinsic beam divergences in the vertical 

and horizontal direction σV and σH, the beam diversion ∆Bdiv for a given detector azimuth angle ϕ 

is as follow: 

2 2

2 2

1

cos ( ) sin ( )
div

H V

B
 

 

 



(2) 

 Inputting σV = 3.7μrad and σH = 12 μrad
4
 into equation (2) the beam divergence 

contribution can be calculated. 
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Figure 5.11. Beam divergence as a function of detector angle ϕ 

The ∆Bhkl of P3HT’s (100) reflection in our experiment ranges from 0.01 to 0.02 rad. As seen 

in Figure 5.11, the beam divergence contribution ∆Bdiv is in the microradian range and thus 

negligibly small.  

2. Bandwidth contribution ∆Bbw 

 The peak broadening due to bandwidth ∆Bbw is  

2
2 tan

2
bwB


   (3) 

 Here, the energy bandwidth η = 10
-4

 for Si(111) optics used in our beamline. The 

bandwidth contribution is computed as follow: 
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Figure 5.12. Bandwidth resolution as a function of 2θ 

 Note that 2θB ≈ 4° for (100) reflection in P3HT, thus the bandwidth contribution for 

the broadening of (100) peak is in the microradian range and also negligibly small. 

3. Geometrical contribution ∆Bgeo 

 The peak broadening due to geometry is projection of footprint divided by sample to 

detector distance. It can be calculated as: 

tan(2 )
geo

w
B

L


   

 Here, w = 8.1 × 10
-3

 m is the beam footprint in GIWAXS measurement and w = 5.6 

× 10
-4

 m is the beam footprint in local specular measurement. L = 0.228 m is the sample-to-

detector distance.  
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Figure 5.13 Geometrical resolutions in GIWAXS and local specular measurements as a function 

of 2θ 

 As seen in Figure 5.13, the geometrical effect from the size of the footprint is in the 

miliradian range for P3HT’s (100) reflection and thus is the largest of the three contributions. 

The geometrical resolution in GIWAXS measurement is worse than in local specular 

measurement because of the larger beam footprint.  

4. Calculation of experimental resolution from divergence, bandwidth and geometry 

contributions 

 The combined resolution to the peak broadening from the beam divergence, beam 

bandwidth and geometric smearing can be expressed as: 

2 2 2 1/2(2 , ) [ ( ) (2 ) (2 ) ]res div bw geoB B B B          

 However, since ∆Bgeo >> ∆Bdiv and ∆Bbw, the resolution is dominated by the 

geometric term. Thus the resolution can be expressed in term of scattering vector resolution as 

follow: 
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4 2 4 2
cos( ) cos( )

2 2
res res geoq B B

   

 
      

 Here, λ = 1.14162 Å is the X-ray wavelength.  

 

Figure 5.14. Combined experimental broadening as a function of 2θ 

 Figure 5.14 demonstrates the combined experimental broadening as a function of 2θ 

in terms of scattering vector resolution (Å
-1

). The experimental broadening from GIWAXS 

measurement is more prominent than from local specular measurement. With regard to the (100) 

diffraction peak in P3HT (2θB ≈ 4°), the experimental broadening is ca. 0.014 Å
-1

 in GIWAXS 

measurement and ca. 0.001 Å
-1

 in local specular measurement. The combined resolution 

broadening is thus negligibly small in local specular measurement. 
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Chapter 6 : CONCLUSION AND OUTLOOK 

6.1. CONCLUSION 

The research in this dissertation were designed and performed with the goal of using 

creative strategies to fabricate conjugated polymer thin-films and studying how polymer 

chemistry, fabricating and processing conditions affect microstructure and how details of the 

microstructure affect different charge transport mechanisms. The findings in this thesis provide 

fresh perspectives on the extent to which the detailed microstructure impact mechanisms of 

charge transport in conjugated polymers, providing important guidelines for designing 

conjugated polymer-based electronic devices with efficient transport.  

In chapter two, we showed that due to a substrate-induced orientation of the local 

morphology of PBDTTT-C, the out-of-plane hole mobility μ increased with increasing film 

thickness h and becoming independent of h for h > 110 nm. The temperature and electric field 

dependencies of μ are in agreement with predictions of the well-known Gaussian Disorder Model 

(GDM), developed to describe charge transport in materials possessing positional and energetic 

disorder. Room temperature studies reveal a negative dependence of μ on the electric field E, 

with a strength quantified by the parameter β. The largest magnitude of β was measured in the 

thinnest films, indicative of the strongest dependence of μ on the electric field E; β decreased 

monotonically with increasing film thickness. The thickness dependencies of μ and β manifest an 

increase of the average anisotropy of the films with decreasing film thickness, corroborated by 

UV−vis spectroscopy and spectroscopic ellipsometry measurements. Our findings suggested that 
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transport is not an intrinsic property of conjugated polymer but rather dictated by local 

morphology.    

In chapter three, we invested the effect of scCO2 processing on structure and in-plane 

charge transport in P3HT films supported by two SAMs: OTS and FTS. We discovered that for 

P3HT fabricated on FTS, a SAM known to have high affinity toward scCO2 annealing, scCO2 

preferably altered the structure of P3HT films at P3HT/FTS interface and consequently the in-

plane carrier mobility increased by 5-fold. The effect of scCO2 annealing on structure and 

transport of P3HT/OTS films was negligible. Our findings revealed an effective way to control 

the morphology of conjugated polymers at the semiconductor/substrate interface and suggested a 

strong dependence of polymer processing on the nature of polymer/substrate interface. 

In chapter four, we used a novel vacuum deposition technique termed MAPLE to 

fabricate conjugated polymer thin films, and discovered that the structure of MAPLE-deposited 

samples were fundamentally different from the conventional spin-cast counterparts. Using a 

combination of optical and X-Ray diffraction characterization methods, we showed that MAPLE 

samples possessed high degree of disorder with more random orientations across side-chain, pi-

stacking and backbone direction. Significantly, the structure of MAPLE-deposited samples is 

much less sensitive to substrate chemistry compared to the spin-cast analogs, suggesting 

different crystallization mechanism in MAPLE. In spite of the high degree of structural disorder 

in MAPLE- deposited films, the in-plane carrier mobilities were very comparable or even more 

superior to conventionally-cast devices.  

Motivated by our findings in chapter four, in chapter five we investigated in detail the 

crystallization process in MAPLE and studied the structure at the buried interface in MAPLE-
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deposited samples. Complete pole figures constructed from X-Ray diffraction measurements 

reveals that in MAPLE, there exist two distinct crystallite populations: one of highly-oriented 

crystals that grows from the flat dielectric substrate and one of misoriented crystals that 

preferably grows on top of existing polymer layers. Moreover, the growth of the highly-oriented 

crystals is highly sensitive to the chemistry of the substrate, whereas the effect of substrate 

chemistry on misoriented crystal growth is weaker. The use of a self-assembled monolayer 

greatly enhances the population and crystallite coherence length at the buried interfaces, 

especially at early deposition times. The evolution of in-plane mobility during the course of 

deposition correlates with the development of highly-oriented crystals at the buried interface, 

suggesting the importance of this interface in determining transport of organic thin-film 

transistor.  This study offers fundamental understanding of crystallization mechanism in MAPLE 

in connection to carrier transport properties, providing an important step toward exploiting the 

technologically relevant strategy MAPLE to fabricate various conjugated polymer-based 

electronic devices.  

6.2. OUTLOOK 

6.2.1. Molecular Weight Dependence of Structure and Transport in MAPLE-deposited 

Conjugated Polymer Film 

In the field of conjugated polymers, perhaps one of the most intriguing questions is related 

to the structural transition from small molecule to high molecular weight macromolecule and 

how the transition in the morphological structure affects physical properties. This transition has 

led to a plethora of investigations on the dependence of structure and many physical properties 

such as in-plane, out-of-plane charge transports, thermal analysis, mechanical properties or OPV 

performance on the molecular weight (MW) of conjugated polymer films.
1–5

 Thus in order to 
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further realize MAPLE for technological and scientific applications, a thorough study on the 

MW dependence of structure and transport of MAPLE deposited conjugated polymer films is 

needed. To this end, in collaboration with McNeil Group in Chemistry Department, we are 

currently investigating the structure and transport properties of MAPLE-deposited P3HT films 

having molecular weight ranging from 2.8 kDa to 21.5 kDa. Figure 6.1 depicts the preliminary 

results of the GIWAXS diffraction patterns of the highest and lowest MW. 

 

Figure 6.1. GIWAXS diffraction patterns of MAPLE-deposited P3HT films with 2 different 

MW: 2.8 kDa and 21.5 kDa. The arrows indicate additional diffraction peaks in low MW sample. 

Interestingly, beside the typically observed (h00) and (010) diffraction peaks of the side-

chain stacking and pi-stacking in P3HT, we also observed a numerous of additional diffraction 

peak in low MW sample as indicated by the red arrows. The appearance of additional diffraction 

peaks is indicative of more ordered structure. The origins of those diffraction peaks, the details 

of unit cells, degree of crystallinity and molecular orientation in connection to in- and out-of-

plane charge transport of MAPLE-deposited samples at different MWs will be investigated.  
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6.2.2. Band Bending Effect in Conjugated Polymer Films: Role of Morphology 

In any devices using conjugated polymers, an understanding of interfacial energy level 

alignment between conjugated polymers and the conducting electrodes is of particularly 

importance because this energy alignment determines many processes relevant to device 

performance. In this on-going project, we employ Kelvin Probe Force Microscopy (KPFM) 

technique that we built in our lab to investigate band bending of P3HT films fabricated using 

both conventional spin-casting and MAPLE technique on ITO:PEDOT substrates. The purpose 

of this project is to unravel the interplay between molecular structure, electronic states and bulk 

transport in conjugated polymer films. The basic of the KPFM measurement set-up and 

preliminary results of the surface potential measurement on a MAPLE-deposited P3HT films are 

shown in Figure 6.2. 
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Figure 6.2. (a) Simplified illustration of the double pass technique used in KPFM measurements. 

(b),(c) Exemplary topographical images and the corresponding surface potential images of a 

MAPLE-deposited P3HT films (d) Surface potential linecut corresponding to the yellow dashed 

line in (c). 

In our KPFM set-up, we use the double pass technique in which two scans are performed 

for each line in an image (Figure 6.2(a)). On the first pass the tip maps the topography where the 

amplitude of the mechanical oscillation, driven at the first resonance frequency of the cantilever, 

is used as the feedback signal to obtain surface topography. On the second pass the mechanical 

oscillations of the tip is set to zero while it is lifted along the z direction a known distance above 

the sample surface. This distance, known as the lift height (Δz), is typically 10 - 20 nm, outside 

the range of Van der Waal forces. The surface potential is measured at the second pass.
6
 

Preliminary result on MAPLE deposited samples showed that the surface potential of MAPLE 

films are highly heterogeneous, which lower surface potential at the globular boundaries 
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compared to its interior. This result indicated that the globular boundaries might serve as 

boundary for carrier transport in MAPLE-deposited film. 

Future works will focus on studying band bending effect, i.e. measuring the surface 

potential at different film thickness. Throughout modeling,
7
 we will calculate the broadening of 

the density of state (DOS) both in MAPLE and spin-cast samples. Temperature dependence of 

the out-of-plane carrier mobility will also be carried out to investigate the connection between 

bulk transport and the electronic structure extracted from the band bending data. 
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