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Abstract 

Polymer thin films provide unique challenges and opportunities with properties that can 

be tuned by modifying the overall structure, or morphology. To realize improvement and 

implementation of polymer thin films in advanced applications, understanding of the intimate 

and complex connection between polymer morphology and properties is warranted. This 

dissertation focuses on the morphological design of polymer systems that exhibit unique 

properties and interpreting these systems in terms of a theoretical framework that exists to 

describe inherently-disordered polymer landscapes. The findings of this dissertation illustrate the 

wide tunability of properties accessible with informed design and control of (i) film fabrication, 

(ii) interfacial modification by self-assembled monolayers (SAMs) and interactions, and (iii) 

post-processing conditions. 

Energy level alignment, and the corresponding band bending of the energy levels of 

conjugated polymers due to charge transfer at the polymer/electrode interface, impacts the 

performance of organic electronic devices. It was shown that the degree of band bending, known 

to vary between conjugated polymers, differs as significantly in a single conjugated polymer 

with varied morphologies. The morphologies investigated were fabricated via spin-casting and 

matrix-assisted pulsed laser evaporation (MAPLE), which imparts a unique globular morphology 

to conjugated polymer films. MAPLE-deposited films possessed stronger band-bending behavior 

and slower out-of-plane charge transport as compared to the spin-cast analogs. From band-

bending data, a wider density of states (DOS) was extracted for the MAPLE-deposited films than 
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the spin-cast films, indicating more energetic disorder in the MAPLE-deposited films arising 

from the spatial disorder the films possess.  

Modification of the interface between the conjugated polymer and electrode with polar 

SAMs changes the effective work function of the substrate and results in a surface energy 

change. These changes to the interface further affect band-bending behavior of conjugated 

polymer films. In MAPLE-deposited films, band-bending data was fit to extract a variety of DOS 

widths for these films atop varied substrates modified by SAMs. It was found that the surface 

energy of the substrate modified by the SAM influenced the thin MAPLE-deposited film 

morphology, with lower surface energy substrates yielding thin films that were rougher and 

possessed wider DOSs.  

Post-processing with solvent annealing yields new morphologies upon subjection of 

fabricated films to solvent vapor. Band-bending behavior of conjugated polymer films revealed 

that solvent annealing led to more uniform spin-cast films, especially in the thicker films (>40 

nm), with narrow DOSs. A separate study of solvent annealing on bismuth-based perovskite 

films noted the films had increased grain size, preferential grain orientation in the face-on 

direction, and reduction in film roughness upon solvent annealing. These structural changes led 

to improvements in both intragrain charge conductivity and power conversion efficiencies in 

devices containing the solvent-annealed films. 

Interfacial interactions at the polymer/substrate interface are responsible for several 

thickness-dependent polymer properties like glass transition temperature and chain mobility. 

Strong (e.g. hydrogen bonding) interfacial interactions were seen to influence the morphology of 

an insulating polymer film near the substrate, with preferential vertical orientation of the average 

dipole moment, as compared to weak (e.g. van der Waals) interfacial interactions. Realized with 
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a combination of techniques to measure surface potential and ratios of in- to out-of-plane 

orientation of signature bonds of the polymer, these findings illustrate the influence of interfacial 

interactions on polymer thin film structure.    
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 Introduction 

1.1 History of Structure-Property Control in Macromolecules 

Polymers have held a prominent place in technological applications for centuries, 

beginning with natural polymers like silk, wool, and cellulose. With the advent of techniques at 

the turn of the 20th century to investigate structure and chemical composition of these natural 

polymers, the scientific study of macromolecules began.1 Synthetic polymers, including the first 

synthetic plastic Bakelite,2 were also developed around this time. Early semi-quantitative studies 

of small molecules, such as compositional and structural studies on sugars and amino acids by 

Emil Fischer in Berlin,3 paved the way to synthesis of larger molecular species. In the 1920s and 

1930s, development of experimental methods, including those enabled by the discovery of X-ray 

diffraction (XRD) in 1911 by von Laue and in 1912 by Bragg,4,5 allowed for more systematic 

analysis of polymers to elucidate their structure in the solid state, average molecular weight, 

behavior in solution, and new synthesis pathways.1,6 Continued advancements over the next few 

decades in polymer physics were realized with statistical thermodynamics models by Flory7 and 

Huggins,8 shape and size description by Kuhn,9 and relaxation dynamics models by Rouse,10 

Zimm,11 and de Gennes,12 among others.         

Alongside advancements in theory to understand polymer structure and dynamics, 

experimental structural characterization of polymeric systems has progressed significantly since 

the early to mid-1900s. In early XRD of semi-crystalline polymers, either produced by stretching 
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or arising naturally, the display of diffuse reflections and amorphous halos was observed, 

indicating the coexistence of both crystalline and amorphous regions in undetermined ratios.13,14 

Grazing incidence wide angle X-ray scattering (GIWAXS), a modern X-ray technique, offers the 

capability to quantify lattice parameters, crystallite orientation distributions, and degree of 

crystallinity of semi-crystalline polymers.15,16 Other characterization techniques like variable 

angle spectroscopic ellipsometry (VASE) to determine average orientation of the polymer 

backbone relative to the substrate and atomic force microscopy (AFM) to assess film topography 

and roughness have also been recently implemented in the study of semi-crystalline polymers. 

Glassy polymers exhibit an amorphous structure, but this structure can be affected by externally 

applied stresses and packing variations caused by entropic and/or enthalpic effects.17 Thus, 

structural changes in the form of packing differences in glassy, amorphous polymers are probed 

often with techniques that can measure relaxation dynamics of polymer chains, like broadband 

dielectric spectroscopy (BDS).18,19 

Determination of the connection between structure and property is a cornerstone of 

materials science. Polymers, with their inherent long-range disorder due to weak chain-chain van 

der Waals (VDW) interactions, have a wide range of accessible morphologies that depend on 

various conditions to which the polymer is subjected during fabrication. These conditions 

influence the polymer chains in terms of configuration, packing density, formation of ordered 

aggregates, and interactions with external interfaces. The effect of morphology on properties of 

polymer films has been well documented in literature. Semiconducting, or conjugated, polymers 

possess both ordered aggregates and amorphous regions, and structural changes in these thin 

films due to interactions with interfaces are responsible for orders of magnitude difference in 

out-of-plane charge mobility.20 Insulating polymers used as gas separation membranes show 
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varied performance with film roughness which can be controlled with solvent choice.21 These are 

just two examples of many that illustrate the importance of morphological control of polymers to 

obtain desired properties. 

Morphological design in thin polymer systems can be realized in several ways (see 

Figure 1.1). Dependent on the way in which the film is fabricated, the post-processing conditions 

imposed on the film, and the nature of the interface between the film and the substrate, a variety 

of film morphologies, and thus, film properties are available. As certain applications call for 

specific properties, precise tuning of polymer thin film morphology is desired for 

implementation of polymers in advanced applications both now and in the future. The work in 

this dissertation discusses several ways in which morphology can be controlled: (i) film 

fabrication by laser deposition (Chapter 2), (ii) introduction of self-assembled monolayers 

(SAMs) at the polymer/substrate interface (Chapter 3), (iii) post-processing via solvent annealing 

(Chapter 4), and (iv) interfacial interaction modification (Chapter 5). The work in Chapters 2-4 

employs conjugated polymers as the subject of study and seeks to understand the effect of 

morphological changes on electronic properties. An additional study in Chapter 4 involves 

solvent-annealed bismuth-based perovskite films and the electronic properties obtained post-

solvent annealing. The work in Chapter 5 utilizes an insulating polar polymer and investigates 

the effect of varying interfacial interactions on the thin film structure. The results of these 

chapters showcase the vast range of properties accessible by morphological design of polymers 

and other materials, and these findings are interpreted in terms of current theoretical models that 

exist.     
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1.2 Nanoscale Polymer Systems: Influence of Nanoconfinement 

Increasingly, polymeric materials must function under various conditions of geometric 

confinement at the nanoscale. Research interest in this area stems from the experimental 

observations that functional properties such as elastic moduli,22 ferroelectric behavior,23 and 

charge carrier mobilities in conjugated polymers24 can deviate from analogous bulk behavior 

when these materials are confined to length scales on the order of which their molecular 

relaxation processes occur. The driving forces behind this phenomenon are twofold: entropic 

“packing” and chain conformational effects, together with enthalpic intermolecular interactions 

with external interfaces. 

Figure 1.1.Tools for morphological design of conjugated polymers separated into three categories: film 

fabrication, post-processing, and interfaces. 
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Regarding entropic effects, the local packing of segments is perturbed in the vicinity of 

the interfaces because the density of packing of segments is not spatially uniform. For a 

nanoconfined homopolymer, simulations indicate that the density profile oscillates away from 

the substrate over a length scale (ξ) of ~ 1 nm.25,26 In addition, the packing of monomers and 

their respective orientation changes at interfaces largely manifest the effects of short-range 

intermolecular interactions.27–29 Generally, the dynamics at a “wall” are anisotropic, and the 

relaxations of the segments normal to the substrate are slow compared to the bulk. This 

sluggishness is suggested to be due to the longer time scales associated with desorption of 

segments from the walls, or correspondingly, decreased configurational freedom of the chains in 

the proximity of the substrate. In essence, interactions of a chain segment in contact with a wall 

reduce the relaxations of a chain by increasing the activation barriers. Stronger interactions with 

the walls lead to longer desorption times and hence slower dynamics.29 Correspondingly, at a 

free surface, simulations show that local packing constraints are not as severe (larger 

configurational freedom) as they are at a hard wall.27,30–33 These simulations reveal the existence 

of a mobile surface layer with thickness on the order of ~ nms. 

Much of these initial predictions are now supported by experimental observations. For 

freely-standing polymer films, the average Tg of the film decreases in relation to the bulk, 

provided the film is sufficiently thin.34–36 The same is generally true for asymmetrically-confined 

films – existence of a free surface and an interface in contact with a substrate – where the 

polymer interactions with the substrate are weak van der Waals (VDW) forces.37–41 This Tg 

depression is due to the previously mentioned mobile surface layer at the polymer-free surface 

interface. Even in cases of asymmetrically confined supported films, the additional 

configurational mobility at the free surface is sufficient to overcome reduced mobility at the 
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polymer-substrate interface. On the other hand, for cases where there exists attractive 

interactions between the polymer and substrate (e.g. hydrogen bonding) the average Tg of the 

film is greater than that of the bulk.39,42–44 In such cases, the strength of the enthalpic interactions 

dictates the deviation in the glass transition. 

Experimental observations show that changes in the Tg of thin films occur over much 

longer length scales (h) than the density fluctuation length scales (ξ). Theory by Schweizer and 

coworkers45 provides a molecular perspective for this behavior. They consider a chain segment 

as caged, such that the size of the cage is the first minimum in the radial distribution function on 

the order of the monomer size. The requirement of cooperativity reveals that the motions of a 

chain segment must be facilitated by local volume dilations of the cage. This increase in local 

volume is accommodated by long-range elastic fluctuations, producing an elastic energy barrier. 

In the case of a free surface, the number of nearest neighbors is smaller, and the elastic energy 

barrier is “cut off”. At the substrate, when strong intermolecular interactions exist, there are large 

energetic barriers for chain cooperative motion. In the case of weak VDW interactions at the 

substrate, the elastic energy barrier is weak, and deviations in Tg are nonexistent. 

In addition to Tg deviations, interactions at the substrates can also lead to deviations in 

various chain relaxation processes (side chain,46 segmental,47 end-to-end48). There is still some 

debate as to the extent of these effects,40,49,50 as the length scales over which the Tg appears to be 

affected by substrate interactions is comparatively large (h >> ξ), approaching the order of ~100s 

nm depending on geometry. On the other hand, the length scales (L) over which such effects 

affect chain dynamics are much smaller (L ~ ξ). This connection between thermal measurements 

such as the glass transition and dynamic measurements such as segmental relaxations under 

nanoconfinement is still a topic of debate.51,52  Furthermore, the connection between dynamics 
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and Tg under various conditions of hard and soft confinement remains poorly understood. In this 

dissertation, we further probe the length scales over which an interface influences a polymer film 

by investigating the effects of different types of interfacial interactions (strong versus weak) on 

thin film polymer morphology (Chapter 5). 

1.3 Conjugated Polymers 

With the studies of Chapters 2-4 relying heavily on semiconducting, or conjugated, 

polymers, a brief introduction to these materials is warranted. This introduction will include a 

discussion of charge transport mechanisms, how the disordered nature of a conjugated polymer 

affects charge transport, a theoretical model widely used to understand charge transport, and a 

brief view of what occurs in a device from a charge carrier standpoint when a conjugated 

polymer film and a conductive electrode are brought together. 

1.3.1 Mechanisms for Charge Transport 

Conjugated polymers are defined as long chain molecules that possess alternating single 

Figure 1.2. Molecular orbitals of isolated carbon atom (1s not shown) (left). Hybridization of 2s and 2p orbitals 

of two carbon atoms with pz orbital overlap for delocalization of electrons and charge transport intra-chain (1s 

not shown) (right). 
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and double carbon bonds along their backbone. The carbon atoms along the backbone are 

considered sp2 hybridized. This means that the 2s orbital mixes with two of the three available 2p 

orbitals to form three “directional” sigma bonds (three sp2 orbitals), leaving one remaining 2p 

orbital that is oriented out of the plane of the polymer backbone (pz direction) that is available to 

participate in pi (π)-bonding (see Figure 1.2). The electrons in these π orbitals can overlap with 

neighboring π orbitals, leading to electron delocalization across the polymer chain. This enables 

charge conduction along the length of the chain (intra-chain transport), provided the chain is free 

of kinks and/or twists that break the π orbital overlap in the chain.  

Charge transport in conjugated polymers is a fundamentally different process than that 

occurring in inorganic semiconductors. Inorganic semiconductors, with atoms at determined 

locations on a crystalline lattice, have generally well-defined band structures that dictate charge 

transport. Organic semiconductors, including both small molecules and conjugated polymers, are 

x  

 y 

z 

Figure 1.3. Various pathways for charge transport in conjugated polymer in order of efficiency – intra-chain (y-

direction), inter-chain via π-π stacking (x-direction), inter-chain across side chains (z-direction) (left). An 

orientation of a single chain is shown (right). 
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molecular structures, and charges are transported via a hopping mechanism between available 

sites. In conjugated polymers, charges can be transported intra-chain, which is the most efficient 

mode of transport, or inter-chain if two chains are close enough that their π orbitals overlap, 

leading to so-called “π-π stacking”. Inter-chain transport is less efficient than intra-chain due to 

the larger distances associated with the transport and weaker coupling of the orbital overlap. 

Generally speaking, it is also possible for charges to be transported inter-chain across side 

groups. Because of the traditionally bulky side groups that do not possess conjugation, this is a 

much less efficient mode for transport. The directions for transport in conjugated polymers are 

shown schematically in Figure 1.3. 

1.3.2 Impact of Disorder on Transport 

As mentioned previously, the most efficient mechanism for charge transport is intra-chain 

across the length of the polymer chain. It is often not possible for a charge to traverse the entire 

length of the polymer chain due to kinks in the polymer chain. In this case, if the energy barrier 

is large enough, the charge must hop to a different chain to continue its motion. Since carrier 

motion inter-chain is slower than intra-chain, the mobility significantly decreases with inter-

chain hopping. This is one example of how charge carrier mobility can be specifically influenced 

by the structure of the chains at the nanoscopic scale. 

In addition, the microscopic and macroscopic morphology of the conjugated polymer 

plays a role in the mobility of carriers. The semi-crystallinity of conjugated polymers originates 

from the coexistence of amorphous regions and ordered aggregates. The weak VDW forces 

between polymer chains, as well as the numerous conformations a single chain can have, lead to 

an inevitable degree of structural disorder and energetic traps present following fabrication and 

post-processing of films. Increasing the size of the aggregates with respect to the amorphous 
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regions improves crystallinity of the conjugated polymer. The high carrier mobilities of highly- 

crystalline P3HT and poly(2,5-bis(3-alkylthiophen-2-yl)thieno[3,2-b]thiophene) (PBTTT) 

initially indicated that long-range order due to high crystallinity was critical to the efficient 

movement of carriers.53,54 While improved crystallinity allows for less hindered motion of 

carriers along the polymer backbone or between overlapping π-orbitals within aggregates, 

charges must also be able to traverse between aggregates along “tie-molecules” for efficient 

transport (see Figure 1.4).55 This confining of charge carriers to aggregates results because of the 

energy barrier encountered as a carrier tries to move from ordered aggregate to amorphous 

region. Improved connectivity between aggregates explains why molecular weight tends to 

improve carrier transport in conjugated polymers, even though crystallinity is decreased.56,57 

Thus, several factors are influential to carrier transport in conjugated polymers with inherent 

disorder, including aggregation, molecular weight, chain rigidity, and chain packing.55,57 

Figure 1.4. Schematic of ordered aggregates (blue background) and amorphous regions (white background) in 

conjugated polymer. Arrows show “tie-molecules” connected aggregates. 
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1.3.3 Charge Transport Theory: Gaussian Disorder Model 

In a conjugated polymer, modelling how charge carriers are transported requires a 

framework that accounts for both structural and energetic disorder. The most commonly utilized 

model that accounts for these two terms of disorder is the Gaussian Disorder Model (GDM), 

originally described by Bässler.58,59 The GDM describes both the electric field and temperature 

dependencies of carrier transport in conjugated polymers. Charge transport occurs between 

elementary sites, either those participating in transport or defects, that have energies subjected to 

a Gaussian distribution. In the simplest case, hopping between sites is uncorrelated, though 

further corrections to the GDM have been proposed to include correlated behavior.60 Hopping 

rates between sites are dictated by the Miller-Abrahams equation (1.1): 

𝑣𝑖𝑗 = 𝑣0𝑒−2𝛾𝑎
𝑟𝑖𝑗

𝑎  ×  𝑒−
𝜀𝑗−𝜀𝑖

𝑘𝑇  𝑓𝑜𝑟 𝜀𝑗 > 𝜀𝑖       

𝑣𝑖𝑗 = 𝑣0𝑒−2𝛾𝑎
𝑟𝑖𝑗

𝑎  × 1            𝑓𝑜𝑟 𝜀𝑗 ≤ 𝜀𝑖      (1.1) 

where vij is the hopping rate between two sites i and j with energies εi and εj, v0 is the frequency 

pre-factor, γ is related to the electronic coupling between sites, a is the average lattice distance, 

and rij/a is the relative jump distance between sites. As seen in equation (1.1), charge carriers 

move to higher energy sites in a thermally-activated process. If a charge carrier moves to a site 

lower in energy, a random walk is executed. 

The GDM predicts a non-Arrhenius temperature dependence of carrier mobility, scaling 

as 1/T2. The temperate and electric field dependencies of carrier mobility are described using the 

following equation (1.2): 

𝜇(𝑇, 𝐸) =  𝜇0exp [−
2

3
(

𝜎

𝑘𝑇
)

2

]exp {𝐶[((
𝜎

𝑘𝑇
)

2

− Σ2] 𝐸
1

2}      (1.2) 
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where µ is mobility, T is temperature, E is electric field, σ is the Gaussian DOS width, Σ 

describes positional disorder, and C is a fitting parameter. The GDM, as indicated by this 

equation, predicts that positional disorder can have a negative influence on the carrier mobility as 

the electric field is increased. Carriers in high electric fields, able to overcome energy barriers, 

are forced to take shorter, but slower, routes from point to point. It is noted here that there can be 

contributions from both polaronic (charge carrier and its distorted surroundings) and disorder-

induced effects (energetic sites with Gaussian distribution), and these contributions together 

manifest themselves as logµ behavior being between 1/T and 1/T2 dependencies.61 These 

contributions can be separated with carefully-controlled experiments, though both polaronic 

“self-trapping” of carriers and Gaussian disorder have similar influences on charge transport. In 

the following chapters, equation (1.2) will be utilized primarily, because in our experiments the 

logµ follows a 1/T2 dependency and a decrease in mobility with increased electric field has also 

been noted, which is predicted by the GDM. 

1.3.4 Transport at the Conjugated Polymer/Electrode Interface 

At the device level, the ways in which charges are transported between the conjugated 

polymer and electrode at their interface is significant for device processes and performance. 

Though conjugated polymers have charge transport governed by hopping between molecular 

sites, band-like behavior has been observed in polymers with high carrier concentrations, either 

due to doping or intrinsic levels.62–64 When the conjugated polymer and electrode are brought 

into contact, the Fermi levels of the two materials align. If the work function of the substrate 

exceeds a critical value so that the built-in potential between the polymer and electrode Fermi 

levels is “large”, upon contact there will be charge transfer into the tail states of the conjugated 

polymer, resultant in band bending of the highest occupied molecular orbital (HOMO) and 
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lowest unoccupied molecular orbital (LUMO) levels toward the occupied tail states in the energy 

gap. This band-bending phenomenon has been noted in various conjugated polymers on a variety 

of substrates, and the degree of band bending has been proposed to depend on the work function 

of the substrate and the electronic structure of the conjugated polymer.62 Based on the GDM and 

the intertwined landscapes of structural and electronic disorder, a connection between 

morphology and electronic structure of a conjugated polymer necessarily exists, and in fact is 

shown explicitly in Chapter 2. From band-bending data, it is possible to extract the density of tail 

states (DOTS) width to clarify electronic disorder in conjugated polymers, making the 

measurement of band bending quite useful. 

1.4 Polymer Morphology Design Tools 

With the connection between morphology and properties clearly elucidated, the ability to 

control morphology to design polymer films with well-defined properties is desired. As noted in 

several examples in this dissertation, many polymer properties are not intrinsic to the material, 

but instead tunable depending on how precisely the film is fabricated or processed post-

fabrication. Several morphological design tools are discussed here, though the list is not 

exhaustive.  

First, films may be fabricated in a variety of ways, including spin casting and drop 

casting. In these two methods, the polymer is mixed with solvent with which it is miscible, and 

the solution is either dropped on a spinning substrate (spin casting) or on a still substrate (drop 

casting). The solvent evaporates to leave the film behind. In these two cases, the thickness and 

structure of the film can be altered by many parameters, including concentration, spin speed, and 

choice of solvent. Films can also be deposited with a laser, as shown in Chapters 2 and 3. The 
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method utilized in these chapters is known as matrix-assisted pulsed laser evaporation (MAPLE). 

In MAPLE, a laser targets a frozen polymer/solvent mixture in a high vacuum chamber. Most of 

the energy is absorbed by the solvent, limiting polymer degradation. A plume of organic material 

and solvent is ejected toward the substrates rotating above the frozen mixture. The volatile 

solvent is removed under the high vacuum environment, leaving the organic material to be 

deposited on the substrates. Unique globular film morphology is accessible with this technique. 

Second, processing films post fabrication can vastly alter polymer film morphology. 

Included in post-processing techniques are annealing procedures, like thermal, solvent, and super 

critical CO2 annealing. Thermal annealing involves application of heat to the film, either in an 

ambient or inert environment. In solvent annealing, films are exposed to solvent vapor that can 

penetrate the film or lead to a liquid or quasi-liquid state at the surface of the film. Solvent 

annealing was used in Chapter 4 to post-process both conjugated polymer films and bismuth-

based perovskite films. Super critical CO2 annealing subjects films to super critical CO2 fluid at a 

well-defined temperature and pressure. This “green” post-processing technique has proven 

successful in altering conjugated polymer morphology near the interface of the 

polymer/substrate, leading to enhanced in-plane carrier transport properties.65  

Finally, tailoring interfacial interactions allows for the modification of polymer 

morphology and properties, especially in thin films in which the area near the interface 

comprises a sizeable volume percentage of the total film. SAMs were employed in Chapter 3 at 

the conjugated polymer/electrode interface. Other interfacial constituents, like molecular films 

and surface modifiers, have also been applied to change the interaction at the interface, resultant 

in a variety of consequences like change to substrate work function and surface energy. These 

alterations of substrate work function and surface energy have implications for both band- 
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bending behavior and film morphology. Furthermore, manipulation of the strength of interfacial 

interactions can impact thin film polymer structure, as considered in Chapter 5. For instance, if 

the polymer can hydrogen bond with its substrate (strong interfacial interaction) as opposed to 

weak VDW bonding, the thin film structure near this interface can be influenced. 
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 Film Fabrication: Influence on Morphology 

and Electronic Properties of Conjugated Polymer Films 

Reproduced from Wenderott, J. K; Dong, B. X.; Green, P.F. Band Bending in Conjugated 

Polymer Films: Role of Morphology and Implications for Bulk Charge Transport Characteristics. 

J. Mater. Chem. C 2017, 5 (30), 7446-7451 from Reference 66 with permission from the Royal 

Society of Chemistry. 

2.1 Introduction 

Understanding energy level alignment at interfaces in organic electronic devices is 

critical to their optimal performance both in terms of power conversion efficiencies and stability. 

Band bending in conjugated polymers, initially believed to not occur due to the distribution of 

localized electronic states as opposed to the band structure of crystalline inorganic 

semiconductors, is possible when the density of charge carriers in the polymer is either increased 

due to doping or the intrinsic values are sufficiently high, leading to a depletion region upon 

contact between the polymer and a conductive substrate.62–64 Shifting, or bending, of the highest 

occupied molecular orbital (HOMO) and the lowest unoccupied molecular orbital (LUMO) 

energy levels of a polymer occurs at the interface as the Fermi levels (EF) of the two materials 

align, or equilibrate, upon contact.62,67–69 This alignment, resulting in band bending, is a direct 

result of charge transfer that occurs between the conductive substrate (metal – M) and the 
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electronic energy states of the conjugated polymer (organic semiconductor – O) close to the 

substrate.70 Studies of organic semiconductor/metal (O/M) interfaces have shown band bending 

depends on both the electronic structure of the conjugated polymer and the work function of the 

substrate.62,71  

While several studies have explored the effect of different substrate work functions, 

virtually no studies have clearly elucidated how band bending at the conjugated polymer 

(O)/conductive substrate (metal (M) or semiconductor (I – inorganic)) interface is influenced by 

the morphology of the polymer. Carrier transport models for structurally-disordered organic 

material systems include terms that quantify the role of both positional (i.e.: distribution of 

hopping site distances) and energetic disorder (statistical distribution of energy states).58 These 

models implicate a connection between morphology, electronic structure and, thus, band 

bending. More recently, experiment and calculation have shown that changing the backbone 

orientation of conjugated polymer films significantly impacts both energy level alignment at O/O 

and O/I interfaces and also bulk charge carrier transport.20,72–74 In order to investigate the role of 

morphology we employed two very different strategies to prepare poly(3-hexyl thiophene) 

(P3HT) films on conductive indium tin oxide (ITO)/poly(3,4-

ethylenedioxythiophene):polystyrene sulfonate (PEDOT:PSS) substrates. The two fabrication 

methods were conventional spin-casting and the novel matrix-assisted pulsed laser evaporation 

(MAPLE). We find that depending on the fabrication conditions, the morphology of P3HT films 

changes, severely impacting band bending, density of states (DOS), and out-of-plane charge 

transport properties. Our results highlight the role morphology plays in energy level alignment at 

the O/M interface. 
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2.2 Experimental Section 

2.2.1 Preparation of Spin-Casted and Matrix-Assisted Pulsed Laser Evaporation 

(MAPLE)-Deposited Samples 

All substrates were cleaned by ultrasonication in an Alconox® detergent solution, DI 

water, acetone, hot Hellmanex® solutions and 2-propanol for 5 minutes each, followed by UV-

ozone treatment for 20 minutes. Kelvin probe force microscopy (KPFM) and current extracted 

by linearly increasing voltage (CELIV) measurements were performed on polymer films on 

indium tin oxide (ITO)/glass substrates coated with a layer of poly(3,4-ethylenediosythiophene): 

polystyrene sulfonate (PEDOT:PSS).  

Poly(3-hexylthiophene) (P3HT) (Reike Metal, ~95% regioregularity, Mw = 50,000 

g/mol) solutions were prepared by dissolving the polymer in 1,2-dicholorobenzene (DCB). 

Solutions were allowed to mix overnight before being filtered with 0.45 µm 

polytetrafluoroethylene (PTFE) filter. To make the spin-casted films, filtered solutions were spun 

onto prepared substrates at 600 rpm for 2 minutes. 

MAPLE deposition was performed with a system purchased from PVD products with a 

Er:YAG laser (Quantel) of 2.94 µm wavelength. An emulsion-based approach75 was utilized in 

which the P3HT was dissolved in DCB and then mixed with benzyl alcohol and deionized water 

that contained 0.0005 wt % sodium dodecyl sulfate surfactant at a ratio of 1:0.3:3. To create an 

emulsion, the mixture was ultrasonicated until visibly homogeneous. The emulsion was then 

placed in a cooled (-170 °C) target cup, and upon freezing, the chamber was pumped to a high 

vacuum condition (< 2 x 10-5 Torr). ITO/PEDOT substrates were placed 5.5 cm above the target 

cup, and both the target cup and the substrates were kept at constant rotation during deposition. 

The laser fluence was maintained at ~1.3 J/cm2 at a repetition rate of 5 Hz as it rastered across 
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the frozen emulsion surface. The deposition time was varied to achieve varying thicknesses of 

P3HT films. Thicknesses of the samples were confirmed with spectroscopic ellipsometry. 

2.2.2 Work function Measurement by Kelvin Probe Force Microscopy (KPFM) 

KPFM measurements were performed using Pt-coated Si probes made by Nanosensors 

(stiffness ~0.5-1 N/m, resonant frequency ~75 kHz) on an Asylum Research MFP3D atomic 

force microscope. Most measurements were made in air with 10-30% humidity. KPFM acts as a 

double-pass, intermittent contact technique. First, the sharp metallic tip raster-scans across the 

surface of interest, measuring the topography. During the first pass, the cantilever is driven at its 

first harmonic resonance frequency, and the amplitude of this mechanical oscillation is used as 

the feedback signal. In the second pass, which follows the same path as the first pass, an AC bias 

at the first harmonic resonance frequency of the cantilever is applied to the tip that generates 

oscillating electrical forces between the tip and sample. The mechanical oscillations of the 

cantilever are set to zero and the tip is lifted to a set height (“lift height”). This distance is 

between 10-20 nanometers, which captures the electrostatic interactions but remains far removed 

from short-range VDW forces. A lock-in amplifier is employed to extract the electrical force 

component with the first harmonic frequency and apply a DC bias until this oscillation is 

nullified. These oscillations are continually nullified as the tip follows the second pass, providing 

a local map of the surface potential.  

Shown theoretically, an AC bias, applied to the tip during the second pass, leads to an 

electrostatic force between the tip and sample that is given by:  

 

𝐹𝑒𝑙 =  −
1

2
∆𝑉2 𝜕𝐶(𝑧)

𝜕𝑧
,         (2.1) 
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where z is normal to the sample surface, ΔV is the voltage difference between the tip and the 

contact potential difference and dC/dz is the capacitive gradient between the tip and sample. The 

voltage difference can be written as: 

 

∆𝑉 = 𝑉𝑡𝑖𝑝 − 𝑉𝐶𝑃𝐷 = (𝑉𝐷𝐶 − 𝑉𝐶𝑃𝐷) + 𝑉𝐴𝐶sin (𝜔𝑡),     (2.2) 

 

where VDC+VACsin(ωt) is the voltage applied to the tip and VCPD is the contact potential 

difference voltage. By plugging equation (2.2) into (2.1), the electrostatic force is given by: 

 

𝐹𝑒𝑙 =  −
1

2

𝜕𝐶(𝑧)

𝜕𝑧
[(𝑉𝐷𝐶 − 𝑉𝐶𝑃𝐷) + 𝑉𝐴𝐶 sin(𝜔𝑡)]2.     (2.3) 

 

This electrostatic force can be separated into three components – one static, one 

dependent on the first harmonic (ω) and one dependent on the second harmonic (2ω). The 

component dependent on the first harmonic, sought with KPFM, is given by: 

 

𝐹𝜔 =  −
𝜕𝐶(𝑧)

𝜕𝑧
(𝑉𝐷𝐶 − 𝑉𝐶𝑃𝐷)𝑉𝐴𝐶sin (𝜔𝑡)      (2.4) 

 

Equation (2.4) shows, if the DC bias is applied to match that of the CPD, Fω = 0 and 

electrical oscillations of the tip will be nullified.  In this way, the applied DC bias is equal to that 

of the CPD and this value can be acquired across the surface of the sample. The VCPD, as first 

seen in equation (2.2), is defined as: 

 

𝑉𝐶𝑃𝐷 =
𝜑𝑡𝑖𝑝−𝜑𝑠𝑎𝑚𝑝𝑙𝑒

−𝑒
,         (2.5) 
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where φtip and φsample are the work functions of the tip and sample, respectively, and –e is the 

elementary charge.  As equation (2.5) shows, the work function of the tip must be known to find 

the absolute work function of sample. This is accomplished through the use of highly ordered 

pyrolytic graphite (HOPG), which has a well-defined work function of 4.6 eV. A schematic of 

the KPFM technique is provided in Appendix A. 

 

2.2.3 Out-of-Plane Mobility Measurements by Current Extracted by Linearly 

Increasing Voltage (CELIV)  

The out-of-plane carrier mobility measurement was conducted on samples of ~ 100 nm 

thickness. The triangle voltage for the CELIV measurement was created by a BK Precision 4075 

function generator and the responded current was amplified using a FEMTO amplifier before 

being recorded by a Tektronix digital oscilloscope. All of the mobility measurements were 

carried out in a vacuum cryostat (Janis Inc.) at specific temperatures controlled by a temperature 

monitor (LakeShore Cryotronics). In a CELIV measurement, there are two major contributions 

to the responded current: the displacement current j(0) due to the geometric capacitance of the 

sample and the drift current ∆j = j – j(0) resulting from the extraction and flow of free charge 

carriers within the film. The hole mobility µ in a CELIV measurement is calculated using the 

following relation76 

        (2.6) 
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Here, h is the film thickness, A is the voltage ramping rate and tmax is the time at which the 

current reaches the maximum value. The electric field dependence measurement at each 

temperature was performed by changing the ramping rate, A (electric field, E = Atmax/h). 

Figure 2.1. Comparison of topography (a and b) and surface potential (c and d) scans of MAPLE-deposited (a 

and c) and spin-cast (b and d) P3HT films. Roughness of topography and surface potential are listed, showing 

the variations are larger for the MAPLE-deposited samples. MAPLE-deposited and spin-cast films are ~70 nm 

and ~50 nm thick respectively. 
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2.3 Results and Discussion 

It should be noted that in both spin-cast or MAPLE-deposited films, the contacts made 

between the P3HT and the ITO/PEDOT:PSS substrate would be categorized as weakly 

interacting, implying the energetics at the interface are controlled entirely by charge transfer.62 

As seen in Figure 2.1a and 2.1b, MAPLE-deposited P3HT films are significantly rougher than 

their spin-cast counterparts (more than four times) and possess a globular morphology consistent 

with previous reports of MAPLE-deposited polymer films.15,77–79 In this case, the representative 

films in Figure 2.1 correspond to the thickest films tested (~70 nm, MAPLE-deposited and ~50 

nm, spin-cast) on ITO/PEDOT:PSS with atomic force microscopy (AFM) techniques. This 

globular morphology is due to the deposition mechanism: a laser targets a frozen mixture of the 

polymer and solvent and a resultant plume of polymer droplets is directed toward the substrate. 

Because the energy of the laser is absorbed primarily by the solvent host, degradation of the 

polymer molecular weight is minimized, which makes MAPLE more attractive for vacuum 

deposition of polymer thin films than other physical laser deposition methods.75  

It is also evident from Figure 2.1c and 2.1d that the surface potential across a MAPLE-

deposited P3HT film has greater variation than that of the spin-cast sample. This surface 

potential corresponds to the DC bias required to nullify mechanical oscillations of an AFM tip at 

its first harmonic frequency at all points across the surface map. This method, Kelvin probe force 

microscopy (KPFM), utilizes the null-detection condition to provide the contact potential 

difference (VCPD), which is precisely equal to the DC bias applied to the tip. The VCPD can be 

related to the work function of the sample (ϕpoly) through the simple relation shown previously, 

equation (2.5). 
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KFPM was specifically chosen to measure the work function of the P3HT samples for 

several reasons. First, similar to macroscopic Kelvin probe (KP), KPFM is performed in the 

dark, so samples that are highly conductive, semiconductive, and insulating at varying 

thicknesses can be tested without charging of the sample taking place. Additionally, KPFM is not 

dependent on charge transport as certain other methods of assessing DOS, which removes it from 

concerns of measuring an effective DOS since charge transport depends on the DOS. Finally, 

Figure 2.2. The changes to the work function of the films (with h=0 being the work function of the uncoated 

ITO/PEDOT:PSS substrate) with thickness indicate a much stronger band-bending effect (see arrows) in 

MAPLE-deposited P3HT films (a) than in spin-cast P3HT films (b), which show little to no band-bending 

behavior. Band bending of P3HT is illustrated (c) with vacuum level offset (eV(x)) when the Fermi levels of the 

substrate and polymer align. In (a) and (b), the error bars of the work functions calculated from the surface 

potential fluctuations are smaller than the data points and not included. 
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unlike macroscopic KP, KPFM is a surface and sub-surface measurement with a certain depth of 

probe, which depends on the characteristics of the sample. Experimental tests on P3HT films 

have shown this depth of probe can extend to 100 nm.80 This depth of probe is important 

especially if the area of interest is located at a buried interface or if the intent is to probe a 

volume extending a certain thickness into the sample. More details of the principles and 

experimental procedures for KPFM can be found in the Experimental Section and elsewhere.81 

The work functions measured by KPFM for both MAPLE-deposited and spin-cast P3HT 

samples as a function of film thickness are plotted in Figure 2.2a and 2.2b, with h=0 equalling 

the work function of the ITO/PEDOT:PSS substrate. In this case, the work function of the P3HT 

film corresponds to the vacuum energy level offset at the O/M interface after energy level 

alignment. It is clearly seen in Figure 2.2a that with decreasing thickness the MAPLE-deposited 

samples exhibit band bending, with apparent work function values of the polymer film 

approaching that of the substrate at thicknesses less than ~20 nm. This shift in the measured 

work function values of the polymer film is characteristic of charge injection into the tail states 

of the DOS. In stark contrast, no clear band-bending effect is observed at the thicknesses probed 

with KPFM for the spin-cast sample, as shown in Figure 2.2b. 

The observed band-bending effect can be quantified further by fitting to find the DOS of 

the MAPLE-deposited sample using the equation for a spatially inhomogeneous charge 

distribution: 

𝑛(𝑥) =  ∫
1

1+exp [
𝐸−𝐸𝐹
𝑘𝐵𝑇

]
𝑔[𝐸 + 𝑒𝑉(𝑥)]𝑑𝐸

∞

−∞
,      (2.7) 

 

where n(x) is the charge-carrier density at a distance x from the O/M interface, E is the energy, 

EF is the equilibrium Fermi energy level, kB is Boltzmann’s constant, T is the temperature, g(E) is 
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the model DOS, and V(x) is the electrostatic potential at a distance x from the O/M interface. 

V(x) is found by solving the 1D Poisson’s equation using the boundary conditions V(0)=0 and 

V(∞)=ϕpoly. More details for fitting are explained in detail elsewhere.62 Extensions to the model 

we used have been proposed to treat organic semiconductors as layered structures71 and to treat 

special cases like blended organic semiconductors.82,83 We assume a simplified model of charge 

transfer into the tail states of the organic semiconductor, and we consider the work functions 

extracted from KPFM to be generally representative of the full electrostatic potential, V(x), as the 

technique is sensitive to the surface and sub-surface. In our case, a Gaussian model DOS was 

fitted, which takes the form: 

𝑔(𝐸) =  
𝑁0

𝜎√2𝜋
exp [−

(𝐸−𝐸0)2

2𝜎2 ],        (2.8) 

 

where N0 is the integrated state density, σ is the width of the Gaussian DOS and E0 is the center 

of the distribution. The Gaussian fit to the DOS has been commonly used,84,85 but there is still 

debate whether a Gaussian, exponential or a combination of both is best.86,87 While no analytical 

solution is available, E0 and σ were varied to find a numerical fit to the KPFM data for the 

MAPLE-deposited P3HT films. The best fit is shown in Figure 2.2, and the corresponding values 

for the best fit are E0,MAPLE=5.5 eV and σMAPLE=235 meV. This corresponds to the HOMO level 

of P3HT at the ITO/PEDOT:PSS surface. The KPFM data for the spin-cast P3HT films could not 

be fit to find the DOS because no band-bending effect is observed for the thicknesses probed. It 

is not known whether there is no band bending in the spin-casted P3HT films or if the effect is 

seen at thicknesses less than 5 nm. In previous studies of band bending in conjugated polymer 

films, very small to no band-bending effect, corresponding to a very narrow DOS, was seen in 

films that were well-ordered or had high carrier mobilities.62 Nevertheless, it may be inferred 
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from our findings that the DOS of the MAPLE-deposited P3HT film is wider than that of the 

spin-casted P3HT and the effect in MAPLE-deposited samples extends ~20 nm into the film. 

 Indeed, knowing the width of the DOS of organic semiconductors is prudent as prior 

work points to the DOS as a key factor, even referring to it as the central quantity,71 for 

optimizing energy level alignment at the O/M interface. Since we have seen that the width of the 

DOS differs between films fabricated by the two techniques, characterization of the two 

structures is considered. In our previous publications, using a combination of optical and X-ray 

characterization methods, we showed that the MAPLE-deposited P3HT films possess a higher 

degree of disorder than their spin-casted counterparts.15,77 Specifically, MAPLE-deposited 

samples possess more random orientations of polymer crystallites along the side-chain stacking, 

π-π stacking and conjugated backbone directions as compared to spin-cast samples. Moreover, 

the conjugation length distribution, the peak width of (100) side-chain and (010) π-π stacking 

diffraction peaks are broader in MAPLE-deposited samples, further indicating a higher degree of 

disorder. With this information, we propose that the more disordered morphology of the 

MAPLE-deposited P3HT samples leads to greater energetic disorder, resulting in the observed 

broadening of the DOS as compared to the spin-cast DOS. 

To study the implications of the morphology and electronic structure on charge carrier 

transport, the out-of-plane mobility of MAPLE-deposited and spin-cast P3HT films (h~100 nm) 

was measured using current extracted by linearly increasing voltage (CELIV) technique. Details 

of this mobility measurement are listed in the Experimental Section and reported elsewhere.76 In 

order to understand the charge transport characteristics of the sample, we examined the electric 

field dependence of carrier mobility at different temperatures. The results are shown in Figure 

2.3a for the MAPLE-deposited sample and in Figure 2.3b for the spin-cast sample. It is evident 
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that for both samples and at all temperatures, log of the mobility (µ) linearly scales with square 

root of electric field (E) as logμ = logμE=0 + βE1/2. Second, the slope β decreases with increasing 

temperature and becomes negative at temperatures above 160 K for both samples. In light of 

these observations, we reasonably assume that charge transport in the samples reported here can 

be described using the well-known Gaussian disorder model (GDM) proposed by Bässler.58 The 

GDM describes charge hopping through an energy landscape characterized by (1) positional 

disorder, which originates from variation of intermolecular orientation and distance, and (2) 

energetic disorder, which originates from statistical distribution of energy states. The GDM 

proposes the following empirical equation to explain the electric field and temperature 

dependencies of carrier mobility: 

 𝜇(𝑇, 𝐸) =  𝜇0𝑒−
2

3
(

𝜎

𝑘𝑇
)2

𝑒𝐶[(
𝜎

𝑘𝑇
)2−𝛴2]𝐸

1
2
.       (2.9) 

 

Here, σ is the width of the Gaussian DOS, Σ is a parameter that describes the positional 

disorder, and C is a fitting parameter. To further illustrate the temperature dependence of carrier  

Figure 2.3. Electric field dependence of out-of-plane mobilities at different temperatures for (a) MAPLE-

deposited film and (b) spin-cast film. The thickness for the films studied was ~100 nm. (c) Temperature 

dependence of the mobilities under conditions of field E = 0, log μ(E=0), plotted as a function of 1/T2. 



 

29 

 

mobility, the extracted zero field mobilities (mobility at E = 0) are plotted as a function of 1/T2 in 

Figure 2.3c. It is evident that the log of mobility linearly scales with 1/T2, in agreement with 

predictions of the GDM.74 For all temperatures that were investigated, the zero-field mobility of 

the MAPLE-deposited sample is always lower than that of the spin-cast sample, consistent with 

our previous study.77 Moreover, the slope of the mobility curve in Figure 2.3c is larger in the 

MAPLE-deposited sample, indicative of a wider DOS according to equation (2.9). Inserting the 

mobility data into equation (2.9), we find the DOS widths (σ) of the MAPLE and spin-cast 

sample are 52 meV and 31 meV, respectively. Here, we note that the DOS widths extracted from 

the GDM and from KPFM measurements are not the same. This is probably because the GDM is 

not as accurate as some of the newly developed correlated-GDM in which the concept of site 

correlation is accounted for, leading to different pre-factors for the DOS width.88–90  

Although examining extended transport models require more sophisticated analysis 

beyond the scope of this study, we emphasize that based on our transport data, it is clear that the 

DOS of the MAPLE-deposited sample is wider than the spin-cast sample. This is in excellent 

agreement with the conclusion from our KPFM measurements. Our findings underpin an 

important point previously suggested: electronic states that contribute to band bending in 

conjugated polymers are also those responsible for bulk charge transport.62 The width of the 

DOS is thus responsible for the effective carrier mobility, ignoring the high temperature 

regime.91 Other studies have also pointed to the importance of the width of the DOS of organic 

semiconductors, tying its broadening to a decrease in open circuit voltage in organic 

photovoltaics92 and to alterations of injection barrier height.71  Our study illustrates that the width 

of the DOS can vary in a single conjugated polymer with different morphologies. 
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2.4 Conclusions 

In conclusion, we showed that the band bending in P3HT films on ITO/PEDOT:PSS 

substrates varies appreciably with the morphology of P3HT. The different morphologies were 

achieved using two different strategies: MAPLE deposition and conventional spin-casting. A 

strong band-bending effect was observed in MAPLE-deposited samples in which the work 

functions of the samples shifted toward the work function of the substrate with decreasing 

sample thickness, thus indicating charge injection into the tail states of the DOS. No observable 

band-bending effect was measured in spin-cast P3HT films. Using a model for charge transport 

into the tail states of the DOS, we ascertained a broader DOS at the HOMO level of the MAPLE-

deposited P3HT films than the spin-cast P3HT films, consistent with the disordered morphology 

of the MAPLE-deposited samples reported in our previous study. The implications of 

morphology on charge transport were illustrated with temperature- and electric field-dependence 

studies of out-of-plane mobilities, yielding results suggesting that the electronic states 

responsible for the band-bending effect in conjugated polymer films are the same as those that 

dictate bulk transport. The use of KPFM to observe band bending in conjugated polymers on a 

variety of substrates, which allows for the extraction of the DOS, is particularly relevant now 

with the latest understanding regarding the significance the DOS of organic semiconductors has 

on energy level alignment at the O/M interface 
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 Self-Assembled Monolayers at the 

Conjugated Polymer/Electrode Interface: Implications for 

Charge Transport and Band-Bending Behavior 

Reproduced with permission from Wenderott, J. K..; Green, P. F. Self-Assembled 

Monolayers at the Conjugated Polymer/Electrode Interface: Implications for Charge Transport 

and Band Bending Behavior. ACS Applied Materials & Interfaces. 2018, DOI: 

10.1021/acsami.8b03624. Copyright 2018 American Chemical Society. 

3.1 Introduction 

The chemical constituents, electronic structure, morphology, and the highest occupied 

molecular orbital (HOMO) and lowest unoccupied molecular orbital (LUMO) levels influence 

the performance of organic semiconductors in various device applications, including solar cells 

and field-effect transistors.93–95 Additionally, developing methods to tailor the work functions 

(WFs) of conductive substrates contribute to an effective design strategy. Reducing the WF of 

the substrate can improve charge injection at the interface, thereby improving device 

performance. Surface modification of the conductive substrate is the most common method 

employed to change the WF of a substrate. For example UV ozone96 or oxygen plasma97 surface 

treatment of indium tin oxide (ITO), commonly used for its transparency and high conductivity 
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in organic electronic devices, has been used to improve charge injection in devices that rely on 

ITO substrates. 

The addition of a molecular film,98 surface modifiers,99 or self-assembled monolayer 

(SAM)100–103 has been shown to change the effective WFs (WFeffs) of substrates. A layer of 

poly(3,4-ethylene dioxythiophene) (PEDOT) doped with poly(styrene sulfonate) (PSS) has been 

used to reduce the WF (barrier height) at the ITO anode.104 However, the ITO/PEDOT:PSS 

interface has, unfortunately, been shown not to be stable.105 The use of self-assembled 

monolayers (SAMs) to modify the WFs of substrates has proven to be viable for device 

applications because of the improved durability of the SAMs due to strong adherence to the 

substrate via chemical bonding.100,106 Whether the new effective work function of the SAM-

modified substrate, WFeff, engenders the same behavior as a substrate with an equivalent WF is 

unclear, as shifts in WFeff were sometimes observed to not result in the expected shift in the 

organic semiconductor energy levels.107 Because the utilization of solution-based SAMs to 

modify the substrate WF is procedurally-simple and cost-effective, greater understanding of how 

precisely the SAM influences energy level alignment and carrier transport properties at the 

organic semiconductor (O)/conductor (metal – M) interface is warranted.  

Although it is known that the addition of a SAM to a substrate can increase or decrease 

its WFeff, the overall effect on the electronic properties at the O/M interface is not well 

understood. For instance, the interfacial interaction between the substrate and the organic 

semiconductor is necessarily changed in the presence of the typically highly polar SAM. With 

regard to the overall device performance, the additional role that the morphology of the organic 

semiconductor has in affecting the in- and out-of-plane carrier mobilities within the organic 

semiconductor is important. In supported thin film organic semiconductors, structurally 
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disordered by nature, the charge transfer at the O/M interface can be strongly influenced by the 

morphology – we showed how different fabrication methods enabling different morphologies 

can be achieved.66 Moreover, poly(3-hexylthiophene) (P3HT), supported by ITO/PEDOT:PSS 

substrates, exhibited varied out-of-plane carrier mobilities () because of the fact that  is 

sensitive to details of the morphology. The extent of the influence of the morphology on carrier 

transport is significant, as band bending was observed.  Specifically, the HOMO and LUMO 

levels of organic semiconducting polymer shift as charge is transferred from the electrode at the 

O/M interface upon contact, as the Fermi levels of the two materials to equilibrate. It is 

noteworthy that the P3HT films with more-disordered morphologies – increased paracrystallinity 

in the π-π stacking directions and increased distribution of crystallite (aggregate) orientation 

distributions – exhibited more band-bending behavior, extending tens of nanometers into the 

films, as well as slower out-of-plane carrier mobilities. The extent of band bending due to the 

morphology is more significant than that previously anticipated, as it was comparable to that 

observed in semiconducting polymers of very different chemistries. Our findings were 

rationalized within the framework of the Gaussian disorder model (GDM), which describes the 

behavior of charge carriers migrating throughout a landscape characterized by energetic disorder 

and structural disorder. The structural disorder naturally originates from the disordered, 

amorphous and crystalline phases, of the sample and the energetic disorder from the fact that the 

charged carriers interact with an environment in which the local polarization fluctuates spatially 

and randomly. 

In this study, the influence of two different SAM-modified substrates, trichloro (1H, 1H, 

2H, 2H-perfluorooctyl)-silane (FTS)/ITO and octadecyltrichlorosilane (OTS)/ITO, on the 

electronic properties, specifically the band bending effect, of P3HT is investigated. Band 
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bending is known to be dependent on the WF of the substrate and the electronic structure of the 

conjugated polymer, so probing the band-bending behavior of P3HT on substrates with SAMs 

enables a better understanding if the WFeff of the SAM/ITO is alone responsible for the band 

bending observed or if the SAM also impacts the electronic structure of P3HT. Two distinct 

morphologies of P3HT are studied: (1) that arising from typical spin-casting from 

dichlorobenzene (DCB) and (2) that fabricated using matrix-assisted pulsed laser evaporation 

(MAPLE), a technique used for depositing conjugated polymer films for a number of 

applications, including organic photovoltaics (OPVs) and thin-film transistors, among 

others.15,66,75,77,108–117 Although the role of the morphology on band bending is now understood in 

this system, it would be important to gain insight into the combined effect of morphology and 

interfacial SAMs (SAMs modify the interfacial interactions and WFs) on band bending. What 

effect would interfacial SAMs have on transport and charge transfer at the interface under these 

circumstances? Our prior research showed that in-plane carrier transport in MAPLE-deposited 

films on OTS treated silicon substrates,77,115 is superior to those of non-treated substrates. 

However, the out-of-plane transport is yet to be investigated; it would be necessary to know this 

information in order to develop a better understanding of the carrier transport characteristics. 

Such an understanding would enable the design of more versatile organic electronic devices. To 

this end, the combined effects of morphology, achieved using different fabrication methods, and 

interfacial modification using SAMs on are investigated to understand: (1) the strength of band 

bending, as determined by the depth into the film the behavior extends; (2) the width of the 

density of states (DOS) distribution, and (3) the out-of-plane carrier transport across the bulk of 

the films are presented.  
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Our findings reveal that the degree of band bending in the P3HT/SAM/ITO system may 

not be understood solely in terms of the SAM-engendered shift of the WF of ITO. The MAPLE-

deposited films, which are more disordered and possess broader DOSs, exhibited stronger 

degrees of band bending than the spin-cast films supported by the same SAM/ITO substrates. 

Notably, though the degree of band bending in P3HT/OTS/ITO was smaller than that of 

P3HT/ITO, OTS/ITO has a larger WFeff than bare ITO. In light of this, the additional role of the 

SAMs beyond modification of the WF was implicated. 

3.2 Experimental Section  

3.2.1 Conjugated Polymer Film Preparation: Spin-Cast and MAPLE-Deposited 

Samples 

All substrates of ITO/glass were cleaned via ultrasonication in Alconox detergent 

solution, deionized water, acetone, hot Hellmanex solution, and 2-propanol for 5 min each, 

followed by UV-ozone treatment for 20 min. SAMs, either octadecyltricholosilane (OTS) 

(Gelest Inc.) or trichloro (1H,1H,2H,2H-perfluorooctyl)silane (FTS), were prepared on the 

cleaned substrates in a nitrogen glovebox environment. OTS was formed by immersing 

substrates in a mixture of OTS and hexadecane (1:250 by volume) for 14 h while stirring. FTS 

deposition was carried out in the vapor phase by placing substrates in a closed vessel together 

with 200 µL FTS in a small glass container and heating to 150 °C for 2 h.118,119 The chemical 

structures for OTS and FTS are shown in Appendix B. Details of the characterization and quality 

of the SAMs, including dipole moment calculations, are also included in Appendix B. It is noted 

that the quality of the SAMs on ITO, despite the roughness of the substrate, is high. 
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Solutions of P3HT (Reike Metal, ~95% regioregular, Mw = 50,000 g/mol) were prepared 

by dissolving P3HT in 1,2-dichlorobenzene (DCB) and shaken overnight prior to filtering with a 

0.45 µm filter. For spin-cast films, the filtered P3HT solution was spin-casted onto the OTS- or 

FTS-treated substrates at 600 rpm for 2 min. Specifically, for the FTS-treated substrates, the 

P3HT solution was allowed to rest on the substrate for 15 s prior to spinning because of the very 

low surface energy of the substrates. 

MAPLE deposition (PVD products) was performed with a system containing a Er:YAG 

laser (Quantel) of 2.94 µm wavelength. The P3HT solutions in DCB were mixed with benzyl 

alcohol and DI water containing 0.0005 wt % dodecyl sulfate surfactant at a ratio of 1:0.3:3. An 

emulsion, based on a previous approach,75 was created by ultrasonicating the mixture until 

visibly homogeneous. The emulsion was placed into a liquid nitrogen-cooled (-170 °C) target 

cup, and the ITO and SAM/ITO substrates were placed 5.5 cm above the target cup. The entire 

chamber was pumped down to high vacuum (< 2 x 10-5 Torr). During deposition, both the target 

cup and substrates were constantly rotated, and the laser fluence incident on the frozen emulsion 

was kept at ~1.3 J/cm2 at a repetition rate of 5 Hz while rastering across the surface. Varying 

deposition times (typically 5, 30 min, 1, 3, 5, 8 hr) were chosen to achieve different thicknesses 

of the P3HT films, which were confirmed using atomic force microscopy (AFM) and 

spectroscopic ellipsometry. 

3.2.2 WFs Measured via Kelvin Probe Force Microscopy (KPFM) and Surface 

Topography Measured with Atomic Force Microscopy (AFM) 

Topography and the WFs of spin-cast and MAPLE-deposited P3HT films were both 

measured with an Asylum Research MFP-3D stand-alone AFM in intermittent contact mode. 

Surface topography was measured using a CT300 probe (Aspire) with a spring constant of ~40 
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N/m and a resonant frequency of ~300 kHz. Kelvin probe force microscopy (KPFM) 

measurements were performed using Pt-coated Si probes (Nanosensors) with a spring constant of 

~0.5-1 N/m and resonant frequency of ~75 kHz.  

KPFM is a double-pass technique, with the first pass measuring topography of the sample 

while the tip is driven at its first harmonic resonance frequency. During the second pass, the tip 

follows the same path as the first and an ac bias at the first harmonic is applied to the tip to 

generate oscillating electrical forces between the tip and sample. The tip is lifted to a set height 

(“nap height”) between 10 and 20 nm, and the mechanical oscillations of the tip are set to zero. 

Under these conditions, the surface potential between the tip and sample can be extracted, which 

can be then used to find the WF of the sample after calibrating the tip. This relation is shown in 

equation (3.1), 

𝑉𝐶𝑃𝐷 =
𝜑𝑡𝑖𝑝−𝜑𝑠𝑎𝑚𝑝𝑙𝑒

−𝑒
      (3.1), 

where VCPD is the surface potential, or contact potential difference, ϕtip is the WF of the tip, ϕsample 

is the WF of the sample, and e is the elementary charge. ϕtip can be found by calibrating the tip 

on a surface with a well-known WF, like highly ordered pyrolytic graphite (HOPG) (WF=4.6 

eV).  

WFs of the spin-cast and MAPLE-deposited samples at varying thicknesses on varying 

substrates were recorded to reveal the band bending effect in these samples. More details 

regarding KPFM may be found in the Chapter 2 – Experimental Section, Appendix A, and 

elsewhere.81,120 

3.2.3 Surface Energy Measurements of Substrates 

Surface energies of substrates were calculated by measuring static contact angles of two 

liquids, one with purely dispersive (or nonpolar) and one with a combination of dispersive and 
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non-dispersive (or polar) contributions to the surface tension, using a contact angle goniometer 

(ramé-Hart 200 F1). The liquids chosen were hexadecane (purely dispersive) and water 

(dispersive and non-dispersive), which both have well-known surface tension components. 

Contact angle measurements were repeated five times for each liquid at various positions on the 

substrates to account for local variations. Fowkes theory121 was applied to determine the surface 

energy of the substrate, as shown in equation (3.2), 

(𝜎𝐿
𝐷)1/2(𝜎𝑆

𝐷)1/2 + (𝜎𝐿
𝑃)1/2(𝜎𝑆

𝑃)1/2 =
𝜎𝐿(𝑐𝑜𝑠𝜃+1)

2
   (3.2), 

where σD
L is the dispersive surface tension component of a liquid, σD

S is the dispersive surface 

energy component of the solid substrate, σP
L is the polar surface tension component of the liquid, 

σP
S is the polar surface energy of the solid substrate, and σL is the total surface tension of the 

liquid. By testing first a liquid with purely dispersive surface tension (i.e. σP
L=0 so that σD

L = σL), 

the dispersive component of the substrate’s surface energy can be solved. This allows for the 

polar component of the substrate’s surface energy to be found when a liquid with both polar and 

dispersive surface tension components is used. The overall surface energy of the solid substrate 

was then calculated as the sum of these two components. 

3.3 Results and Discussion 

Charge transfer into the tail states of an organic semiconductor is responsible for band 

bending at the O/M interface upon energy level alignment. This effect may be quantified using 

KPFM. Charge transfer was investigated in films prepared using spin-casting and MAPLE 

deposition on bare ITO, ITO modified with a FTS monolayer (FTS/ITO), and ITO modified with 

an OTS monolayer (OTS/ITO). Charge transfer, and thus band bending, at the O/M interface 

investigated via KPFM measurements of two morphologies of P3HT on various substrates is 
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shown in Figure 3.1.  Each data point in this figure corresponds to the WF of the P3HT film at a 

certain thickness, with h=0 denoting the WF (or WFeff) of the substrate. The WFs of P3HT films 

were determined by measuring several areas across the sample surface with KPFM in order to 

identify an area representative of the sample for measurement. Additionally, in the thinnest films 

measured that did not correspond to completely continuous films, the surface potential maps 

were masked to exclude the substrate surface potential in order to ensure only the contributions 

to surface potential from the films were included. The error bars due to WF fluctuations in the 

representative areas were found to be smaller than the data points and were therefore not 

included in Figures 3.1 and 3.2. 

It is evident from Figure 3.1 that band bending extends ~20 nm into the film in all 

MAPLE-deposited P3HT samples. This degree of band bending is larger than that which occurs 

in spin-cast P3HT films. In these spin-cast films, the band-bending effect in P3HT/FTS/ITO and 

P3HT/ITO occurs over a small thickness range, less than 10 nm into the film. This small 

Figure 3.1. Measurements of the WF as a function of film thickness, manifesting band-bending behavior of spin-

cast P3HT films (left) and MAPLE-deposited films (right) on several substrates, are shown here. The band- 

bending effect is seen to extend farther into the MAPLE-deposited films (~20 nm) than the spin-cast films (~10 

nm). The pink dashed lines are guides to the eyes showing roughly where band-bending behavior is noted in 

these films. Error bars for each point are contained within the points and are thus not shown.  
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thickness range over which band bending extends points to a notable difficulty in using KPFM to 

determine band bending in all samples. In these cases, very few if any samples are within this 

small thickness range, so care had to be taken to ensure that the data points within this window 

are representative of the system. No band bending was observed for the spin-cast P3HT 

supported by OTS/ITO, not unlike similar observations in the P3HT/PEDOT:PSS/ITO samples 

previously investigated.66 Weak band bending, or that extending a short distance (<10 nm) into 

the film, or no observable band bending has previously been attributed to well-ordered or high 

carrier mobility films.62 The discrepancy between the strong and weak band bending extending 

into the MAPLE-deposited and spin-cast films, respectively, is likely due to local morphological 

structure, because there are no other intrinsic differences between the two samples. This is 

consistent with prior studies illustrating morphological differences between the spin-cast and 

MAPLE-deposited P3HT films, with MAPLE-deposited films possessing a greater degree of 

disorder than spin-cast films.15,77,122 The results in Figure 3.1 reveal that across a range of 

substrates with varied WF and WFeffs, the disordered morphology of MAPLE-deposited P3HT 

films consistently leads to a stronger measurable band bending effect than that discernible in the 

more well-ordered spin-cast P3HT films. While this is not necessarily surprising, this finding 

shows that film fabrication via MAPLE regardless of substrate choice or substrate modification 

consistently exhibits a stronger degree of band bending than its spin-cast analogues, a point not 

known prior to this study. 

To further quantify the strength of the band bending observed in the MAPLE-deposited 

samples and assess finer differences between the substrates that were investigated, the following 

equation (3.3) describing the charge carrier density n(x) at a distance x from the O/M interface 

was used to fit the KPFM data to extract the DOS g(E), 
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𝑛(𝑥) =  ∫
1

1+exp [
𝐸−𝐸𝐹
𝑘𝐵𝑇

]
𝑔[𝐸 + 𝑒𝑉(𝑥)]𝑑𝐸

∞

−∞
    (3.3), 

where E is the energy, EF is the equilibrium Fermi energy level, kB is the Boltzmann constant, T 

is the temperature, and V(x) is the electrostatic potential at a distance x from the O/M interface. 

This equation describes a spatially inhomogeneous charge distribution. The function g(E) is 

Figure 3.2. Numerical fits to the band bending of MAPLE-deposited P3HT on FTS/ITO, OTS/ITO, and bare 

ITO substrates shown together (above) and separately (below). Error bars for each data point are contained 

within the points and are thus not shown. The extracted Gaussian DOS widths are largest for the films on 

FTS/ITO (311-267 meV), followed by bare ITO (209-177 meV), and OTS/ITO (160-142 meV). 
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assumed to be Gaussian,87 and the center of the Gaussian distribution and the Gaussian DOS 

were varied to find the best numerical fit. The best fits to the KPFM data are shown in Figure 

3.2. Further details for this fitting may be found elsewhere.62,66  

The ranges of values for the Gaussian DOS widths for the MAPLE-deposited P3HT 

samples on bare ITO, OTS/ITO, and FTS/ITO are 209-177, 160-142, and 311-267 meV, 

respectively. The ranges of values are found by varying the numerical fit to the data points. To 

be complete, fits for the Gaussian DOS widths for the spin-cast samples on a range of substrates 

were also attempted (Appendix C). Though the band bending effect is notably less pronounced in 

the spin-cast P3HT films, the ranges of values for the Gaussian DOS widths for the spin-cast 

samples on bare ITO and FTS/ITO were found to 80-50 and 80-70 meV, respectively. It should 

Figure 3.3. Zero-electric field mobilities across a range of temperatures for MAPLE-deposited P3HT films atop 

FTS/ITO and OTS/ITO. Error bars for each data point are contained within the points and are thus not shown. 
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be noted that the data on OTS/ITO could not be fit because no band bending was observed at the 

film thicknesses probed. 

Because the degree of band bending differs between the P3HT/OTS/ITO and 

P3HT/FTS/ITO systems, it would be important to understand the impact on the P3HT film 

carrier mobilities in these systems containing an interfacial SAM. To this end, the out-of-plane 

mobilities of the MAPLE-deposited films (~100 nm) on OTS/ITO and FTS/ITO were measured 

using current extracted using linearly increasing voltage (CELIV). More information regarding 

the CELIV procedure and the raw data extracted from CELIV may be found in Chapter 2 – 

Experimental Section and Appendix D. It is apparent when comparing the CELIV data of 

P3HT/FTS/ITO and P3HT/OTS/ITO that the slopes of the zero-electric field mobilities, over a 

range of temperatures, were significantly different. Notably, the slope of the MAPLE-deposited 

films on FTS-modified ITO is comparatively large, revealing a wide variation of zero-field 

mobilities with temperature (Figure 3.3). This finding underscores the notion that the effect of 

interfacial SAMs can extend well beyond the interface and influence out-of-plane mobility and 

the variation of that mobility with temperature.  

The slopes of the zero-electric field dependencies of the mobilities over a range of 

temperatures may also be used to extract the width of the Gaussian DOS using the well-known 

GDM mentioned previously.58 The linear dependence of logµ on E(1/2), such that logμ = logμE=0 + 

βE1/2 where µ is the mobility and E is the electric field, shown in Figure 3.3, suggests that the 

model provides an appropriate description of the behavior of this system. The width of the DOS 

determined for the MAPLE-deposited P3HT on OTS/ITO is less than that of the film on 

FTS/ITO (σP3HT/OTS/ITO ≈ 68 meV vs σP3HT/FTS/ITO ≈ 110 meV); this is consistent with the trends of 

the DOS widths measured using KPFM and serves as a useful check on the DOS widths 
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extracted using KPFM. It is noted that the numerical DOS values extracted from the CELIV data 

differ from those extracted from KPFM data. This is because a simplified GDM equation that 

does not account for correlations between hops or other complexities. 

The differences between the DOSs of the MAPLE-deposited films, measured with KPFM 

and CELIV, suggest a substrate-related effect. There is a range of values of WFs, or WFeffs, for 

the substrates investigated: 4.73 eV for bare ITO, 5.0 eV for OTS-modified ITO and 5.88 eV for 

FTS-modified ITO. Recall that the degree of band bending depends on the differences between 

Figure 3.4. rms roughness versus thickness for MAPLE-deposited films on several substrates. Inset shows the 

rms roughness range from 0-20 nm, the extension of the band-bending effect in these films, with a pink circle 

around the rms roughnesses for each film at ~20 nm film thickness. Error bars for each roughness data point are 

contained within the point and are thus not included in the plot. AFM topography images (right) (all same scale 

as shown with 2 µm scale bar) are shown for MAPLE-deposited films on FTS/ITO to show the progression of 

topography with deposition time. 



 

45 

 

WFs.62 Interestingly, the DOS widths of the films do not directly scale with the changes to WF 

or WFeff, as it is observed that P3HT/OTS/ITO samples exhibited the narrowest DOSs. As noted 

earlier, a potential contributor to the increase in energetic disorder responsible for a wider DOS 

arises from an increase of structural disorder. This was evident by comparing DOS widths of 

MAPLE-deposited and spin-cast P3HT films on ITO/PEDOT:PSS substrates.66  

In order to understand differences between morphologies of thin films on various 

substrates, the surface topographies of MAPLE-deposited films of several thicknesses were 

measured using AFM. It is well known that MAPLE-deposited films have more disordered 

morphological structures than spin-casted films; MAPLE-deposited films also have topographies 

with larger root mean square (rms) roughnesses as determined by AFM. The topographical scans 

of the MAPLE-deposited films on FTS/ITO substrates (shown as an example) and plots of rms 

roughness as a function of thickness for all of the MAPLE-deposited films are shown in Figure 

3.4. It is evident from Figure 3.4 that the exact values for rms roughnesses for the films are not 

the same for P3HT films across all substrates, and there exists a minor spread in the RMS 

roughnesses measured for all of the samples. However, there are observations that can be made 

by examining the data in Figure 3.4. The rms roughness of the MAPLE-deposited films on bare 

ITO at a thickness of ~20 nm, which corresponds to the thickness at which the band-bending 

effect is observed in these MAPLE-deposited samples, is notably the most pronounced (rms 

roughness ~ 19 nm). This rms roughness is large, but as seen in Figure 3.4, the rms roughness 

values below film thicknesses of ~20 nm are all somewhat similar to the actual thickness of the 

“films”. This suggests a mechanism of MAPLE film formation, which does not provide thin 

uniform films. Our previous studies have shown that a fully continuous film develops on the 

surface when a film of average thickness of ~20-25 nm is deposited (approximately ~60 min of 
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deposition).115 Prior to this time, patchy globular islands of polymer are deposited on the 

substrate surface, and these islands begin to coalesce as deposition time increases. After a 

continuous film is formed, rms roughness values of the MAPLE-deposited films generally all 

increase with thickness, which is consistent with our previous reports.115
 

For the MAPLE-deposited films on bare ITO and FTS/ITO the rms roughness values for 

a film of thickness ~20 nm are ~17 and ~13 nm, respectively. These values are both higher than 

the rms roughness value of the ~20 nm film on OTS/ITO, which is approximately ~9 nm. These 

numbers reveal a possible effect of the substrate on which the globular islands form. When 

comparing the trends of DOS widths with the trends observed in roughnesses for thin (~20 nm) 

MAPLE-deposited films, it is observed that, in general, larger roughnesses are associated with 

wider DOSs, and the smaller roughness of the thin film on the OTS/ITO substrate matches with 

the narrowest DOS. The rougher thin films on both the bare ITO and FTS/ITO could signify an 

increase in morphological disorder, which is associated with wider DOSs. Moreover, it has been 

previously shown that for OTS-modified Si substrates, highly oriented interfacial P3HT crystals 

form with sizes larger than those on oxidized Si substrates.115 On the basis of the mechanism of 

formation of the MAPLE-deposited films, the rms measurements point to potential differences in 

the morphologies of the thin films. Because of the mechanism by which the MAPLE deposited 

films are formed – deposition of globules on a substrate – the rms can serve as a crude 

manifestation of disorder, with larger rms values associated with more structural disorder. 

Increased structural disorder is responsible for broader DOSs.  

For these reasons it is unsurprising that the correlation between rms roughnesses and the 

DOS widths would not be perfect; the ~20 nm MAPLE-deposited film on ITO has a larger rms  

roughness than the ~20 nm MAPLE-deposited film on FTS/ITO, though it is the films on 
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FTS/ITO that possess the widest DOSs of the three substrate conditions tested. Having noted this 

point, it is compelling to also consider that the uncertainty of the correlation between rms 

roughness and the width of the DOS of the MAPLE-deposited films supported by FTS/ITO and 

bare ITO could be reconciled by the fact that band bending depends on both the electronic 

structure of the conjugated polymer, affected by structural disorder, and the WFs of the substrate 

and the polymer. The DOS width is extracted from the band-bending data. In attempting to 

correlate the rms roughness of thin MAPLE-deposited films with the DOS widths, only the 

influence of morphological disorder on the electronic structure of the conjugated polymer is 

considered. Our prior studies have implicated morphological disorder as strongly influencing 

band bending behavior (carrier transport is also changed appreciably), but it is recognized that 

the WFs of the FTS/ITO and bare ITO substrates are distinctly different, which further 

contributes to band bending.   

While the thin-film trends of surface roughness seem to be generally related to the DOS 

widths measured with KPFM, the question of what leads to the change to surface roughness, and 

consequently film structure, remains. The mechanism of film formation in MAPLE-deposited 

films is responsible for larger rms roughnesses as compared to those of spin-cast films, but the 

variation of rms roughnesses in MAPLE-deposited thin films may be related to the substrate. To 

investigate this further, the surface energies of various substrates were measured using a contact 

angle goniometer. The surface energy was extracted using Fowkes’ theory, which requires 

contact angle measurement using two liquids, one with purely dispersive surface tension and one 

with both dispersive and polar surface tension components. The surface energies of the substrates 

are shown in Table 3.1, which reveals the MAPLE-deposited films with the higher peak rms 

roughness values correspondingly have the lower substrate surface energies. These substrate 
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surface energies can be compared with the DOS widths, as seen in Table 3.1, and a trend with 

lower surface energies of substrates associated with wider DOS values for films on such 

substrates is observed. This trend highlights a key finding: substrate surface energy influences 

MAPLE-deposited thin film morphology which impacts the P3HT DOS widths measured by 

KFPM and CELIV. 

 

 

In fact, drastic changes to the morphology of organic material dependent on the surface 

energy of its substrate has been previously recorded.123 In this case, the pentacene grain size was 

notably reduced when deposited on low surface energy substrates. It should be noted that in this 

case the decrease to grain size did not necessarily mean a detriment to device performance 

behavior. In fact, it was found that the smaller grains deposited on the low surface energy 

substrate led to higher in-plane carrier mobilities of a fabricated transistor than when using 

pentacene deposited on a higher surface energy substrate. Unfortunately, out-of-plane mobility 

and DOS width were not provided in this study, but these results indicate the complexity of the 

problem at hand. The effect of morphology on in- versus out-of-plane carrier mobility is not 

always the same.77 Furthermore, crystallization mechanisms between conjugated polymer and 

Substrate DOS width 
ranges (meV) 

rms 
roughness of ~20 
nm film (nm) 

Surface 
energy (mJ/m2) 

FTS/ITO 311-267 ~13 14.76 ± 0.75 

Bare ITO 209-177 ~17 22.19 ± 2.25 

OTS/ITO 160-142 ~9 25.51 ± 0.40  

Table 3.1. Values of DOS width and peak RMS roughness in thin MAPLE-deposited films and surface energy of 

substrates. 
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small molecule films may differ, meaning that the effect of the substrate surface energy on 

crystallite formation may necessarily differ as well.  

The proposed crystallization schematic for the behavior observed in this present study is 

shown in Figure 3.5. This schematic builds on the idea presented in the pentacene study,123 in 

which larger crystals grow on substrates with higher surface energies (i.e. OTS/ITO) and smaller 

crystals grow on substrates with lower surface energies (i.e. FTS/ITO). Building on our group’s 

previous study of the MAPLE crystallization mechanism,115 these interfacial crystals, regardless 

of specific substrate chemistry, are more highly oriented than those growing from the bulk, 

which tend to be more misoriented. The highly-oriented crystallites primarily stack in the edge-

on configuration with polymer side chains oriented in the out-of-plane direction and π-π stacking 

Figure 3.5. Crystallization schematic for MAPLE-deposited films on high and low surface energy substrates. 
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in the in-plane direction. In our case, then, the highly-oriented interfacial crystals grown on 

OTS/ITO are larger than those on FTS/ITO, because the surface energy of OTS/ITO is larger 

than that of FTS/ITO. This provides a further explanation for the improvement to in-plane 

mobilities77,115 exhibited by OTS-modified substrates in other studies. 

The effect of the interfacial interaction on the DOS width of the MAPLE-deposited films 

is now discussed. As the width of the DOS of organic semiconductors has implications for open 

circuit voltage in OPVs92 and barrier injection height,71 the wide variation of DOS width for the 

MAPLE-deposited P3HT reported here has potential implications for device performance. The 

DOS width of a conjugated polymer changes with the morphological structure of the polymer, 

and these morphological changes are influenced by SAMs, which alter the interfacial interaction 

between the conjugated polymer and the substrate. 

3.4 Conclusions 

This study showed that P3HT/SAM/ITO devices exhibit a range of electronic properties, 

different from those of P3HT/ITO devices, because of variations in the morphological structure 

of P3HT. SAMs not only alter the WF of ITO, but also they modify the surface energy of ITO.  

By virtue of the manner in which the P3HT films were deposited (solution spin-cast and MAPLE 

deposition) onto the SAM/ITO substrates, their morphologies varied, manifesting effects of the 

surface energy differences between ITO, FTS/ITO, and OTS/ITO substrates. Therefore, devices 

with varying P3HT morphologies, with the same WF differences between P3HT and the 

substrates, enabled new insights into the combined role of WF differences and morphological 

disorder of the organic semiconductor on the electronic properties of these devices.   
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The following is now evident. Regardless of the substrate, MAPLE-deposited P3HT 

films exhibited stronger band-bending behavior than the spin-cast P3HT films on the same 

substrate.  This is because these P3HT films are more structurally disordered, with an associated 

broader distribution of DOSs. Additionally, the DOS widths of the MAPLE-deposited films, 

extracted from the band-bending data, were larger on substrates with lower surface energies 

(FTS/ITO) than those deposited on substrates with higher surface energies (OTS/ITO). This is 

because more structurally disordered films were formed on substrates with lower surface 

energies. 
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 Solvent Annealing: Post-Processing Unique 

Morphologies of Conjugated Polymers and Bismuth-

Based Perovskites 

The use of post-processing solvent annealing to create more stable and improved 

morphologies of both organic and inorganic films has been successfully demonstrated in both a 

conjugated polymer [poly(3-hexythiophene) (P3HT)] and a lead-free, bismuth-based hybrid 

perovskite [methylammonium bismuth iodide (MBI)]. In addition to the creation of unique 

morphologies, enhancements to electronic properties in both P3HT and MBI films have been 

observed. The implications of the post-processed morphologies on properties is discussed in the 

following subchapters. 

4.1 Band-Bending Behavior of Solvent-Annealed Conjugated 

Polymer Films 

Unpublished data from Wenderott, J. K. 

4.1.1 Introduction 

Precise control of the nanostructure of organic materials using low-cost, scalable, and 

procedurally-simple fabrication and processing techniques is of great interest for the 

development of organic electronic devices. In organic materials, both polymers and small 

molecules, nanoscale structure and long-range order are influential to electronic properties, such 
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as charge carrier transport, and varying the architecture of organic materials can lead to orders of 

magnitude changes to such properties.66,74,77 Conjugated polymer films are typically processed 

from solution via spin casting or drop casting. In general, the structure of the films following 

solution casting is dependent on several parameters, including the interaction between all species 

present: polymer chains, solvent molecules, and substrate surface.124 Spin-casting produces 

planar films of reproducible thicknesses, though often stresses can be present in the final films 

due to the fast solvent evaporation.125,126  

To alleviate the issue of stresses in as-spin-casted films, a variety of processing 

conditions after fabrication, so called post-processing, have been implemented to lead to more 

stable film morphologies. Thermal annealing is an often-utilized post-processing technique in 

organic materials,127–129 but there exists a risk of degradation to the organic material and 

substrate at elevated temperatures. Alternatives to thermal annealing are super critical CO2 

annealing65 and solvent vapor annealing. In solvent annealing, organic films are subjected to an 

environment containing solvent vapors, and the vapors can penetrate the film by re-solubilization 

of the organic material.130,131 The solvent molecules allow for greater mobility of the organic 

material, so species such as molecules or polymer chains are able to rearrange into more stable, 

often more ordered,132 final structures during the course of annealing.  

In this study, solvent annealing as a post-processing tool was utilized to influence the 

morphology of spin-cast poly(3-hexylthiophene) (P3HT) films. During the spin-casting of P3HT 

films, the final structures formed are very sensitive to the precise spin speeds and times 

associated with drying.133,134 In our lab’s experience, sample-to-sample variation in as-cast P3HT 

films is present, especially in films >20 nm in thickness, further indicating the sensitivity of the 

structure to spinning conditions and randomized formation of stresses in the films. Investigation 
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of the as-cast P3HT films spun from two different solvents was performed using Kelvin probe 

force microscopy (KPFM). KPFM allows for probing of the band-bending behavior of the P3HT 

films, which we have shown to be influenced by morphology of the polymer film.66 Bending of 

the energy bands of the polymer (both the highest occupied molecular orbital (HOMO) and 

lowest unoccupied molecular orbital (LUMO) levels) results when charge is transferred between 

the conductive electrode and the semiconducting polymer. More information about band bending 

can be found in Chapters 1-3. The degree of band bending is dependent on the work function of 

the substrate and the electronic structure of the polymer, which is sensitive to polymer 

morphology. The KPFM data reflected the variation in as-cast P3HT film structure, yielding a 

spread in the P3HT work function at varying thicknesses. After post processing with solvent 

annealing, this sample-to-sample variation of work function as measured with KPFM was greatly 

reduced. The band-bending data was further interpreted with modelling to discuss the energetic 

disorder present in these films. Our results indicate the usefulness of solvent annealing as a 

simple and effective post-processing tool to lead to more uniform morphologies, and thus 

electronic properties, of spin-cast P3HT films. 

4.1.2 Experimental Section 

Materials and Film Preparation 

All indium tin oxide (ITO) substrates were cleaned by ultrasonication for 5 minutes each 

in (1) Alconox® detergent solution, (2) DI water, (3) acetone, (4) hot Hellmanex® solution, and 

(5) 2-propanol, followed by exposure to UV-ozone for 20 minutes. After the cleaning of ITO, the 

substrates were coated with a layer of poly(3,4-ethylenediosythiophene): polystyrene sulfonate 

(PEDOT:PSS). Poly(3-hexylthiophene) (P3HT) (Reike Metal, ~95% regioregularity, Mw = 

50,000 g/mol) solutions were prepared by dissolving the polymer in 1,2-dicholorbenzene (DCB) 
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or chloroform (CF). Solutions mixed overnight before being filtered with 0.45 µm 

polytetrafluoroethylene (PTFE) filter. Spin-cast films were fabricated by spinning filter solutions 

of varying concentrations on ITO/PEDOT:PSS substrates at 600 rpm for 2 minutes in a glove 

box environment. Following spinning, films were directly measured (as-cast) or then placed on a 

hot plate at 50 °C next to a small amount of CF in an open vial and covered with a glass dish that 

also enclosed the CF. The films were allowed to remain for 3 hours to complete the solvent 

annealing of the films, which were then measured. 

Band-bending Characterization of Solvent-Annealed and As-Cast Films 

Kelvin probe force microscopy (KPFM) measurements were performed using Pt-coated 

Si probes made by Nanosensors (stiffness ~0.5-1 N/m, resonant frequency ~75 kHz) on an 

Asylum Research MFP3D atomic force microscope. Most measurements were made in air with 

10-30% humidity. KPFM acts as a double-pass, intermittent contact technique. First, the sharp 

metallic tip raster-scans across the surface of interest, measuring the topography. During the first 

pass, the cantilever is driven at its first harmonic resonance frequency, and the amplitude of this 

mechanical oscillation is used as the feedback signal. In the second pass, which follows the same 

path as the first pass, an AC bias at the first harmonic resonance frequency of the cantilever is 

applied to the tip that generates oscillating electrical forces between the tip and sample. The 

mechanical oscillations of the cantilever are set to zero and the tip is lifted to a set height (“lift 

height”). This distance is between 10-20 nanometers, which captures the electrostatic 

interactions but remains far removed from short-range VDW forces. A lock-in amplifier is 

employed to extract the electrical force component with the first harmonic frequency and apply a 

DC bias until this oscillation is nullified. These oscillations are continually nullified as the tip 
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follows the second pass, providing a local map of the surface potential. More details for the 

KPFM technique can be found in Chapter 2 – Experimental Section and Appendix A. 

 

4.1.3 Results and Discussion 

The work functions as measured by KPFM of the as-cast P3HT films spun from DCB 

and CF both prior to and after solvent annealing in CF are shown in Figure 4.1. In this figure, the 

thickness h=0 corresponds to the work function of the ITO/PEDOT:PSS substrate, which 

interestingly enough also shows a change to its value upon solvent annealing, perhaps owing to 

some change to the PEDOT:PSS layer. In both solvent-annealed film data sets, the work function 

values of the P3HT films appear to level off at consistent values at thicknesses greater than 20 

nm for films spun from DCB and 10 nm for films spun from CF. In both data sets, there appears 

to be a slight signature of bending of the work function values of the polymer toward that of the 

substrate in the thinnest P3HT films, but it is clearly less pronounced than band bending of film 

Figure 4.1. Band-bending data of spin-cast P3HT films spun from DCB (left) and CF (right) before (black) and 

after solvent annealing in CF (red). 
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morphologies fabricated from matrix-assisted pulsed laser evaporation (MAPLE), as shown in 

Chapters 2 and 3. As noted from Figure 4.1, the work function of the thinnest solvent-annealed 

film spun from DCB measured (~5 nm) is only ~50 meV different than the bulk films. In the 

films spun from CF, this difference is even smaller, about ~10-20 meV. 

It should be noted that the band-bending data of as-cast films spun from DCB were 

previously shown in Chapter 2 as a comparison to the MAPLE-deposited films. In that work, it 

was concluded that the DOS of the MAPLE-deposited films was wider than that of the spin-cast 

films, even though the band-bending data of the spin-cast films could not be fit. With more 

uniform work function values of the spin-cast P3HT films now available after solvent annealing, 

it is possible to fit the band-bending data to confirm this point. As in Chapters 2 and 3, the band-

bending data can be fit to find the DOS using the equation for a spatially inhomogeneous charge 

distribution: 

𝑛(𝑥) =  ∫
1

1+exp [
𝐸−𝐸𝐹
𝑘𝐵𝑇

]
𝑔[𝐸 + 𝑒𝑉(𝑥)]𝑑𝐸

∞

−∞
         (4.1) 

where n(x) is the charge-carrier density at a distance x from the O/M interface, E is the energy, 

EF is the equilibrium Fermi energy level, kB is Boltzmann’s constant, T is the temperature, g(E) is 

the model DOS and V(x) is the electrostatic potential a distance x from the O/M interface. V(x) is 

given by solving the 1D Poisson’s equation using the boundary conditions V(0)=0 and V(∞) = 

ϕpoly. This simplified model assumes charge transfer into the tail states of the P3HT.  

The best fits to the band-bending data are shown in Figure 4.2. A Gaussian DOS is 

assumed, and numerical fitting was applied to yield DOS widths for the two sets of solvent-

annealed spin-cast films. For both sets of films, the DOS width range is between 5-30 meV, with 

a slightly smaller DOS width fitted for the films spin-cast from DCB. These values for the DOS 

width that correspond to both sets of spin-cast films are clearly smaller than the DOS width  
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extracted for the MAPLE-deposited sample on ITO/PEDOT:PSS of Chapter 2, which was 235 

meV. This further points to the decreased level of energetic disorder in spin-cast P3HT films, as 

opposed to the MAPLE-deposited films. Furthermore, it is observed that the solvent annealing 

does not seem to significantly affect the degree of band bending observed, but it does lead to the 

creation of more uniform P3HT films with more uniform work functions. This is indicative of 

more well-ordered films. Another indication of the well-ordered spin-cast P3HT films is that the 

window for band bending is quite small (<10 nm). 

 

4.1.4 Conclusions 

In conclusion, we have shown that solvent annealing is a viable tool for post-processing 

spin-cast P3HT films to lead to more uniform and stable morphologies, especially those of 

thicknesses <20 nm. This was shown by comparing band-bending behavior of as-cast P3HT 

films spun from two different solvents to the same films after undergoing solvent annealing for 3 

hours. In both cases, solvent annealing lead to stable work function values of the spin-cast P3HT 

films and revealed very narrow windows into which band bending is observed. The band- 

Figure 4.2. Fits to band-bending data of spin-cast P3HT films spun from DCB (left) and CF (right) after solvent 

annealing in CF. The DOS widths extracted for both sets of films were in the range of 5-30 meV. 
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bending data was fit to reveal narrow DOS widths (5-30 meV) for the two data sets. This study 

underscores the use of solvent annealing as a useful post-processing technique for spin-cast 

conjugated polymer films, especially to improve film uniformity across a series of samples. 

4.2 Local Optoelectronic Characterization of Solvent-Annealed, 

Lead-Free, Bismuth-Based Perovskite Films 

Reproduced with permission from Wenderott, J. K.; Raghav, A.; Shtein, M.; Green, P. F.; 

Satapathi, S. Local Optoelectronic Characterization of Solvent-Annealed, Lead-Free, Bismuth-

Based Perovskite Films. Langmuir. 2018, DOI: 10.1021/acs.langmuir.8b01003. Copyright 2018 

American Chemical Society. 

 

4.2.1 Introduction 

Organic-inorganic perovskites (with crystal structure ABX3, where A is the organic 

cation, B is the inorganic metal and X is the halogen) have recently gained widespread attention 

because of their rapidly improving efficiencies,135 low-temperature solution-based fabrication,136 

tunable band-gap137 and high absorption coefficients,138 and long carrier diffusion lengths139–141 

leading to power conversion efficiencies (PCEs) as high as 20%.142,143 Whereas the high PCE 

holds potential for significant economic impact, emerging perovskite technology typically use 

lead (Pb), a toxic element,144 as the inorganic metallic component. Mixed-metal tin (Sn)-Pb 

perovskites that allowed the tunability of the band gap indicated Sn as a promising replacement 

metal145 but suffered rapid degradation because of the propensity of Sn2+ to oxidize to Sn4+, 

requiring hermetic sealing of devices in an inert atmosphere before exposure to air.146 Lead 
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substitutes such as iron (Fe), manganese (Mn) and bismuth (Bi), among others, have been 

used,147–151 with great improvement in stability being observed in Bi-based perovskites.  

Methylammonium bismuth iodide (MBI), a Bi-based perovskite with the chemical 

structure (CH3NH3)3Bi2I9 has been shown to be stable in air for up to ten weeks.152 MBIs, like 

many other perovskites, are fabricated using simple, low-temperature solution processes.152–154 

PCEs of devices made with these MBI films, however, usually fall between 0.1 and 0.2%,152,154 

attributed in part to the inconsistent morphology of the thermally annealed films. Solvent 

annealing, during which solvent vapor is exposed to the material bulk or thin film during 

crystallization, is an effective technique for improving the crystallinity of organic-inorganic 

hybrid semiconductors such as organometal halide perovskites.155–157 It has been proposed that 

solvent annealing leads to a liquid or quasi-liquid phase on the surface of the perovskite film, 

which subsequently leads atoms to recrystallize where grains are not close or in contact, thus 

contributing to improved crystallinity with larger grains being formed.157 Recently, solvent 

annealing of MBI films in dimethylformamide (DMF) has been reported to increase crystallite 

size and PCE of devices,158 but significant improvement is still needed for these lead-free films 

to replace perovskites containing lead. Realizing these improvements requires a deeper 

understanding of how solvent annealing affects the film structure and properties from a 

nanoscale perspective.   

Conductive atomic force microscopy (c-AFM) is an often-utilized technique for 

simultaneous local mapping of conductivity and topography for inorganic and organic 

semiconducting films, among other types of samples. c-AFM on perovskite films has been used 

to compare the conductivity of grains versus grain boundaries (GBs), investigate carrier transport 

pathways, and establish a correlation between topography and conductivity. In particular, 
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understanding how carrier transport differs between grains and GBs is of great interest, as 

currently there is no clear consensus on whether GBs act as a recombination site or as a pathway 

for carrier transport. Although several researchers have used c-AFM to probe lead-based 

perovskites,159 few studies exist in which lead-free perovskites are highlighted. Thus, a detailed 

study of the effect of solvent annealing on the lead-free perovskite film structure and 

optoelectronic properties is warranted. 

In this study, X-ray diffraction (XRD), scanning electron microscopy (SEM), and cross-

sectional SEM were used to clarify structural changes after thermal annealing and annealing with 

DMF solvent. SEM micrographs showed an increase in the size of hexagonal MBI grains after 

solvent annealing, and XRD data were used to confirm this semi-qualitatively with the Scherrer 

equation. Local characterization of lead-free MBI films after thermal annealing and DMF solvent 

annealing using c-AFM in the dark and under illumination [(photo)c-AFM (pc-AFM)] was also 

performed. We found larger conductivity and photoconductivity in the MBI film that has 

undergone DMF annealing than that of the MBI film that has only been thermally annealed, 

perhaps related to the increase in grain size and crystallinity because of solvent annealing we 

observe with XRD and SEM. Additionally, we observe that photoconductivity increases 

primarily within grains of both the solvent-annealed and thermally annealed films, with little 

change in the photoconductivity at the GBs. This leads to a better understanding of charge 

transport in lead-free MBI films, which is vital for their successful implementation in devices. 

The findings of this study implicate the larger grain size, decreased film roughness, and 

increased crystallinity of MBI films resulting from solvent annealing as key to optoelectronic 

property enhancement. 
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4.2.2 Experimental Section 

Materials and Device Preparation 

All the perovskite precursors, including methylammonium iodide (CH3NH3I – MAI) and 

BiI3 (purity 99%), poly(3,4-ethylenedioxythiophene):polystyrene sulfonate (PEDOT:PSS), [6,6]-

phenyl-C61-butyric acid methyl ester (PCBM), and solvents (purity 99%) were obtained from 

Sigma-Aldrich and used as received. MA3Bi2I9 precursor solution was prepared by mixing MAI 

and BiI3 in a molar ratio of 1.5:1 in 1 mL of DMF and stirred overnight at 70 °C. The indium tin 

oxide (ITO)-coated glass samples (sheet resistance ≤10 Ω/cm2, Mater Win) were cleaned 

consecutively in detergent, acetone, isopropanol, and ethanol ultrasonic bath for 15 min each, 

dried under a nitrogen flow, and treated with UV-ozone for 15 min before use. 

PEDOT:PSS/deionized water (v/v = 1/3) solutions produced by sonication and filtering 

were first spin-coated (Laurell WS-650-Hzb-23b) onto the ITO-coated substrate at 4000 rpm for 

50 s and annealed for 20 min at 150 °C. The MBI precursor solutions were then spin-coated onto 

PEDOT:PSS/ITO/glass substrates at 3000 rpm for 40 s in the sequence (1) BiI3 and (2) MAI. 

The stacked film was annealed at 100 °C with (solvent-annealed sample) or without (thermally 

annealed sample) DMF vapor for 15 min. For the devices, following annealing, a PCBM (Sigma-

Aldrich) layer was spin-coated at 1000 rpm for 30 s. Silver (Ag) at a thickness of 120 nm was 

deposited onto the material stack to complete the device preparation.  

Characterization of MBI Films 

XRD (Bruker DA advanced XRD equipped with Cu Kα radiation at room temperature) 

was performed at room temperature using graphite monochromatic Cu Kα radiation at a scanning 

rate of 0.1°/s over the Bragg angle range of 5.0°-70.0° (2θ). The morphologies of the MBI films 

on PEDOT:PSS/ITO substrates were studied through SEM images obtained using a field-
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emission scanning electron microscope with a high tension of 10 kV and magnification of 5k and 

10k. Topography and conductivity maps were obtained in the contact mode using an Asylum 

MFP3D atomic force microscope (AFM) using platinum-iridium (Pt/Ir) coated-Advanced TEC 

tips (Nanosensors) with a resonance frequency between 7 and 25 kHz and a spring constant 

between 0.02 and 0.75 N/m. The UV–visible (UV–vis) absorption of the MBI films deposited on 

PEDOT:PSS/ITO substrates was recorded using a Shimadzu UV–vis spectrophotometer with the 

signal of the PEDOT:PSS/ITO substrate as the calibration background. Photocurrent density–

voltage (J–V) curves of the unsealed devices were measured in air (Hr ≤ 30%) on a Keithley 

2400 unit with a sweep speed of 0.02 V/s under AM 1.5G, achieved using the simulator at 100 

mW/cm2, calibrated with a calibrated-Si reference cell. To minimize the influence of device 

degradation caused by moisture corrosion, J–V characterization was performed immediately 

after device fabrication. 

4.2.3 Results and Discussion 

MBI films were fabricated using a facile, low-temperature solution process. The MBI 

precursor solution was prepared by mixing MAI and BiI3 in DMF separately. The solutions were 

then spin-coated in the sequence (1) BiI3 and (2) MAI. The thin film made from the two-step 

approach is superior to the film made from the conventional one-step spin-coating method, 

especially the one made on a PEDOT:PSS/ITO/glass substrate, where the crystallization process 

of the MA3Bi2I9 crystal is fast, leading to non-uniform films with island morphology. It has also 

been reported in literature that interdiffusion of two layers (BiI3 and MAI) often leads to more 

uniform and compact films than those from one-step approaches.160 The stacked film was 

annealed with (solvent-annealed sample) or without (thermally annealed sample) DMF vapor as 

shown in Figure 4.3. Because both precursors (BiI3 and MAI) have high solubility in DMF, 
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which also has a high dielectric constant, the precursor ions and molecules may diffuse further in 

the presence of saturated DMF vapor than without, which should lead to a larger grain size and a 

more crystalline morphology of the MBI film.  

Figure 4.3. Schematic of MBI film fabrication and annealing procedures. 
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As anticipated, micrographs in Figure 4.4 obtained using field-emission SEM (FE SEM) 

show that the average grain size in the solvent-annealed MBI film (Figure 4.4c,e) (~7.5 μm 

across the hexagonal grain) was larger than that of the thermally annealed film (Figure 4.4d,f) 

(~5.5 μm across the hexagonal grain) by ~35%. This improvement is attributed to DMF vapor 

exposure, which enhances grain size and uniform surface coverage of the film. Cross-sectional 

SEM micrographs in Figure 4.4 also show a decreased roughness of the film surface after solvent 

annealing (Figure 4.4a). Both the decreased surface roughness and increased grain size are 

Figure 4.4. Cross-sectional SEM images and FE-SEM images of solvent-annealed MBI films (a,c,e) and 

thermally annealed MBI films (b,d,f) [inset in (e) to show larger size]. The grains increase in size following 

solvent annealing as seen in the FE-SEM images. The orientation of grains appears to be different between the 

thermally annealed and solvent-annealed films as seen in the cross-sectional SEM images. 
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influential on device performance. Uniform coverage will lead to consistent properties across the 

device and ease the stacking or growth of materials atop the perovskite film, and larger grain 

sizes will improve pathways for charge conductivity. 

The cross-sectional SEM micrographs also reveal an interesting subtlety hinted at in the 

FE-SEM micrographs. As seen in Figure 4.4b, the thermally annealed MBI film grains seem to 

have a preferential orientation in which the grains are aligned such that the grain edges are in the 

out-of-plane direction of the film (grain edge-on configuration). This observation is reinforced 

by Figure 4.4d,f, as more grain edges are visible in the micrograph of the thermally annealed 

MBI film than that of the solvent-annealed film. The cross-sectional SEM micrograph of the 

solvent-annealed sample (Figure 4.4a), on the other hand, does not show this preferential 

orientation of the grains to be stacked edge-on. It is inferred, based on the FE-SEM micrographs 

Figure 4.5. XRD patterns of solvent-annealed and thermally annealed (without solvent annealing) MBI films. 
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of the solvent annealed film (Figure 4.4c,e), though, that the preferred orientation of these grains 

is in the grain face-on configuration, as many more hexagonal grain faces are visible than grain 

edges. 

To assess structural changes after solvent annealing of the MBI films, XRD was 

performed (Figure 4.5). We note very little to no shift in the XRD peaks between the thermally 

annealed and solvent-annealed MBI films, which signifies that there is little to no change in the 

unit cell of the MBI (or no solvent incorporation in the unit cell). A larger grain size (with less 

scattering of GBs) and/or increased crystallinity156 of the solvent-annealed MBI film is 

qualitatively reflected in the XRD patterns, with the diffraction peaks of the solvent-annealed 

film being sharper than those of the thermally annealed films. To determine the crystal size 

qualitatively, Scherrer’s equation161 and the full-width at half-maximum values of the (004) 

peaks were used to calculate an average crystal size of ~85.9 nm for the solvent-annealed film 

and ~82.4 nm for the thermally annealed sample, which supports the finding that solvent 

annealing increases the crystallinity of the MBI films. Furthermore, the ratio intensities of the 

(004) to the (101) peaks were calculated for both the solvent-annealed and thermally annealed 

MBI films from the XRD patterns. The thermally annealed MBI film has a notably larger ratio, 

almost 20×, of the (004) peak to the (101) peak than the solvent-annealed MBI film. This 

indicates that there is some change in the preferred orientation of the crystals in the thermally 

annealed MBI film as compared to the solvent-annealed MBI film. In fact, this conclusion from 

the XRD data supports the previous observation made from the cross-sectional and FE-SEM 

micrographs.  

The improved crystallinity as determined by the XRD of the solvent-annealed MBI films 

is responsible for the increase in the band-edge of optical absorption near 550 nm (Appendix E). 
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These absorption features match well with literature data.152,162 Details and figures regarding 

these characterizations of the films, including absorption spectra, energy-dispersive X-ray 

analysis (EDAX; Appendix F), and compositional mapping (Appendix G), are also reported. 

To further study the effect of improved crystallinity, increased grain size, and more 

uniform films due to solvent annealing on the optoelectronic properties of the MBI films, c-AFM 

and pc-AFM measurements were carried out for solvent-annealed and thermally annealed films 

of identical sample geometry. c-AFM and pc-AFM are both performed in the contact mode, 

which means that the AFM tip is touching the surface of the film as it raster scans. Bias voltages 

are applied to the base of the sample, and current is recorded through the tip. The schematic of 

the c-AFM technique is shown in Figure 4.6a. The surface morphologies of solvent-annealed and 

Figure 4.6. Schematic of the c-AFM set-up (a). AFM topography scans of films thermally annealed (b) and post-

DMF annealing (c). A reduction in rms roughness is observed after solvent annealing. 
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thermally annealed films are also shown. We observe that solvent annealing reduces the surface 

roughness of the MBI film, with the root-mean-square (rms) roughness of the MBI film changing 

from ~4 to ~3.5 nm (Figure 4.6b,c). This finding of reduced rms roughness of the solvent-

annealed MBI film qualitatively confirms the observation made from the cross-sectional SEM 

data.  

Figures 4.7b,e shows example regions of the films in which the current is greatly 

enhanced at a very small applied bias voltage (1 mV) applied via the substrate in the solvent-

annealed films as compared to the thermally-annealed films. It should be noted here that the 

Figure 4.7. Topography and conductivity are compared before (a-c) solvent annealing and after (d-f) solvent 

annealing. Topography and current channels are shown on the same scale, respectively, before and after solvent 

annealing. The blue line on the topography and current maps corresponds to the cross-sections shown (c,f). The 

white circles in the topography and current maps contain what is believed to be a grain. A clear enhancement in 

conductivity is seen after solvent annealing. 
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measurements were taken in the dark (Figure 4.7). Line scans (Figure 4.7c,f) are provided to 

show the comparison between the topography and current channels, where a clear correlation 

between conductivity in the dark and sample height or GBs is not readily observed. We can note, 

however, in the solvent-annealed sample, that the current reaches the ~20 nA detection limit of 

our instrument (specifically our AFM cantilever holder) consistently across the sample surface, 

whereas in the thermally annealed sample, the maximum reached is around 15 nA and the peaks 

in current are much less frequent across the sample surface. This finding illustrates the 

importance of larger grain size and fewer GBs for improving conductivity in MBI films.  

To probe more closely the role that grains and GBs play in the transport of charge in the 

Figure 4.8. Comparison of solvent-annealed and thermally annealed MBI films in the illuminated condition (532 

nm laser). From top to bottom: topography, photoconductivity at 25 and 500 mV applied bias, and cross-sections 

of the photoconductivity at 25 and 500 mV applied bias, and cross-sections of the photoconductivity at 25 and 

500 mV applied bias. Grains are enclosed in white; GBs are indicated with red arrows; cross-section lines are 

shown in blue. 
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MBI films, we investigated the solvent-annealed and thermally annealed films both in the dark 

and under illumination of a 532 nm (green) laser with several bias voltages. The area of interest 

was smaller than that examined in Figure 4.7 to better discern conductivity changes in the grains 

and GBs. A new region other than that shown in Figure 4.7 was also chosen in which more 

visible grains were observed. Regarding the photocurrent differences across the film, there is 

currently no consensus in the literature regarding whether there should be a change in 

photocurrent between the grains and GBs, and studies have shown conflicting results owing to 

various contributions to photocurrent that can exist.163 Although the GB is believed to behave 

like a recombination center because of defect sites and possess a lower photocurrent than inside 

the grain, the band bending around GBs, because of the interstitials and vacancies, forms a 

potential that favorably separates photogenerated carriers.164 

 Figure 4.8 compares a small area of the solvent-annealed and thermally annealed films at 

a small (25 mV) and a large (500 mV) bias voltage under illumination. Representative grains, 

enclosed in white, and GBs, indicated by red arrows, show differing behavior in both the solvent-

annealed and thermally annealed films with increased bias voltage. The grains, with increasing 

bias voltage, show an increase in conductivity with higher current values being measured 

through the AFM tip. This appears to be consistent across the films, as other grains exhibit the 

same behavior. The GBs in both samples appear to be less affected by the increase in bias 

voltage, as a modest improvement to conductivity is readily observed at the GBs. 

When the cross-sections (blue lines) of the conductivity maps are compared in Figure 4.8, 

the peak current value (~17 nA) across the representative grain in the solvent-annealed film is 

larger than that of the thermally annealed film (~16 nA). This is perhaps not unexpected, but it 

should be carefully noted as the peak current values between the two grains are much closer than 
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those in Figure 4.7 would lead us to expect, indicating some variation in film photoconductivity, 

particularly in the thermally annealed film. This could, in part, be attributed to the non-

uniformity of the film thickness and surface roughness we observe in these films. The increase in 

peak current values between biases in the solvent-annealed film corresponds to a ~31% increase 

from ~13 nA at 25 mV to ~17 nA at 500 mV. The increase in the peak current values between 

biases in the thermally annealed film, on the other hand, is slightly larger, corresponding to a 

~45% increase. 

It was previously seen that photocurrent more readily flows through grains than GBs in 

DMF-annealed lead-containing perovskites in the applied bias range of 0.2-0.4 V,159,164 and this 

observation was attributed to the GBs acting as a recombination center. Conversely, this same 

report found higher photocurrent in GBs than in grains in the thermally annealed counterpart at 

biases exceeding 0.3 V, which is not consistent with what we observe in our thermally annealed 

MBI film. This difference highlights the idea that solvent annealing is not the only factor that 

dictates whether GBs act as channels for current flow or recombination sites. Rather, it seems 

that several factors, including processing like solvent annealing or perovskite elemental 

composition, could be responsible for the role GBs play in photocurrent pathways. Additionally, 

it is possible in our material that the bias needed to overcome the GB barrier is greater than the 

0.3 eV noted for organolead halide perovskites.164 Although we investigated up to 0.5 V biases in 

both the solvent-annealed and thermally annealed samples, we still did not note intergrain carrier 

transport, and instead saw only the grains in both samples to be more effective in transporting 

charge.  
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This finding from pc-AFM underscores an important point: for photovoltaic (PV) devices 

containing MBI films, regardless of the annealing procedure, photocurrent prefers to flow 

intragrain at applied bias voltages up to 0.5 V. This is a subtle but important distinction from 

other reports on organolead halide perovskites, as noted previously. For best device performance, 

then, the grain size of the MBI films should be maximized so that charge extraction processes in 

PV devices are optimized. This points to the vital importance of developing processing 

conditions, such as solvent annealing, to maximize the grain size in MBI films. Attention should 

also be paid to the effect these processing conditions have on the orientation of the crystals in the 

MBI films. We have seen from SEM micrographs that solvent annealing seems to lead to MBI 

films with hexagonal grains preferentially oriented in the face-on configuration, whereas thermal 

Figure 4.9. Comparison of solvent-annealed and thermally annealed MBI films under the dark condition. From 

top to bottom: topography, photoconductivity at 25 and 500 mV applied bias, and cross-sections of the 

photoconductivity at 25 and 500 mV applied bias. Grains are enclosed in white; GBs are indicated with red 

arrows; and cross-section lines are shown in blue. 
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annealing generates MBI films with the grains preferentially oriented in the edge-on 

configuration. Potential landscapes of hexagonal MBI grains extracted via Kelvin probe force 

microscopy have shown a potential boundary existing at the grain edge, with the grain interior 

having a lower potential value.153 This observation combined with the c-AFM results we have 

that show suppressed intergrain transport suggests that the orientation of the grains could be 

quite important to device performance. In PV devices, with charges being extracted in the out-of-

plane direction, this orientation effect, in tandem with grain size and crystallinity, could play a 

role in how efficiently charges are transported through the films.  

To see the variation from the pc-AFM data of illuminated MBI films, we also compared 

the solvent-anneald and thermally annealed films at a small (25 mV) and a large (500 mV) bias 

under the dark condition. These results are shown in Figure 4.9. As with the illuminated 

condition, in both films, we see an increase in the conductivity within the grains (enclosed in 

white) and a negligible change in the GBs (indicated by red arrows) between the two biases. 

More notably, in both films, we observe decreased conductivity in the dark case as compared to 

the illuminated case in Figure 4.8, which is expected if the MBI films are respondent to green 

light. The UV absorption spectra of the MBI films indicate that this should be the case, and in 

fact, pc-AFM measurements under illumination confirm it. We also observe some differences 

between the illuminated (Figure 4.8) and dark cases (Figure 4.9) when comparing the cross-

sections of the conductivity.  

The increase in peak current values between biases in the solvent-annealed film 

corresponds to a ~14% increase from ~14 nA at 25 mV to ~16nA at 500 mV. In the thermally-

annealed case, though, the increase is quite dramatic, corresponding to a ~75% increase from ~8 

nA at 25 mV to ~14 nA at 500 mV. This finding points toward the greater significance of 
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illumination with a laser on the thermally annealed film in the transport of charges, particularly 

at small bias voltages. 

Finally, we investigated the performance of PV devices based on the solvent-annealed 

and thermally annealed MBI films. Table 4.1 shows the short circuit current (Jsc), open circuit 

voltage (Voc), and PCE resultant for prototype PV devices based on the two MBI films. The 

device structure was ITO/PEDOT:PSS/MBI/PCBM (10 nm)/aluminum (Al: 100 nm). The device 

area was 4.5 mm2, as determined by the overlap of the cathode and anode. The current density-

voltage (J-V) curves (Appendix H) for the MBI-based devices are available.  It was observed that 

the champion device made from the solvent-annealed MBI film had a higher PCE than the 

device containing the thermally annealed MBI film. This is consistent with previous reports on 

this material.158 Moreover, the improved PCE in the device containing the solvent-annealed MBI 

film supports our conclusion that solvent annealing improves crystallinity, increases grain size, 

and decreases MBI film roughness, which leads to enhanced optoelectronic properties.  

 

4.2.4 Conclusions 

In summary, we investigated the optoelectronic properties of a lead-free perovskite MBI 

film at the nanoscale using pc-AFM after thermal and solvent annealing with DMF. Using XRD 

device Eff (%)  Voc (V) Jsc (A) FF  

thermally 

annealed 

0.068  0.64  0.25  42.75  

solvent-annealed 0.137  0.87  0.43  36.88  

Table 4.1. Percentage Efficiency (Eff), Open Circuit Voltage (Voc), Short Circuit Current (Jsc), and Fill Factor 

(FF) for the Two Devices, Thermally Annealed and Solvent-Annealed. 
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and SEM, we confirm that DMF annealing increases the grain size and improves the crystallinity 

of the MBI films, which also contributes to an improvement of optoelectronic properties and 

device efficiency. We observe that photoconductivity and conductivity are higher in the solvent-

annealed films than the thermally annealed films across the varying bias voltages tested. 

Furthermore, we demonstrate that the photoconductivity and conductivity increases in both films 

between a small and a large bias voltage are contained mostly within the grains, with no to very 

little increase seen at the GBs of the two films. This suggests that the barrier height of the GBs in 

this lead-free perovskite is larger than that of previously studied lead-containing perovskites (0.3 

eV), as our largest applied bias of 0.5 V was not enough to promote intergrain carrier transport. 

This understanding of barrier height of the GBs, combined with improvements to 

photoconductivity with DMF annealing, is useful for further optimization of devices containing 

MBI films. 
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 Interfacial Interactions: Probing Strength of 

Interaction at Interface and its Effect on Polymer 

Structure 

Manuscript in preparation by Wenderott, J. K.; Dong, B. X.; Amonoo, J.; Green, P. F. 

5.1 Introduction 

The thickness-dependent physical properties of dielectric polymer films, such as glass 

transition temperature (Tg),
165–168 segmental dynamics,169–171 and mechanical response,172 have 

been the focus of intense research in the past few decades. The effect of external interfaces, 

subsequently leading to confinement of the polymer film, has been discussed as the potential 

cause for many of these thickness-dependent properties, and was covered again recently in a 

detailed review.173 Local packing of polymer chains near the substrate and free interfaces is 

different from the film interior depending on the short-range intermolecular interactions. At a 

free surface, for instance, an enhancement in the free volume as compared to the bulk leads to a 

liquid-like layer responsible for faster observed dynamics. This is not the case at the hard 

substrate interface, where often suppressed dynamics are measured. The Tg is often used as an 

example of a physical property that changes depending on the specific confinement of the 

polymer film. In free-standing thin films of linear polymer chains, the Tg is lower than that of the 

bulk, indicative of two “mobile” layers of chains at the two free surfaces. For identical supported 
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films, however, a competition arises between intermolecular forces at the substrate and those at 

the unconstrained free surface. In the case of polymers that interact strongly with the substrate 

(e.g. hydrogen bonding), Tg enhancement in thin films is observed, as is the case with 

tetramethyl bisphenol-A polycarbonate (TMPC) films on silicon substrates with a native oxide 

layer (SiOx/Si).167 On the other hand, weakly interacting polymer/substrate interfaces give rise to 

Tg suppression in thin films, indicative of the dominating effects of the free surface. 

The length scales generally associated with the deviations of Tg of thin films are on the 

order of ~10s of nms, while other property changes have either comparable or larger length 

scales: effective modulus ~100s of nms, segmental dynamics ~several times the radius of 

gyration, viscosity ~10s of nms.174 Simulations show packing density deviations on the order of 

~1-2 nms,175,176 creating a discrepancy that must be addressed utilizing long-range cooperativity 

coupled with short-range fluctuations to account for experimental evidence of long-range 

interface-induced property changes. Several models, including one described by Long and 

coworkers using percolation theory177,178 and another by Schweizer and coworkers visualizing 

chain segments as “caged”179, have attempted to marry these two concepts. The impact that 

confinement and interfacial interactions have on the physical properties in thin films and the 

long-range length scales associated with many of these property changes are both areas of active 

research. 

One property that has not been investigated rigorously in terms of its thickness-

dependence is surface potential, which is also referred to as contact potential difference (CPD) if 

the value is comparative between two materials. The CPD between two materials, lending 

information about the vacuum level shift, interface dipoles, and band bending behavior, has been 

measured and interpreted for organic semiconductor/metal (O/M), organic 
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semiconductor/organic semiconductor (O/O) and organic semiconductor/insulator (O/I) 

interfaces. Electronic polarization at these interfaces affects energy level alignment, ultimately 

influencing the function of numerous electronic devices containing such interfaces, like organic 

field effect transistors (OFETs), organic solar cells (OSCs), and organic light-emitting diodes 

(OLEDs). For example, at the O/M interface, band bending due to charge transfer influences the 

semiconductor density of states (DOS).62,66,71,82,91 At the O/I interface where the number of free 

carriers in the insulating material is quite small, the CPD, or difference in surface potentials 

(work functions) of the two materials, depends on several factors including the polarity of 

dielectric material and processing conditions like deposition temperature.180,181  

Less attention has been paid to what affects the CPD at the insulator/metal (I/M) 

interface, because the interpretation can be convoluted by several potential sources including 

interface dipoles, interfacial electronic polarization and/or a combination of surface and/or 

interior charges that can all contribute to the overall Coulombic interaction.182 Efforts to attribute 

the CPD to one dominant factor, especially at O/I, I/M or I/I interfaces where there is no charge 

transfer, has indicated that in materials with strong dipole moments, like self-assembled 

monolayers (SAMs), surface potential as measured by KPFM could be related to the strength and 

orientation of the dipole.183 As shown with SAMs, the potential, ΔV, could be related to the 

vertical component of the dipole relative to the substrate by the Helmholtz equation (5.1): 

∆𝑉 =  
𝜇𝑧

𝐴𝜀0𝜀
,          (5.1) 

where µz is the average vertical component of the molecular dipole 𝜇⃗, A is the given 

molecular area, ε0 is the relative permittivity of the void, and ε is the relative permittivity of the 

film in question. Depending on the orientation of the dipole, a contrast can either be seen in the 

negative or positive direction.   
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At the buried interface of a thin polar polymer film and conductive substrate, an example 

of a special I/M interface, the effect of interfacial interactions on the average polymer dipole 

orientation can lend information about the polymer chain configurations184 and film structure 

near the substrate. This assessment is valuable to better understand if and how morphological 

changes occur due to interfacial interactions. In other words, a link between chain dipole 

alignment, thin film structure, and interfacial interactions can be formulated, which to date has 

not been extensively explored. Information exists about the chain dynamics near interfaces with 

interactions of varying strength, but at temperatures well below Tg of polymers, after processing 

and/or quenching, it would be useful to probe the structure of polymer films near this buried 

interface. Film structure influences a host of insulating polymer properties, including gas 

transport and sorption185 and mechanical toughness,186 and the ability to monitor how structure is 

affected by interfacial interactions is especially pertinent to thin film applications in which an 

I/M interface exists. 

To this end, KPFM was utilized to measure the CPD of the insulating polar polymer 

TMPC (µTMPC ~3.5 D for monomer) on gold and doped SiOx/Si. The TMPC monomer structure 

is shown in Figure 1. TMPC has vastly different interfacial interactions with SiOx/Si and Au 

Figure 5.1. TMPC monomer structure. Dipole moment of monomer calculated to be ~1.6 D due to C=O bond. 
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substrates, with hydrogen (H-) bonding occurring on the SiOx/Si substrate and only van der 

Waals interactions at play on the Au substrate. CPD trends revealed a sharp increase in the thin 

TMPC films on SiOx/Si, which was attributed a change to the average dipole orientation of the 

TMPC polymer chains near the buried interface. This CPD trend was in distinct contrast to that 

of TMPC on Au, which was measured to be nearly flat across a range of TMPC film thicknesses. 

To quantify the average bond orientation of the TMPC chains on SiOx/Si, several signature 

bonds of TMPC were monitored with polarized Fourier transfer infrared spectroscopy (p-FTIR) 

at different TMPC film thicknesses. The effects of the interfacial interactions at the buried I/M 

interface can be monitored non-destructively using KPFM, and our findings show interfacial 

interactions alter the local chain morphology near the substrate.  

5.2 Experimental Section  

All substrates used in this study were cleaned via ultrasonication in deionized water, 

acetone and 2-propanol for 10 minutes each. TMPC (Bayer, Mw=38 kg/mol, PDI=2.75) was 

dissolved in toluene and allowed to mix in solution overnight prior to filtering. Solutions for 

KPFM measurements were spin-casted onto either (1) doped Si substrates (Wafer World) with a 

doping concentration of at least 5x1018 cm-3 with a native oxide layer of ~1.5 nm or (2) Si 

substrates (Wafer World) with a gold layer (~100 nm) deposited on top. For p-FTIR 

measurements, films were spun onto double-sided polished Si wafers. Varying thicknesses of 

each film were made from tens to hundreds of nanometers by adjusting spin rates and solution 

concentrations. Thicknesses were verified both with spectroscopic ellipsometry (JA Woolam, M-

2000) and with atomic force microscopy (Asylum Research, MFP-3D). Each film was annealed 

at Tg+10 °C in a vacuum oven for 4 hours. 



 

82 

 

Prior to KPFM measurements, a scratch was made across the polymer films with a 

blunted needle or sharp wooden stick to expose the Au or SiOx/Si substrate. At this scratch 

location, simultaneous electrical potential and topography measurements were made, allowing 

for the assessment of the thickness and CPD of the film. Figure 5.2 shows an example of a 

scratched region measured of a ~200 nm TMPC film on SiOx/Si. To extract values for the CPD 
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Figure 5.2. Example of 10 x 2.5 μm topography (A) and surface potential (B) scan of scratched TMPC film 

region. Histograms from each region (i) were fitted with Gaussian curves and subtracted to find thickness 

and CPD. The surface potential region at the polymer/substrate interface was excluded (boxed in red) was 

excluded from analysis. Histograms of the full image (ii) are provided for reference. 
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and thickness, each region (polymer and substrate) was binned in a histogram and the average 

value was found with a Gaussian fit. These values were then subtracted from one another to find 

the CPD between TMPC and the substrate and thickness. It should be noted that the region at the 

interface of the scratch was excluded from the surface potential averaging. This was because 

such a sharp interface has capacitive “edge effects” caused by the finite probe size,25 and to 

ensure no artefact contributed to the average surface potential value, this area was excluded 

altogether.    

The sample was earthed to a metal disk with silver paste, which was electrically 

connected to the AFM with a wire. KPFM measurements were performed using Pt-coated Si 

probes made by Nanosensors (stiffness ~0.5-1 N/m, resonant frequency ~75 kHz) on an Asylum 

Research MFP3D atomic force microscope. Most measurements were made in air with 10-30% 

humidity. KPFM acts as a double-pass, intermittent contact technique. First, the sharp metallic 

tip raster-scans across the surface of interest, measuring the topography. During the first pass, the 

cantilever is driven at its first harmonic resonance frequency, and the amplitude of this 

mechanical oscillation is used as the feedback signal. In the second pass, which follows the same 

path as the first pass, an AC bias at the first harmonic resonance frequency of the cantilever is 

applied to the tip that generates oscillating electrical forces between the tip and sample. The 

mechanical oscillations of the cantilever are set to zero and the tip is lifted to a set height (“lift 

height”). This distance is between 10-20 nanometers, which captures the electrostatic 

interactions but remains far removed from short-range VDW forces. A lock-in amplifier is 

employed to extract the electrical force component with the first harmonic frequency and apply a 

DC bias until this oscillation is nullified. These oscillations are continually nullified as the tip 

follows the second pass, providing a local map of the surface potential. A schematic of the 
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KPFM technique is shown in Figure 5.3 and Appendix A and a control study on a Bi:Sn alloy to 

ascertain the validity of our technique is shown in Appendix I. 

p-FTIR measurements were performed using a Thermo Scientific Nicolet 6700. The 

sample stage consists of a variable angle goniometer that is utilized to position the sample at the 

Brewster’s angle (Θ=16.3°) with respect to the incident IR beam. The Brewster’s angle is used 

because an electric field oscillating perpendicular to the substrate incident at this angle has no 

internal reflection. This condition is known as p-polarized, and this p-polarized absorption 

spectrum is necessary for clean fitting of the spectra. Spectra transmitted are subtracted from the 

spectra of a blank Si substrate that has experienced the same surface treatment as other 

substrates. An average of 256 scans produce each spectrum, and the spectra are baseline-

corrected before analysis. The absorbance amplitudes As and Ap of the s- and p-polarized spectra 

at frequencies corresponding to specific bonds on the polymer chain are used to find the dichroic 

 

Figure 5.3. Schematic of relative surface potential measurement using KPFM. First pass is topography scan, probe 

is lifted to set height and potential mapping occurs on second pass. 



 

86 

 

ratio Ap/As. As the p-polarized beam is mostly absorbed by functional groups having out-of-

plane transition dipoles and the s-polarized beam is absorbed by those groups having in-plane 

transition dipoles, this ratio yields information regarding the in-plane or out-plane orientation of 

the bond relative to the substrate. More information about this technique can be found elsewhere 

in literature.187,188 

The dipole moment for TMPC was found using the MOPAC interface within Chem3D 

16.0. The structure was first drawn in ChemDraw and then imported into Chem3D in which the 

dipole moment calculation was made.  

5.3 Results and Discussion 

To better understand if KPFM can probe the static dipole orientation of a thin polar 

polymer film, and thus yield information about the film structure, varying thicknesses of TMPC 

were measured on two substrates: doped silicon (SiOx/Si) and one-hundred-nanometer gold on 

silicon (Au(100)/SiOx/Si). These different substrates were chosen because the TMPC monomer 

has a C=O bond, which interacts quite differently with substrates depending on their surface 

chemistry. If a substrate has dangling hydroxyl groups (like the native oxide, SiOx, on top of 

silicon), the C=O bonds of the TMPC will participate in H-bonding. If a substrate is anatomically 

clean, like deposited gold, no H-bonding of the TMPC will take place. In this way, the potential 

dipole orientation of TMPC, and whether it is affected by the substrate and interfacial 

interactions, was explored using KPFM.  

As mentioned previously, KPFM has been used successfully to probe the strength and 

static dipole orientation of  SAMs.183 There are points of caution to be made when comparing 

CPDs of SAMs and polymer films. Since the SAM is only made up of one layer of molecules, 
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there is minimal confusion where the contrast in CPD comes from. In a polymer film with a 

certain thickness, though, there is a question regarding which part of the film is responsible for 

the CPD. KPFM has generally been labelled as surface technique, a local analog to macroscopic 

Kelvin probe and ultraviolet photoemission spectroscopy (UPS), each designed to probe the first 

one or two nanometers of a sample. As was shown by Liscio and coworkers, though, KPFM has 

an effective sampling depth (heff) associated with it of around 70 nm.80 This finding indicates that 

both the surface and sub-surface dipoles, among other potential sources, of a polymer film could 

contribute to the CPD signal measured with KPFM. Indeed, the sampling depth affects how 

much of the sample KPFM “sees”, whether that is the entirety of the film if it is thinner than the 

sampling depth (hfilm<heff), or if it is a portion of the film if it is thicker than the sample depth 

(hfilm>heff). 

Figure 4 shows how the CPD measured of several TMPC thicknesses changed on the 

substrates mentioned above. Interestingly, the trends of the CPD are different depending on the 

substrate. Atop both the SiOx/Si, as the thickness of the TMPC decreases, the relative surface 

potential increases. This increase begins at thicknesses of TMPC films less than 100 nm, which 

is commensurate with KPFM picking up polymer/substrate interactions at its observed depth of 

probe. The behavior of CPD with thickness of TMPC films is very different on the 

Au(100)/SiOx/Si. Instead of seeing an increase in the CPD in thinner films, little change is 

observed across all thicknesses of TMPC films. Interestingly, there may even be a slight decrease 

in CPD as the thickness decreases.  

The trends observed in Figure 4 are noteworthy, as the CPD is not constant for TMPC 

films across thicknesses. Changes to surface potential with thickness of polymer films has been 

observed in semiconducting polymers, but this is attributed to band bending behavior, with 
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charge transfer occurring between the conductive substrate and film. This is not the case with 

TMPC, with its very low charge carrier concentration. Thus, the change to CPD with film 

thicknesses must originate from a different mechanism. As alluded to previously, because of the 

polarity of the TMPC monomer, a large contributor to the CPD could arise from the average 

vertical orientation of the dipole moment. Theoretically, using the Helmholtz equation (1), an 

expected value for ΔV can be calculated. The molecular area of the TMPC monomer and dipole 

moment were found through Chem3D to be 155.38 Å2 and ~3.5 D. Using ε = 2.9 as the relative 

 
Figure 5.4. Relative surface potential over range of thicknesses for TMPC films on two different substrates. TMPC 

films on SiOx/Si show an increase in CPD in the thinnest films, while TMPC films on Au(100)/SiOx/Si show little 

change to CPD across the film thicknesses. Dotted lines are provided as guides to the eye. 
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permittivity, the expected (or “ideal”) value for ΔV if the average orientation of the dipole 

moment is in the vertical direction was calculated to be 0.124 V, or 124 mV. The spike seen 

experimentally in the CPD in the thin TMPC films is about ~200 mV, which indicates that the 

average orientation of the dipole moment is primarily in the vertical direction in these films. It 

should be noted that because there can be additional contributions (trapped and/or surface 

charges) to the CPD, it is prudent to look at the change in CPD as opposed to the absolute CPD 

value. This way, information about the changes to the polymer chain orientation, and thus film 

 
Figure 5.5. Ap/As ratios for three signature TMPC bonds measured via p-FTIR. The black dashed line denotes 

Ap/As=0.5, which indicates no preferred in- or out-of-plane orientation of the bonds. 
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structure, can be isolated. Furthermore, contributions to the CPD measured, for example from an 

additional dipole contribution from hydrogen bonding oriented in the vertical direction, existing 

in the TMPC/SiOx/Si system could be present. These contributions would be additive to the 

CPD. 

With the hypothesis that varying interfacial interactions are influencing the TMPC dipole 

moment orientation and thin film structure near the interface, an attempt to quantify this change 

to structure further was made. Because of the polarity of the C=O bond in TMPC, p-FTIR was 

used to monitor the orientation of this signature bond, as well as others present in TMPC, in 

several film thicknesses. For each signature bond, trends of the ratio Ap/As with film thickness 

were recorded. If Ap/As=0.5 (isotropic), there is no preferred orientation of the functional groups 

being probed. If Ap/As>0.5, the p-polarized electric field, which oscillates almost perpendicular 

to the substrate, is being mostly absorbed by the out-of-plane transition dipoles of the functional 

groups. Thus, the high Ap/As ratio infers out-of-plane orientation of the functional group 

dipoles.187 Conversely, if Ap/As<0.5, the s-polarized electric field, which oscillates almost 

parallel to the substrate, is being absorbed by the functional groups having in-plane transition 

dipoles. The low Ap/As ratio indicates in-plane orientation of the functional group dipoles.  

The results from the p-FTIR and KPFM studies combined present a consistent picture. 

TMPC polymer chains near to substrates with which they interact strongly (e.g. H-bonding) tend 

to be more preferentially aligned than those chains near substrates with which they interact 

weakly (e.g. VDW  interactions). In the case of TMPC on SiOx/Si substrates, where H-bonding 

between TMPC and the substrate occurs, this alignment of the chains near the substrate results in 

a preferred orientation of the average dipole moment of the monomers in the thin film near the 

substrate. The preferred orientation of the average dipole moment is indicated by the spike in the 
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CPD measured with KPFM of the thinnest TMPC films atop SiOx/Si substrates. In thin TMPC 

films atop gold substrates, with which the chains interact only via weak van der Waals 

interactions, there is no distinct change to the CPD across the range of TMPC thicknesses tested. 

This finding suggests the weak VDW interactions are not responsible for any ordering of the 

average dipole moment of the TMPC monomers nearest to the substrate. Using p-FTIR, the 

signature C=C and C-H bonds are seen to be more preferentially oriented in the out-of-plane 

direction in the thinnest TMPC films atop SiOx/Si than thicker TMPC films on SiOx/Si. 

Furthermore, the C=O bonds of TMPC on average are oriented in the out-of-plane direction 

across a range of TMPC thicknesses. Together, the information from p-FTIR lends weight to the 

results from KPFM, showcasing that together these tools can provide a wealth of information 

about thin film polymer structure at buried I/M interfaces. 

5.4 Conclusions 

In conclusion, the effects of interfacial interactions on the surface potential of a polar 

polymer, TMPC, were studied with KPFM. It was found, remarkably, that the trends of the CPDs 

of the TMPC were very different depending the interfacial interactions between TMPC and the 

underlying substrate. Thin TMPC films atop substrates with which they interact strongly via H-

bonding, like SiOx/Si, are seen to have a preferred orientation of their average monomer dipole 

moment, which is manifested in a spike in the CPD as measured with KPFM. CPD 

measurements of thin TMPC films atop substrates with which they interact weakly via VDW 

interactions, like Au, show no significant changes across a range of film thicknesses. The 

orientation of several signature TMPC bonds on films atop SiOx/Si are probed with p-FTIR, and 

the results highlight trends of the bonds to be oriented more in the out-of-plane direction in thin 
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TMPC films, thus validating the KPFM measurement of such films. As studies of highly polar 

SAMs have shown, assessing the average dipole orientation using KPFM is distinctly achievable. 

To date, though, this has not been shown with polymer thin films. Our results indicate that 

KPFM, beyond its widespread use to investigate conductors and semiconductors, is also a useful 

tool for probing insulating polymer films and the buried I/M interface between the film and 

underlying substrate. Furthermore, we find that interfacial interactions at the I/M interface affect 

the morphology of thin polymer films, which is important for thin film properties and 

applications that employ I/M interfaces. 
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 Conclusions 

6.1 Summary 

Morphological design of polymer thin film systems allows for the manipulation of 

polymer properties. Whether the polymer is primarily semi-crystalline or amorphous, the nano- 

and microstructure of the polymer is responsible for properties that can vary orders of 

magnitude, showcasing the extrinsic nature of many polymer properties. The control of polymer 

morphology affords great challenges and opportunities, as precise adjustment of polymer 

properties for advanced applications from field-effect transistors to organic photovoltaics is 

extremely appealing for successful implementation. This dissertation demonstrates several ways 

that polymer and hybrid morphologies can be designed from film fabrication and post-processing 

of films to modification of the polymer/substrate interface. The focus of Chapters 2-4 is the 

morphology-electronic property relationship of semiconducting, or conjugated, polymer thin 

films, with an additional study in Chapter 4 on bismuth-based perovskite films. Chapter 5 

concentrates on insulating polymer thin films and the influence of interfacial interactions on their 

morphology. Each design tool discussed offers a range of tunability to the material properties, 

and these changes to material properties are examined when possible with theoretical 

frameworks that shed light on what is occurring at the nanoscale. The work in this dissertation 

provides greater understanding of the complex morphology-property relationships in polymer 

thin films, especially with regards to the wide range of properties accessible for a single polymer, 
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which promises improvements to current device fabrication processes as well as for the informed 

design of future organic and hybrid devices. 

The morphological design tool of Chapter 2 was film fabrication, specifically the creation 

of a unique globular morphology using a laser deposition technique called matrix-assisted pulsed 

laser evaporation (MAPLE). Both spin-casting and MAPLE-deposited poly(3-hexylthiophene) 

(P3HT) films were investigated, and the morphologies due to fabrication influenced the 

electronic properties of P3HT as much as the differences noted between two conjugated 

polymers with different chemistries. Specifically, the density of states (DOS) width of the 

MAPLE-deposited film was larger than that of the spin-cast film, signifying an increase to 

energetic disorder due to an increase in the structural disorder. The DOS width was extracted 

from band-bending data, which probes the degree to which the energy levels of the polymer shift 

close to the polymer/electrode interface as charge is transferred between the two materials after 

Fermi level alignment. Out-of-plane carrier transport of the MAPLE-deposited P3HT film was 

suppressed as compared to the spin-cast counterpart. This suppression was also attributed to the 

more-disordered film morphology of the MAPLE-deposited films. 

In Chapter 3, the effect of interfacial self-assembled monolayers (SAMs) on the 

morphology and electronic properties of P3HT was studied. The substrates and modified 

substrates tested in this chapter were bare ITO, ITO modified with trichloro(1H, 1H, 2H, 2H-

perfluorooctyl)-silane (FTS) (FTS/ITO) and ITO modified with octadecyltrichlorosilane (OTS) 

(OTS/ITO). SAMs modify both the work function (WF) and surface energy of the substrate. As 

band bending at the polymer/electrode interface depends on the substrate WF and electronic 

structure of the polymer, this study allowed for the probing of the combined influence of 

interfacial SAMs on the overall electronic properties of the P3HT. As found in Chapter 2, the 
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MAPLE-deposited films, regardless of substrate, had more pronounced band bending than the 

spin-cast films, which corresponded to larger DOS widths. When assessing the finer differences 

to properties of the MAPLE-deposited films on various substrates, it was noted that substrate 

surface energy altered by the SAMs affected thin film P3HT morphology. Specifically, P3HT 

films atop higher surface energy substrates were less structurally-disordered than those atop 

lower surface energy substrates. While WF of the substrate was also responsible for the band 

bending observed, the change to the surface energy of the substrates was implicated as the main 

contributor to the structural disorder that influenced energetic disorder of the P3HT films. 

Chapter 4 focused on the use of post-processing to create distinctive morphologies of 

P3HT and bismuth-based perovskite films. Spin-cast P3HT films, previously seen in Chapter 2 

to have some sample-to-sample variation in their measured WF, were subjected to solvent 

annealing with chloroform. Upon solvent annealing, the spin-cast P3HT films spun from two 

different solvents were seen to have more uniform WFs across a range of film thicknesses, which 

indicated more stable morphologies formed. Furthermore, DOS widths extracted from band 

bending were much narrower than those of MAPLE-deposited films, which confirmed 

quantitatively the decreased energetic disorder present in these more well-ordered spin-cast 

films. Solvent annealing with dimethylformamide was also used as a post-processing technique 

on lead-free perovskite methylammonium bismuth iodide (MBI) films. A comparison between 

thermally and solvent-annealed MBI films revealed that solvent annealing increased grain size, 

reduced film roughness, and preferentially orientated the grains in the face-on direction in the 

MBI films. Along with changes to film morphology, the solvent-annealed MBI films also had 

improved intra-grain conductivity over thermally annealed films. Additionally, photovoltaic 

devices fabricated with solvent-annealed MBI films had increased power conversion efficiency. 
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Finally, Chapter 5 explored how interfacial interactions altered thin film morphology of 

tetramethyl bisphenol-A polycarbonate (TMPC), an insulating polar polymer. TMPC is known to 

hydrogen bond with silicon substrates that possess a native oxide, and this strong interfacial 

interaction influences the TMPC thin film properties, including glass transition temperature. To 

investigate the role of interfacial interactions on the thin TMPC film morphology, films were 

spun atop silicon (with a native oxide) and gold substrates. TMPC chains interact weakly with 

the gold substrate via primarily van der Waals (VDW) interactions. A comparison of TMPC 

surface potential trends on the two substrates revealed a spike in the surface potential of thin 

TMPC films atop silicon with a native oxide. With the surface potential of polar species being 

related to the vertical component of the dipole moment, this spike indicated a positive 

contribution to the vertical component of the dipole moment from the TMPC chains near the 

interface. This finding showed that interfacial interactions can contribute to the ordering of 

insulating polymer chains near the interface, and this structural change can be probed with 

surface potential measurements. To corroborate the ordering of the chains, polarized Fourier 

transform infrared spectroscopy was used to assess TMPC signature bond orientation in the in- 

and out-of-plane directions. 

 

6.2 Future Outlook 

The morphological design strategies discussed in this dissertation provide many 

launching points for future research on organic, inorganic, composite, and hybrid materials. 

Regarding film fabrication with MAPLE, much work remains not only on neat polymer films, 

but also on polymer composite films and multi-layer films. MAPLE deposition, as noted in 



 

97 

 

Chapters 2 and 3, allows for creation of films with increased energetic and structural disorder. 

While our studies have noted some connection between the two, with increased structural 

disorder leading to increased energetic disorder, full understanding of how the two terms of 

disorder affect each other and polymer properties is still required.  

Additionally, a couple of distinct advantages MAPLE deposition offers over traditional 

spin-casting is noted in the fabrication of polymer composite films and multi-layer films. While 

spin-casting of polymer composite films from solution can lead to significant aggregation of the 

inorganic component, MAPLE deposition allows for the composite solution to be frozen in place 

prior to deposition, thus leading to films with less aggregation of the inorganic component. To 

study the influence of MAPLE fabrication on polymer composite morphology and properties, 

P3HT/carbon nanotube composites are currently being fabricated and investigated. It is expected 

that depressed aggregation of components could be applied to fabricate polymer composite films 

with a wide variety of inorganic components including graphene, graphene oxide, and metal 

nanoparticles. This idea of limited aggregation in a two (or greater) component polymer system 

could further be used to fabricate polymer blend films. Current fabrication of multi-layer 

polymer films, often from spin-casting, requires the use of orthogonal solvents to successively 

spin layers of polymer. MAPLE deposition circumvents the use of orthogonal solvents, as 

multiple frozen polymer targets can be used during the same deposition. For all of these reasons, 

the use of MAPLE as a fabrication tool to design unique and technologically-relevant polymer 

systems is attractive.  

As discussed in Chapters 3, 4, and 5, post-processing and interfacial modification also 

serve as morphological design tools with a lot of promise. While solvent annealing was the 

primary post-processing technique discussed in this dissertation, others exist that have their own 
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benefits. Super-critical carbon dioxide (scCO2) has been used successfully to alter backbone 

orientation of P3HT chains near to a dielectric interface,65 which has meaningful implications for 

applications that have charge carriers moving near this interface, like thin film transistors. 

Furthermore, scCO2 is environmentally friendly, with CO2 being abundant and non-flammable. It 

is noted that post-processing has often been used on spin-cast polymer films, but little work has 

been done to post-process MAPLE-deposited polymer films. With the mechanism of MAPLE 

deposition including processes that resemble nucleation and growth dynamics, it is possible that 

MAPLE-deposited films subjected to post-processing would experience increased 

“grain”/globule size and even preferential “grain”/globule orientation. This hypothesis is 

tentatively supported by the findings from Chapter 4 which showed that organometal halide 

perovskite grain size and orientation can be vastly changed by post-processing like solvent 

annealing. If MAPLE-deposited films could be altered to produce less rough and more 

crystalline or ordered films with improved properties through post-processing, the utilization of 

MAPLE to fabricate polymer films would probably increase drastically. 

Interfacial modification to control film morphology includes several options that have 

more room for exploration. While Chapter 3 explored SAMs that increased the WF of the ITO 

substrates (in essence only probing the highest occupied molecular orbital (HOMO) level of 

P3HT), SAM-modification that allows for the probing of the lowest unoccupied molecular 

orbital (LUMO) level of P3HT would be quite interesting. It has been previously seen that the 

DOS width of the tail states at the HOMO and LUMO levels of conjugated polymers can be 

different, so understanding if SAM-modification alters film morphology that further influences 

the energetic disorder at the LUMO level would add to the current picture. There also exists a 

bounty of SAMs that can be used to modify substrates, allowing for continued examination of 
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whether or not surface energy of the substrate influences thin film morphology, and thus thin 

film electronic structure. Finally, the study of how interfacial interactions influence thin film 

morphology with the measurement of surface potential (as discussed in Chapter 5) is still very 

much in its infancy. There is much work to be done to assess whether (1) the strength of 

interfacial interactions (strong versus weak) affects all polymer chains near the interface in terms 

of structure and (2) the surface potential measured can afford information about the polymer 

chains and structure. 
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Appendix A. KFPM Schematic 

Reproduced with permission from Wenderott, J. K..; Green, P. F. Self-Assembled 

Monolayers at the Conjugated Polymer/Electrode Interface: Implications for Charge Transport 

and Band-Bending Behavior. ACS Applied Materials & Interfaces. 2018, DOI: 

10.1021/acsami.8b03624. Copyright 2018 American Chemical Society. 

Figure A- 1. KPFM Schematic. 
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Appendix B. FTS and OTS Structures and Characterization of SAMs 

Reproduced with permission from Wenderott, J. K..; Green, P. F. Self-Assembled 

Monolayers at the Conjugated Polymer/Electrode Interface: Implications for Charge Transport 

and Band-Bending Behavior. ACS Applied Materials & Interfaces. 2018, DOI: 

10.1021/acsami.8b03624. Copyright 2018 American Chemical Society. 

 

Figure A- 2. FTS and OTS chemical structures. 
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Figure A- 3. OTS (left) and FTS (right) molecules with calculated dipole moments. The magnitude and direction of 

the dipole moments are designated by the pink arrows. 

 

Sample VSAM (V) Φsub- Φtip (V) µSAM (C*m) µSAM (D) 

FTS -1.265 0.109 -8.9 x 10-30 -2.67 

OTS -0.391  0.109 -2.2 x 10-30 -0.65 
 

Table A- 1. Values used to calculate dipole moments for FTS and OTS from KPFM surface potential maps. 
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Characterization of the Self-Assembled Monolayers (SAMs) 

The quality of the SAMs are important for the validity of the experiments contained 

within the manuscript. Several methods to test and confirm the SAMs had successfully adhered 

to the indium tin oxide (ITO) surface’s hydroxyl groups via chemical bonding were available. 

First, we used the surface potential value measured from Kelvin probe force microscopy (KPFM) 

of the SAM/ITO substrate to determine experimentally the dipole moment of the SAM and 

compared this with a calculated dipole moment of model molecules using Chem3D Ultra with 

the MOPAC interface. KPFM has been utilized to investigate organized molecular systems 

previously in a number of reports.183,189,190 The surface potential, as measured by KPFM, of a 

SAM on a substrate is given by: 

𝑉𝑆𝐴𝑀 =
−(𝜑𝑠𝑢𝑏−𝜑𝑡𝑖𝑝)

𝑒
+

𝜇

𝐴𝜀𝑆𝐴𝑀𝜀0
+ 𝛼       (A.1) 

where φsub and φtip work functions of the substrate supporting the SAM and the tip, respectively, 

e is the elementary charge, µ is the net dipole moment directed normal to the substrate surface, A 

is the area occupied by each molecule, and εSAM and ε0 = 8.85 x 10-12 C2/N m2  are the permittivity 

of the SAM and free air, respectively, and α is additional trapped charges that can contribute to 

the surface potential. This equation is adapted from Sugimura, et al.189, and points to the 

contributions to the surface potential from several sources: (1) the contact potential difference 

(CPD) between the tip and substrate, (2) the dipole moment of the SAM derived from the 

Helmholtz equation, and (3) trapped charges in oxide layers or other sources that add to the 

potential. In our case, there is no thick oxide layer, so the α term is assumed negligible. For 

simplicity, we assume both OTS and FTS have similar A and εSAM, though there will be some 

discrepancy between the two. The values chosen are A = 3 x 10-19m2 and εSAM = 2.9 based on 

other studies.190,191  
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Table S1 shows the values used and dipole moments directed normal calculated from 

equation (1). We find experimentally µOTS = -0.65 D and µFTS = -2.67 D from KPFM. Calculated 

dipole moments of model molecules using Chem3D Ultra were found to be µOTS = 0.39 D and 

µFTS = -2.84 D and are shown in Figure S2. We take particular note of the experimental value of 

the OTS dipole moment oriented in the opposite direction of the model molecule dipole moment. 

This finding indicates the OTS SAM is not as close to its model orientation as the FTS SAM, 

which only deviates slightly from its model orientation. Both methods point to a small dipole 

moment for OTS and one that is smaller than that of FTS, though, which is lends support for a 

quality SAM on top of ITO. Deviations from the model for both FTS and OTS could arise from 

the fact that ITO is a fairly rough substrate as compared to pristine Si/SiOx and the values used 

for calculating the experimental dipole moments (A and εSAM) were not precise. 

Another verification for the quality of the SAM comes from the surface energy 

measurements. It has been previously shown, and is intuitive from the molecular structures, that 

both OTS and FTS are hydrophobic.192,193 In our contact angle measurements using water, we 

measured average contact angles of ϴH20, OTS = 102.6° ± 1.4° and ϴH20, FTS = 104.2° ± 1.4°, which 

further confirms the quality of the SAM. We measured contact angle of water over several areas 

on the substrate, showing the SAM does have coverage across the substrate. The small variation 

in the contact angles measured also shows this coverage is fairly uniform, with minor deviations 

in quality perhaps again due to the ITO substrate roughness. 
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Appendix C. Fits for Band-Bending Data of Spin-cast P3HT on 

FTS/ITO, OTS/ITO, Bare ITO  

Reproduced with permission from Wenderott, J. K..; Green, P. F. Self-Assembled 

Monolayers at the Conjugated Polymer/Electrode Interface: Implications for Charge Transport 

and Band-Bending Behavior. ACS Applied Materials & Interfaces. 2018, DOI: 

10.1021/acsami.8b03624. Copyright 2018 American Chemical Society. 

 

Figure A- 4. Band-bending data for spin-cast samples and fits to data. 
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Appendix D. Raw CELIV Data of MAPLE-Deposited P3HT on 

FTS/ITO and OTS/ITO 

Reproduced with permission from Wenderott, J. K..; Green, P. F. Self-Assembled 

Monolayers at the Conjugated Polymer/Electrode Interface: Implications for Charge Transport 

and Band-Bending Behavior. ACS Applied Materials & Interfaces. 2018, DOI: 

10.1021/acsami.8b03624. Copyright 2018 American Chemical Society. 

 

 

Figure A- 5. Raw CELIV data of MAPLE-deposited P3HT on FTS/ITO and OTS/ITO. 
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Appendix E. UV Absorption Spectra of MBI Films Before and After 

Solvent Annealing 

Reproduced with permission from Wenderott, J. K.; Raghav, A.; Shtein, M.; Green, P. F.; 

Satapathi, S. Local Optoelectronic Characterization of Solvent-Annealed, Lead-Free, Bismuth-

Based Perovskite Films. Langmuir. 2018, DOI: 10.1021/acs.langmuir.8b01003. Copyright 2018 

American Chemical Society. 

Figure A- 6. Increased band-edge absorption is seen in MBI films after solvent annealing. 
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Appendix F. Energy Dispersive X-ray Analysis of Perovskite Material 

After Solvent Annealing 

Reproduced with permission from Wenderott, J. K.; Raghav, A.; Shtein, M.; Green, P. F.; 

Satapathi, S. Local Optoelectronic Characterization of Solvent-Annealed, Lead-Free, Bismuth-

Based Perovskite Films. Langmuir. 2018, DOI: 10.1021/acs.langmuir.8b01003. Copyright 2018 

American Chemical Society. 

 

 

 

 

 

 

 

 

 

 

 

 

 Figure A- 7. EDAX analysis of solvent-annealed MBI film. 
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Appendix G. Compositional Mapping of Perovskite Material After 

Solvent Annealing 

Reproduced with permission from Wenderott, J. K.; Raghav, A.; Shtein, M.; Green, P. F.; 

Satapathi, S. Local Optoelectronic Characterization of Solvent-Annealed, Lead-Free, Bismuth-

Based Perovskite Films. Langmuir. 2018, DOI: 10.1021/acs.langmuir.8b01003. Copyright 2018 

American Chemical Society. 

 

Figure A- 8. Compositional mapping of solvent-annealed MBI film. 
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Appendix H. J-V Curves of Devices Containing Thermally and Solvent-

Annealed MBI Films 

Reproduced with permission from Wenderott, J. K.; Raghav, A.; Shtein, M.; Green, P. F.; 

Satapathi, S. Local Optoelectronic Characterization of Solvent-Annealed, Lead-Free, Bismuth-

Based Perovskite Films. Langmuir. 2018, DOI: 10.1021/acs.langmuir.8b01003. Copyright 2018 

American Chemical Society. 

 

Figure A- 9. J-V cures of devices containing solvent-annealed and thermally annealed MBI films. 
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Appendix I. KPFM Control Studies on Bi:Sn Alloy 

Manuscript in preparation by Wenderott, J. K.; Dong, B. X.; Amonoo, J.; Green, P. F. 

Figure A- 10. Topography and surface potential images of Bi/Sn alloy. 5x5 µm scan (A) and 10x10 µm scan (B) 

show relative surface potential differences between 0.08-0.13 V prior to oxidation. 5x5 µm scan (C) shows 

oxidation of Bi/Sn surface after being left in air for several hours. 

 

Prior to oxidation and directly after removing the alloy from the Carver press, the values 

we measure for the CPD between Sn and Bi range from ~0.08-0.13 V. These values match well 
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with the cited CPD between Sn and Bi, which equals 0.08 V ± 0.05 V.194  As seen below (A, B), 

the Bi and Sn segregate primarily into their own domains, which makes the alloy useful for a test 

of relative surface potential. Seen also below (C), after the alloy was left out for several hours in 

air, the difference in surface potential between Bi and Sn lessened and several spots of high 

surface potential appear. This has been attributed to oxidation of the sample, which is more 

apparent on Sn.181 

There are a couple of additional observations to be made regarding the KPFM results 

from the model alloy study. By closely comparing the topography and surface potential, we see 

no consistent cross-talk between channels. Some features seen in the topography map seem to 

translate to features in surface potential, but clearly not all. Additionally, we can see our 

technique yields good lateral resolution, as seen in the contrast between domains of Bi and Sn. 
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