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Mobility control of ceramic grain boundaries and interfaces 
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Abstract 

Grain boundary mobility and grain-liquid boundary mobility in ceramics vary vastly from material to material. Their 
characteristics are sensitive to the crystal structure, the nature of bonding, orientation, stoichiometry and composition. 
More directly, mobility can be lowered by decreasing the interfacial energy and anisotropy or increasing solute drag, 
liquid viscosity, particle pinning and grain interlocking. Judicious doping and scavenging emerge as especially effective 
methods for mobility control. Static and dynamic grain growth data of zirconia, alumina, and silicon nitride are cited to 
support the above proposition. 

1. Introduction 

The motion of grain boundary and grain-liquid 
interface is an important step in microstructural 
development. In solid state sintering, a low grain boun- 
dary mobility allows pores to remain attached to the 
grain boundary and to continue rapid shrinkage via 
grain boundary diffusion. This realization has led 
ceramists to search for additives that aid sintering 
through controlled grain growth [ 1 ]. In recent years, the 
interest in grain growth has continued unabated amid 
the activities of nanocrystalline ceramics [2], super- 
plastic ceramics [3], grain-aligned high T c supercon- 
ductors [4], in situ toughened silicon nitride [5], and 
transformation toughened zirconia [6]. In all of the 
above endeavors, the ceramists' ability to enhance or 
suppress grain boundary and grain-liquid interface 
motion is critical to the successful rendering of the 
desired microstructures and properties. For high tem- 
perature plasticity, which is the focus of the present 
workshop, the tendency for the stressed interface to 
sustain localized deformation and for highly mobile 
interfaces to undergo enhanced motion and effect 
dynamic microstructural evolution is obviously a 
matter of special interest. 

The characteristics and the methods for controlling 
interface motion in ceramics vary considerably from 
material to material. Nevertheless, from theoretical 
considerations and the large database of technologic- 
ally important ceramic systems, we have tentatively 
identified the most important factors pertinent to 
mobility control. These include interfacial energy, 

interface anisotropy, solute drag, liquid viscosity, par- 
ticle pinning, and grain interlocking. The intent of the 
present contribution is to review the recent research on 
zirconia, alumina, and silicon nitride to provide 
relevant examples of these controlling factors. In this 
context we paid special attention to cases involving 
high temperature deformation. 

There are large differences in the grain boundary 
and interface behavior of ceramics, even among the 
above three ceramics. Some of these differences can be 
attributed to the basic nature of bonding and structure 
of the crystal. In particular, the extent of stoichiometry, 
solubility and anisotropy appears to be important. 
These considerations also extend to the interface itself. 
For example, whether the interface is charged or not 
figures prominently in mobility. The other relevant 
consideration is the composition of the grain boundary. 
In particular, the common presence of siliceous im- 
purity and the immiscibility between glassy silica and 
many ceramics leaves the distinct possibility of a grain 
boundary glassy phase remaining after sintering. 
Indeed, silicate ceramics and nitrides are often pro- 
cessed with a liquid phase. Moreover, in the latter prac- 
tice, a series of non-equilibrium reactions usually takes 
place during which a mechanical force is often super- 
imposed (e.g. in hot-pressing). Lastly, since ceramics 
are hard and have limited slip systems and few disloca- 
tions, the elastic energy associated with the interface or 
growth may not be easily relieved. Some mechanical 
effects on interface motion are thus expected. For each 
ceramic, these basic features and processing complexi- 
ties have to be duly recognized. 
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2. Z i r c o n i a  

Zirconia has a crystal structure closely related to 
that of fluorite. It usually appears in either tetragonal or 
cubic forms, and their respective phase stability 
depends on the amount and type of cation additives. 
These additives are typically of a lower valence, such as 
Mg and Y, and their amount varies from 1% to 2% in 
tetragonal zirconia to 8% to 20% in cubic zirconia. It 
also forms a complete solid solution with other fluorite 
structural oxides such as CeO2. Oxygen vacancies are 
the dominant defect species in all zirconia and provide 
a fast diffusion mechanism for oxygen. Its grain shape 
is usually equiaxed even in the tetragonal phase, which 
has only a small tetragonality. 

Grain boundary mobility has been measured in 
several tetragonal zirconia and cubic zirconia [7, 8], see 
Fig. 1. They vary by two orders of magnitude at 
1500 °C and more at lower temperatures. In the case of 
tetragonal zirconia, the controlling factor of grain 
boundary migration has been identified as solute drag 
[8]. This is supported by (a) direct confirmation of 
solute segregation at the grain boundary by Auger and 
electron spectroscopy for chemical analysis (ESCA), 
(b) negative concentration dependence of the mobility, 
and (c) a relatively high activation energy comparable 
with that for lattice diffusion of solute. In contrast, the 
activation energy of cubic zirconia is much lower and 
might be identified as that for grain boundary diffusion 
[7]. In general, the lower the grain boundary mobility, 
the higher the activation energy. 

The cause for grain boundary segregation in tetra- 
gonal zirconia has been attributed to the charge effect 
[8]. This may be understood by considering charge- 
distribution near the grain boundary, as shown in Fig. 
2. Usually we assume the cation and anion vacancy 
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Fig. 1. Grain boundary mobility in several tetragonal and cubic 
zirconia [7, 8]. Reference data for other ceramics are also indi- 
cated. 

concentrations, [Vo] and [V~'r'], are equilibrium, deter- 
mined by the reaction of the Schottky defect which has 
a formation energy of the order of 5 - 7 eV. These con- 
centrations are typically very low. When aliovalent 
dopants such as C a  2 + are introduced, charge consider- 
ation dictates that the oxygen vacancy concentration in 
the bulk is approximately equal to the dopant concen-  
tration which is much higher than [Vo] at the grain 
boundary. ([V~'r' ] is very small since it is of the same 
effective charge as Ca 2+.) The gradient of [Vo] sets up 
a space charge potential which attracts Ca 2+ to the 
grain boundary. The total amount of solute segregation 
A C can be shown to be proportional to Z3/2Co 1/2 [9] 
where Z is the difference in the valence of the dopant 
and the host cation, and Co is the bulk concentration of 
solute. Thus, the higher the solute concentration and 
the larger the valence difference, the more segregation 
is expected. When a grain boundary migrates, it must 
drag these segregated solutes along. This increases the 
resistance to grain boundary motion and lowers its 
mobility. 

Solute drag as a result of segregation is proportional 
to the same charge and concentration factors. In addi- 
tion, since the solute movement is achieved by lattice 
diffusion, the drag increases with Dsoiute - 1, where Dsolute 
is the lattice diffusivity of the solute. Inasmuch as large 
solutes often have lower diffusivity in tetragonal zir- 
conia, larger solutes are more effective grain growth 
inhibitors. Indeed, among all the solutes of tetragonal 
zirconia, Ca, which has the lowest valence and one of 
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Fig. 2. Schematic variations of electrostatic potential and defect 
concentrations with distance from grain boundary. Opposite 
grain boundary charges are developed in the intrinsic (pure 
ZrO2) and in the extrinsic (ZrO 2 + 1 mol% CaO) regimes. F + is 

W Zr the formation energy of "" F -  is the formation energy of 
vo [8]. 
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the largest ionic sizes, suppresses grain growth the 
most [8]. 

Grain boundary energy was also found to correlate 
with the tendency for grain growth: tetragonal zirconia 
tends to have lower grain boundary energy (by 60%) 
than cubic zirconia and hence lower grain boundary 
mobility [3-7]. The lower grain boundary energy could 
be a direct result of more solute segregation in tetra- 
gonal zirconia, which is consistent with the report that 
the amount of segregation in the cubic phase is less 
[10]. Moreover, according to the Borisov correlation 
[11 ], a higher grain boundary energy may be correlated 
to a higher grain boundary diffusivity in the cubic 
phase which will also enhance grain boundary mobility 
[7]. At any rate, the much higher energy of the 
cubic-cubic boundary and the cubic-tetragonal boun- 
dary gives rise to a large dihedral angle around 135 ° 
(see Fig. 3). Thus, even at equilibrium, the cubic grain 
should be eight sided, and as shown in Fig. 3, is larger 
than the tetragonal grain in a two-phase tetra- 
gonal-cubic zirconia. This has been commonly 
observed. 

A layer of siliceous glassy phase of several nano- 
meter thickness often exists along the grain boundary 
of zirconia [12]. It is remarkable, however, that such a 
phase rarely seems to influence the properties of zir- 
conia ceramics except in special cases (e.g. grain boun- 
dary electrical conductivity). In the present connection, 
we note that, despite the presence of such a liquid 
phase, characteristic dihedral phase angles between 
tetragonal and cubic grains have been observed [3]. 
Thus, grains are apparently communicating with each 
other across the thin liquid gap. In addition, even in the 

Fig. 3. Schematic diagram depicting a large, eight-sided cubic 
zirconia grain with a dihedral angle of 135 ° surrounded by tetra- 
gonal zirconia grains. 

presence of a relatively large amount of liquid, around 
5-10 v/o, tetragonal grains still grow at a much slower 
rate than cubic grains [13, 14]. Thus, the solute drag 
mechanism apparently persists at the solid-liquid 
boundary. 

Although the grain boundary of tetragonal zirconia 
does not appear to have much anisotropy, and abnor- 
mal grain growth which is either due to a mobility 
advantage or an energy advantage rarely occurs, non- 
equilibrium conditions may arise to cause certain inter- 
faces to have different energies and to induce 
anomalous migration. For example, diffusion-induced 
grain boundary migration (DIGM) has been reported 
in cubic zirconia which is related to the misfit elastic 
energy at the interface when excess solutes are 
deposited [15, 16]. Enhanced grain boundary motion 
at selected boundaries, driven by the solute supersatu- 
ration but biased by the interfacial energy anisotropy, 
then proceeds as a result. Conversely, particle pinning 
has been found to be effective in retarding grain 
growth. For cubic zirconia, fine grained (grain size less 
than 1 /.tm) ceramics can be obtained by alumina addi- 
tion [17]. For tetragonal zirconia, although the rela- 
tively low boundary mobility makes particle pinning 
unnecessary, some grain size refinement is still 
observed when a second phase is added (see Fig. 4). 

Lastly, dynamic grain growth experiments in diffu- 
sional creep or superplastic deformation have con- 
firmed the importance of grain boundary mobility. As 
shown in Fig. 5, the material with the lowest grain 
boundary mobility (Fig. 5(a)) has the lowest flow stress 
and the least strain hardening (Fig. 5(b)), and vice versa. 
Concurrent grain size measurement found the grain 
size to be stable during deformation for the low 
mobility material, and found rapid, strain-dependent 
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Fig. 5. (a) Grain boundary mobility of several tetragonal and 
cubic zirconia. (b) Stress-strain curves of the same set of 
materials [3]. 

grain growth in all the other materials. The fastest grain 
growth is observed in cubic zirconia under both static 
(annealing) and dynamic (deformation) conditions. 

3. Alumina 

Alumina is a stoichiometric ionic solid with very 
little solubility for aliovalent cations. Its crystal struc- 
ture is of hexagonal type and is thus highly anisotropic. 
The grain boundary energy of alumina has been found 
to be even larger than that of cubic zirconia according 
to the grain/grain dihedral angle measurement [3]. 
Such characteristics of strong anisotropy and large 
grain boundary energy make alumina susceptible to 
rapid, and often exaggerated, grain growth. In addition, 
its behavior is sensitive to impurities since even a minor 
amount of additives will exceed its solubility limit. 

It is well known that MgO has a beneficial effect on 
sintering of alumina; even a small addition of MgO is 

sufficient to suppress grain growth [18]. In ultrahigh 
purity alumina, 250 ppm MgO decreases grain bound- 
ary mobility by a factor of 50 at 1600 °C [19]. The 
same effect persists but is less dramatic in less pure 
alumina. The cause of this suppression has been attri- 
buted to solute drag [18]. However, direct confirmation 
of Mg segregation to the grain boundary has not been 
conclusive. Nevertheless, MgO does seem to reduce 
the boundary-to-boundary variation of segregation of 
other impurities (most notably Ca)[20, 21], and varia- 
tion of the grain boundary/surface dihedral angle [22], 
which will have a beneficial effect on preventing 
anomalous grain growth. However, MgO appears to 
increase boundary and lattice diffusivity of cations 
slightly [23], which could actually increase the mobility. 

The impurity effect of the boundary is especially 
pronounced when alumina is accompanied by a liquid 
grain boundary phase. Liquid promotes grain faceting 
by facilitating shape equilibrium through enhanced 
kinetics. In addition, because the interface advances by 
depositing cations from the liquid, surface roughening 
is often discouraged owing to the large configurational 
entropy difference for cations in liquid and in solid 
[24]. Large platelets of alumina are therefore found in 
liquid-phase-sintered samples [25]. Impurities can fur- 
ther alter the energetics or kinetics across the liquid 
phase. In the first category, it is noted that charge 
compensating dopants (e.g. TiO2 + CaO, SiO2 + SrO, 
SiO2+Na20 [26], and T iO2+CuO [27]) have been 
found to promote growth of elongated, plate-like 
abnormal grains, possibly by neutralizing the interface 
when they cosegregate. In the second category, it is 
noted that trivalent cations (e.g. L a  3 +, y3 + and C e  3÷) 
increase grain boundary mobility and can even cause 
grain-particle (at 10 vol.%) separation in a two-phase 
ceramic [28], see Fig. 6. This dramatic effect is mani- 
fested, however, only when some SiO2 is present. Pre- 
sumably, the liquid viscosity is lowered by these 
trivalent cations. The presence of alkali impurities 
seem to have the same effect [29]. Moreover, when a 
sufficient quantity of a scavenger that has large solu- 
bility for non-alkali cations is introduced, the enhance- 
ment effect is lost [28]. Thus, by introducing impurity 
and scavenger, the mobility of alumina can also be con- 
trolled to a good extent. 

Returning to solute segregation, experimental evi- 
dence currently favors misfit strain energy as the main 
driving force for segregation of most divalent and tri- 
valent cations [30]. With the dissolution of the dopants, 
charge compensation appears to occur in a self-com- 
pensating mode and no extended space charge layer 
has been observed. An exception may lie in tetravalent 
titanium substitution, however, which seems to achieve 
charge compensation by increased concentrations of 
negatively charged aluminum vacancies or oxygen 
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Fig. 7. Alumina grain size d as a function of zirconia inclusion 
radius r and volume fraction of inclusion v. References are K & 
H [29], Wakai [32], X & C [3], and k & H [31]. 

interstitials giving rise to a negative charge at the boun- 
dary. By the space charge mechanism, additional tita- 
nium segregation is then possible, which is in accord 
with the experimental observation. However, if the mis- 
fit mechanism is operative, a distinct dopant size effect 
on grain boundary mobility should be manifested. To 
our knowledge, this has not been demonstrated. 

To maintain a very fine grain size in alumina, particle 
pinning is found most effective. Partially stabilized 
tetragonal zirconia, which has a remarkable resistance 
to grain coarsening as mentioned before, is an excellent 
additive for this purpose. The relationship between 
grain (A1203) size and particle (ZrO2) size has been 
studied by several investigators [3, 29, 31, 32]. As 
shown in Fig. 7, the results follow a linear relationship 
d - 0 . 7 5 r / v  1/3 where v is the volume fraction of zir- 
conia. This is equivalent to having a pinning particle 
every 2.5 grains, which is a much lower density than 
one particle at every four-grain junction (equivalent to 
six pinning particles every grain) as commonly en- 
visioned. 

As in the case of zirconia ceramics, the correspon- 
dence of static grain growth and dynamic grain growth, 
and the accompanying effect of grain boundary 
mobility on the stress-strain curve in diffusional 
creep-superplastic deformation, have been demon- 
strated in alumina [3, 33]. To achieve a fine grain size 
which remains stable after large strain deformation, 
MgO doping and particle pinning were found neces- 
sary [34]. Otherwise, rapid dynamic grain growth 
occurs during deformation which causes severe strain 
hardening and large flow stress, as shown in Fig. 8. 
This results in premature specimen fracture. 
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Fig. 8. Flow stress at a constant strain rate of 10 -4 s ~ vs. strain 
curves for pure, MgO-doped, and ZrO,-added alumina [34]. 

4. Silicon nitride 

Silicon nitride and its solid solutions are covalent 
ceramics. To maintain charge balance, the Si/A1 and 
N/O replacement reactions in fl'-SiA1ON are always 
stoichiometrically related to each other. This require- 
ment is relaxed somewhat in a'-SiAION in which addi- 
tional cations can be stuffed at the interstitial sites and 
participate in the charge compensation. These charac- 
teristics dictate that sintering of silicon nitride ceramics 
will not be assisted by diffusion of point defects (which 
do not exist) and must be conducted in the presence of 
liquid sintering aids. Since a large amount of liquid 
(5-15 v/o) typically is present, grain growth in silicon 
nitride should be regarded as Ostwald ripening and not 
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a solid state grain boundary process [35]. The viscosity 
of the liquid, which is an oxynitride glass containing 
sintering aids, is of paramount importance in determin- 
ing the rate of grain coarsening [36]. 

The most striking feature of silicon nitride ceramics 
is the shape anisotropy that is often observed for fl- 
Si3N 4 and fl'-SiAION. (a'Si3N 4 and a-SiA1ON are 
always equiaxed except in the case of whiskers.) At 
smaller grain sizes, equiaxed fl-Si3N 4 and fl'-SiAION 
are more common, as exemplified by the superplastic 
fl'-SiAION [37]. Therefore, the shape anisotropy is 
mainly manifested in large grains, and it is the growth 
chracteristics that eventually enable long fl-Si3N 4 and 
fl'-SiAION rods to form in the microstructure. 

The origin of this anisotropy has been recently 
explored using several empirical models [38]. First, by 
counting the broken bonds per unit area, it can be 
shown that the ratio of the specific surface energies of 
{1 i00} and (0001) faces is 1:1.32 in fl-Si3N 4. This is a 
modest ratio and does not demand a high aspect ratio 
for the equilibrium grain shape. To estimate growth 
velocities, the periodic bond chain (PBC) theory may 
be invoked [39]. By estimating the energy release on 
attachment and growth of different faces, growth rates 
proportional to such attachment energies may_be 
assigned. For example, it has been shown that {1100} 
faces have the lowest attachment energy. According to 
the PBC theory, they should grow the slowest and con- 
stitute the surviving facets. Likewise, the (0001)face 
has the highest attachment energy and should grow 
the fastest. These predictions are in agreement with the 
experimental observations [40]. Actually, the PBC 
theory also finds that {li01} faces are slow growing 
and should become facets. These facets have been 
observed in fl-Si3N 4 single crystals grown from a sili- 
con melt or formed by a chemical vapor deposition 
process [41, 42]. By comparing the attachment energy 
of {li01} faces and {li00} faces, it can be shown fur- 
ther that the { 1 ] 01} faces should grow at a velocity four 
times that of {1]00}. The growth form is thus a hexa- 
gonal prism with an aspect ratio around 4, as shown in 
Fig. 9. In reality, the [0001] end surface of fl-Si3N 4 or 
fl'-SiAION tends to rounded [36], which suggests that a 
roughening transition has taken place for the {li01} 
faces, as shown in Fig. 9. This has the consequence of 
allowing for faster growth rate by providing kink sites 
on the rough surface. Growth of fl-Si3N 4 and fl'- 
SiAION is thus highly anisotropic. Eventually, grain 
impingement takes place and the maximum aspect 
ratio before grain impingement is dependent on the 
growth time. Since the transverse growth of the atomic- 
ally flat, prismatic {1500} faces is very sluggish, the 
aspect ratio is also inversely dependent on the initial 
grain dimension which appears to be controlled by the 
particle size of the starting powders [43]. 
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Fig. 9. (a) Predicted (PCB theory) grain shape (depicted by 
heavy lines)of fl-Si3N 4 prism bounded by (1100) and {1 i01} 
faces. (b) fl-Si3N 4 prism with rough interfaces at the end. 

Obviously, grain impingement is important and will 
ultimately limit the maximum aspect ratio achieved. If 
the grains are interlocked, despite the presence of a 
liquid, further grain growth onto the neighboring grains 
will strain the network by adding new matter to certain 
network segments by dissolution of others. The strain 
energy induced will probably reduce the driving force 
for grain growth. However, if the extent of grain inter- 
locking is reduced, enhanced grain growth may be 
anticipated. Geometrically, this can be most efficiently 
accomplished by grain alignment in one direction, 
although even grain alignment in two dimensions is 
capable of reducing grain interlocking significantly. In 
agreement with this prediction, grain alignment in one 
and two dimensions, as in tensile tests [44] and biaxial 
stretching tests [38], respectively, has been found to 
enhance grain growth dramatically in the [0001] direc- 
tion. This can be seen in Fig. 10. Some transverse inter- 
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shown to the left [44]. 
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Fig. 11. Typical tensile stress-strain curves showing 
pronounced strain hardening at low strain rates due to grain 
alignment and enhanced grain growth. Also shown as solid 
curves arc model predictions [44]. 

growth also appears to have occurred among the 
unidirectionally aligned neighboring grains because of 
the proximity of their crystallographic orientations 
[44]. It is noted that the continuously evolving texture 
in these cases has a very pronounced  effect on the 
deformation behavior of the material, as shown in Fig. 
1 1 for a tensile stress-strain curve. This can be under- 
stood in terms of the microstructural features which 
resemble a short-fiber reinforced composite. Not sur- 
prisingly, large tensile ductility and biaxial formability 
have been achieved in such grain-aligned silicon nitride 
ceramics. 

5. C o n c l u s i o n s  

Grain boundary and interface boundary behavior 
varies vastly in zirconia, alumina, and silicon nitride, in 
zirconia, grain boundary mobility is usually isotropic, 
can be controlled by solute drag and is phase depen- 
dent. The  presence of a liquid phase does not funda- 
mentally alter the growth behavior. In alumina, grain 
boundary mobility is extremely sensitive to the 
presence of a liquid phase and the impurities within the 
latter. Anisotropic morphology is common but can be 
suppressed by the addition of MgO or impurity 
scavengers. In silicon nitride, Ostwald ripening is 
operational and the mobility of the solid-liquid inter- 
face is again phase dependent.  The  mobility of fl-Si3N 4 
is highly anisotropic leading to early grain impingement 
and strain effects that suppress subsequent growth. 
Finally, an additional enhancement  of boundary or 
interface mobility is experienced when large strain, 
plastic deformation is imposed. This enhancement 
effect appears most pronounced in high mobility 
materials or those with highly interlocked microstruc- 
tures. 
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