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Chapter 1 

1 Introduction and Background 

1.1 Introduction 

Strongly correlated systems such as the transition-metal oxides exhibit many unique 

phenomenon including metal-insulator transitions1, superconductivity2, and magnetic and 

ferroelectric order3.  The variety of technologically useful properties within a single 

materials system allows them to be easily integrated and holds the promise of all-oxide 

devices4. The close coupling of the correlation effects to lattice degrees of freedom can 

give rise to novel properties by imposing strain in a transition-metal oxide film through 

constraint to the lattice structure of a substrate.  For example such strain can induce 

paraelectric materials to become ferroelectric5, increase ferroelectric polarization6, and 

increase the transition temperatures of magnetic7,8 and superconducting9,10 films.  The 

interfaces between the correlated systems can themselves adopt novel properties such as 

the formation of conducting planes between insulators11-13, or ferromagnetic planes 

between antiferromagnetic layers14.  This broad design space and range of device 

applications has lead to the prominent study and use of transition metal oxides. 

Of the aforementioned properties demonstrated by the transition metal oxides, 

ferroelectricity is of particular interest due to its hysteretic behavior under applied electric 

fields.  Ferroelectricity is defined by the existence of multiple equivalent polar 

orientations that can be traversed by an applied electric field – a behavior similar to the 

reorientation of ferromagnetic moments under an applied magnetic field.  However, 

electric fields are considerably easier to manipulate and the critical ferroelectric domain 

size is smaller than for ferromagnets making ferroelectric materials attractive for high-

density non-volatile memories15-20.  These materials are also high-k dielectrics and 

exhibit strong electromechanical coupling making them useful for gate oxides, sensors 

and actuators19.  However, their most versatile attribute is that the switchable polarization 
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couples with electronic transport properties20-23, surface chemistry24, strain25,26, and 

magnetic order27,28, allowing for a variety of materials properties to be hysteretically 

controlled by an electric field.  Even when the coupling of two specific order parameters 

is not intrinsic to a single material, the inclusion of ferroelectric films into 

heterostructures can allow them to be coupled indirectly.  For example ferroelectricity 

and ferromagnetism can couple across an interface through electron exchange 

interactions28-31 or by strain27,32,33.  Through such planar process engineering, ferroelectric 

materials provide a unique ability to create electrically tunable and switchable functional 

devices. 

Despite their utility, the adoption of ferroelectric films into certain device applications 

has been hampered by a few notable drawbacks.  Ironically these tend to relate to the 

same order-coupling and sensitivity to environment that make them attractive in the first 

place.  Specifically, over the long term ferroelectric films can suffer from a gradual loss 

of polarizability (fatigue), a gradual loss of the stored state (retention loss), and/or a 

gradual freezing in of the stored state (aging).  These are discussed in more detail in 

section 1.2.1 but they are all commonly attributed to nanoscale defects and are just a few 

detrimental examples of the strong dominance of the nanoscale defect structure on 

ferroelectric switching.  A specific understanding of the role of defects is necessary in 

order to engineer ferroelectric devices, including mitigating the aforementioned effects 

and to scale devices down to the size of the defect spacing where a statistical treatment is 

not applicable.  Here, I report the nanoscale characterization of ferroelectric films which I 

combine with novel in situ ferroelectric switching using real-time and aberration-

corrected transmission electron microscopy (TEM).  In the chapters which follow I reveal 

the controlling role of defects such as dislocations and interfaces in the static structures 

and switching dynamics of two prominent ferroelectric materials: BiFeO3 and PbZrxTi1-

xO3. 

1.2 Ferroelectric and Multiferroic Materials 

1.2.1 Ferroelectrics and Multiferroics 
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The first ferroelectric material, Rochelle Salt, was reported nearly 90 years ago by J. 

Valasek34.  Since then many hundreds have been discovered, nearly all of them oxides 

although there has been some recent attention paid to the fluorides as well35,36.  Of these, 

the most commercially and scientifically prevalent belong to the perovskite ABO3 family 

(A and B are cations).  These are prototypical displacive-type ferroelectrics which upon 

cooling through a Curie temperature adopt a lower-symmetry non-centrosymmetric 

structure which possesses a dipole moment.  The dipole moment has multiple degenerate 

orientations as illustrated schematically by the double-well energy diagram of a 

tetragonal perovskite in Fig. 1.1. 

 

In ferroelectrics, long-range coulombic forces promote the polar ferroelectric distortion, 

whereas short range repulsions favor an undistorted cubic structure.  For the ABO3 case, 

covalent bonding between the B-site cation and oxygen soften the repulsive force and 

stabilize the ferroelectric state.  Thus, they must possess a B cation whose lowest 

unoccupied state is a d-orbital which hybridizes to oxygen 2p37.  However, the A-site can 

also play a significant role such as in the two ferroelectrics which are the focus of this 

 

Fig. 1.1 Free Energy vs. Polarization in Ferroelectrics 
Double energy-well potential of the ferroelectric polarization.  Here, the ferroelectric can adopt one of two 
degenerate polarizations along the [001] axis to minimize it’s free energy.   Specifically shown are the c+ and c- 
polarizations of tetragonal PbZr0.2Ti0.8O3 unit cell, although the actual shape of the double well energy curve is 
purely illustrative.  The oxygen octahedral are displaced downward and upward, respectively, compared to the Pb 
cage resulting in the dipole moments (polarizations) shown. 
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work: BiFeO3 and PbZrxTi1-xO3.  In both, a lone electron pair on the Bi and Pb atoms 

leads to a large A-site distortion and hybridization with the O 2p orbital37-39.  Due to this 

lone-pair, the atomic displacements are especially large in these materials which will be 

important for the TEM polarization mapping developed in section 3.3. 

Recently, there has been significant scientific effort put towards multiferroic materials40, 

i.e. those which posses multiple types of ferroic order ((anti)ferroelectric, 

(anti)ferromagnetic, ferroelastic, or ferrotoroidal).  Typically multiferroic is interpreted to 

refer only to materials which exhibit (anti)ferroelectric and (anti)ferromagnetic order or 

even more strictly to only the ferroelectric and ferromagnetic properties.  The reason is 

that ferroelectricity and ferromagnetism are technologically useful properties such as for 

storing information in memory.  A material which posses both uncoupled can be used as 

a four state memory bit (P↑M↑, P↑M↓,P↓M↑, P↓M↓)41.  More commonly, and perhaps 

more convenient, is when the two are coupled29,30.  This combines the advantages of both 

types of memory: the ease of writing the ferroelectric state with an electric field and ease 

of reading the ferromagnetic state through magnetoresistance.  In addition to memory 

such multiferroics could be used for a broad range of potential magnetoelectric 

applications42. 

Unfortunately, there are currently no single phase materials with significant ferroelectric 

and ferromagnetic properties at room-temperature.   Even if one includes 

antiferromagnetic ordering there are only a few rare cases of which BiFeO3 is the 

forerunner.  The rarity of finding these two properties simultaneously was addressed by 

first-principles calculations which found there is a mutually exclusive requirement for the 

B-site d-orbital occupancy3.  Ferroelectricity requires the formal valence of the B-site to 

be d0 (empty d orbital), however without any unpaired electrons no magnetic ordering, 

ferro or otherwise, is possible.  BiFeO3 represents an unusual case where ferroelectricity 

is primarily driven by the lone-pair on the A-site Bi atoms allowing the relaxation of the 

d0 requirement of the B-site, i.e. Iron.  Although the perovskites have excellent 

ferroelectric properties, this lack of magnetic order has been a large part of the driving 

force towards finding new classes of ferroelectrics such as the fluoride based 

multiferroics36. 
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An alternate route to achieving magnetoelectric materials despite the lack of single phase 

materials is to combine multiple layers into magnetoelectric heterostructures32.  For 

example a magnetoelectric bilayer can be created from a piezoelectric layer (changes 

strain with applied field) coupled to a magnetostrictive layer (changes magnetic order 

with applied strain) 33,42.  More commonly of late is the coupling of a multiferroic 

(ferroelectric/antiferromagnetic) to a ferromagnetic layer through the electron exchange 

interaction of the antiferromagnetic and ferromagnetic orders28,30,31.  This latter type of 

magnetoelectric heterostructure, specifically multiferroic BiFeO3 on ferromagnetic 

La0.7Sr0.3MnO3, will be the focus of section 5.3. 

Unless the polarization degeneracy is lifted by a significant external field or other defect, 

a bulk ferroelectric sample or ferroelectric film will typically form a polydomain 

structure composed of multiple different polarizations.  Usually, such structures are 

energetically favorable as a means of reducing the electric field and strain energy.  The 

surface energy of the domain walls which separate disparate polarized regions are 

typically less than a few hundred mJ/m2 43,44. This is sufficiently small that ferroelectric 

films often adopt high densities of domain walls. However, this domain wall energy 

becomes prohibitive for sufficiently small domains since it scales with the surface area of 

the domain rather than its volume.  Ferroelectric domains below a critical size threshold 

are intrinsically unstable.  This imposes a significant barrier for ferroelectric switching 

which must form stable nuclei of new domains.   

Early theoretical calculations by Rolf Landauer of the energy and critical domain size 

required to initiate switching were impossibly large, on the order of the entire thickness 

of a several micron film45.  This was clearly at odds with observations of nucleation 

dominated switching behavior and the critical voltage required46 and became known as 

the “Landauer’s paradox”.  The solution to this discrepancy is the introduction of defects 

to the ferroelectric crystal which provide local regions with reduced nucleation barriers.  

The switching between ferroelectric orientations is entirely governed by such defects, 

most notably the interface (detailed in section 3.1).  For practical reasons, ferroelectric 

switching usually occurs in a planar capacitor type geometry with a uniform electric field.  

Switching in this geometry is illustrated schematically in Fig. 1.2 and begins with the 
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nucleation of domains at the interfaces when the field exceeds the critical field (EC).  

Switching then procedes by two stages of domain growth: fast growth parallel to the 

field, and slow lateral growth.  The disparity in velocity is due to the high energy of the 

forward edge of the domain which makes it unstable.  According to simulations it is a 

similar mechanism which drives the lateral growth whereby small kinks in the domain 

wall are rapidly pushed across to the interface47.  However, the total domain motion of 

this stage is much slower since it is limited by the nucleation rate of such kinks.  

 

Ferroelectric switching is classically understood to be kinetically limited either by the 

nucleation rate or growth rate of new domains.  The most popular model to fit this 

ferroelectric behavior is a domain wall limited Kolmogorov-Avrami-Ishibashi (KAI) 

model48-50  

where P(t) is the change in polarization with time, PS is the spontaneous polarization, t0 is 

the characteristic switching time which is inversely proportional to the domain wall 

velocity, and n is a constant ≥1 which depends on geometry and the assumptions of the 

nucleation rate: either constant rate or zero rate after t=0 (latent nuclei).  This model 

provides a good empirical fit to many experimental reaction rates47,51-53 but it should be 

( )( )ntt
S ePtP 012)( −−⋅⋅=

 

1-1 

 
Fig. 1.2 Model Ferroelectric Switching 
The chronological domain structure of a ferroelectric switching in a planar capacitor.  (a) initial single domain 
structure is unchanged while E<critical field.  (b) Nuclei form at the surfaces/interfaces and rapidly propagate 
parallel to the field as “needle domains”. (c) After reaching the opposite surface, domain walls expand slowly 
laterally.  (d) Fully switched film. 
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noted that it makes several inaccurate assumptions such as a constant domain wall 

velocity independent of the domain radius and that domain growth is unrestricted.  

Several studies have addressed regimes where the KAI model fails54 such as at low fields 

or polycrystalline samples55 or when considered over large timescales56 and proposed 

models which incorporate a distribution of nucleation and relaxation times.  However, all 

of these models are empirical fits aggregating the switching behavior over large volumes.  

These models are not well suited to describe the nanoscale where switching may be 

dominated by only a few nucleation sites and where the domain wall velocity is not a 

constant – which has been demonstrated by switching of a nanoscale capacitor57.  The 

authors of ref 57 were never-the-less able to fit their switching behavior to the known 

field dependence of the nucleation rate and domain wall velocity: 

where αN and αV are temperature dependent activation fields for nucleation and domain 

motion respectively. Despite a functional form similar to Arrhenious equations, the 

activations do not necessarily incorporate a kT-1 term.  Recent variable temperature 

surface probe switching experiments suggests that the nucleation may not be, or at least 

isn’t required to be, a thermally activated process58 as originally envisioned by Landauer.  

A common feature of all of these models is that the sample/field is homogeneous and 

switching is kinetically limited.  The nanoscale switching of real thin-film system shows 

that this assumption is inaccurate and results in some marked deviations from the model 

behavior (section 5.3).  

Unfortunately there are several common deleterious phenomena in real ferroelectric 

films.  Most notable is fatigue, whereby this switching process degrades after many 

cycles manifesting as a reduction in the polarization change.  Scott and Pouligny showed 

that only a very small fraction of total film actually changes phase59, indicating that the 

switching domain walls were being pinned by these relatively few altered regions.  Given 

the known influence of oxygen on ferroelectric fatigue54,60,61 one of the primary 
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contributions is almost certainly some form of oxygen vacancy gradient or complex with 

other point defects.  In addition, domain walls can become pinned by one another as 

reported in 180° switching of BiFeO3
62.  Defect pinning, oxygen vacancy pinning, and 

domain wall/domain wall pinning are all observed by nanoscale switching in section 

5.3.3 as is dislocation pinning in section 5.4.2.     

Ferroelectric films can also exhibit two opposing long-term tendencies: either failing to 

retain its stored polarization (retention failure)63-71 or, ironically, forming a significant 

barrier to switching away from the stored polarization (imprint/aging).  In both cases this 

process is tied to the thermodynamic stability of the domain state, specifically that the 

polar orientations are no longer degenerate as in the model case depicted in Fig. 1.1.  In 

the case of retention failure, the saved state is higher energy than another polarization 

leading to a gradual transition to the lower energy state.  This degeneracy can be the 

result of built-in electric fields72-78 or strain79,80, the latter sometimes produced by the 

switching itself.  Aging, on the other hand, results from charged defects slowly aligning 

and migrating according to the polarization direction and domain structure.  This creates 

a built-in field which makes the current polarization lowest in energy and has to be 

overcome in order to switch.  Imprint is the same as aging except it is in response to an 

external field which will similarly influence polar defect alignments and, if an electrode 

is in contact, can inject charge carriers. From the nanoscale switching experiments in this 

work, an additional contribution to the retention failure of small domains is added:  the 

domain wall itself can be metastable (section 5.4.3). 

1.2.2 PbZrxTi1-xO3 

Lead Zirconate Titanate (PbZrxTi1-xO3), also known as PZT, is either tetragonal or 

rhombohedral depending on the Ti4+/Zr4+ ratio. The commercial prominence of this 

material largely stems from an abnormally large piezoelectric and dielectric coefficient at 

the boundary between these two phases (called the morphotropic phase boundary) near 

x=0.52 at room temperature81.  Its prominent use as a ferroelectric stems from its large 

polarization vector (~70 µCm-2 at our composition)82,83.  In this work we use a x=.2 

composition, PbZr0.2Ti0.8O3, which is a tetragonal phase with a corresponding Curie 

temperature (Tc) for its transition to the high temperature paraelectric phase at ~450°C81.  
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There are six nominally degenerate <100> polarization directions in tetragonal PZT.  A 

transition between any two vectors requires a rotation of either 90° or 180° which 

therefore corresponds to the two types of domain walls and switching which can occur.  

The crystal structure of the [001] polarization is shown in Fig. 1.3. An electric dipole 

moment is created by relative displacements between cations (Pb,Zr/Ti) and anions (O) 

from their centrosymmetric positions.  Due to the lone electron pair on the Pb atoms, the 

largest displacement is of the Pb atoms relative to the oxygen octahedra, and is clearly 

visible in the crystal structure (oxygen octahedral is shifted downward from the cube 

center).  Due to the smaller a-lattice parameter orthogonal to the polarization, PZT films 

grown under compression will preferentially adopt a c-axis orientation as in this figure 

(i.e. the a-sides are in the film plane).  Thus, the six degenerate polarizations are reduced 

to just two: up 𝑃[001] or down  𝑃[001�] (Fig. 1.1). 

 

1.2.3 BiFeO3  

BiFeO3 is popular for a number of reasons, most importantly because it is an extremely 

rare case of a single phase room temperature multiferroic (TC = 1103°K & TN = 

643°K)84. It also has a very large spontaneous polarization (~100 µC/cm2)85 making it 

attractive for its ferroelectric properties alone.  Though it has a bulk rhombohedral R3c 

structure, the application of large compressive substrate strain creates a morphotropic 

phase boundary with a tetragonal phase making it a potential replacement for PbZrxTi1-

 

Fig. 1.3 PbZr0.2Ti0.8O3 Structure 
The perovskite unit cell of 𝑃[001] PbZr0.2Ti0.8O3 shows the downward displacement of the oxygen octahedral and to 
a lesser extent the central B-site Zr/Ti cation.  This results in an electric dipole moment upward. 
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xO3 even as a piezoelectric86. Although the unit cell is rhombohedral, cubic indices 

corresponding to the perovskite cell will be used throughout this work.  The structure of 

BiFeO3 can be envisioned by two pseudocubic perovskite unit cells connected along the 

body diagonal (Fig. 1.4).  The oxygen octahedra and the central Fe cation are displaced 

along one of the eight <111> directions ([111] in Fig. 1.4a) from their respective 

positions at the face and body centers giving it a dipole moment.  Rotations between 

polarizations can be 71°, 109°, or 180° yielding these three types of domain walls.  The 

oxygen octahedra are additionally counter rotated by ±13.8° around the <111> axes26, 

thus the necessity for two perovskite cells to illustrate the structure.  Like Pb in PZT, the 

lone pair on the A-site Bi is responsible for the large displacement and polarization.  The 

pseudocubic unit cell is slightly elongated along the polarization axis.  Therefore 

polarization rotations between the four different axes of polarization are accompanied by 

strain as the direction of the rhombohedral distortion changes, known as ferroelastic 

switching.  Hereafter, I shall use the Streiffer shorthand notation to distinguish the four 

ferroelastic variants r1-r4, where [001] is the film normal and r1 corresponds to ±𝑃[111], r2 

to ±𝑃[1�11], r3 to ±𝑃[1�1�1] and r4 to ±𝑃[11�1]. 

The magnetic moment of the Fe cation is normal to the polarization and alternates 

between the corner adjacent perovskite cells (Fig. 1.4b).  In bulk BiFeO3 this moment can 

occur along any of six degenerate easy directions on the perpendicular easy plane 

(corners of the yellow polygon).  However, substrate induced strains can break this 

degeneracy and create a single preferred axis87.  Regardless, a change of the 

antiferromagnetic ordering requires a change of the polarization axis which only occurs 

for 71° and 109° switching.  As mentioned previously, the change of polarization axis 

also changes the rhombohedral distortion of the perovskite cell, thus it is also a 

ferroelastic transition and accompanied by strain.    
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Fig. 1.4 BiFeO3 Stucture 
(a) Structure of BiFeO3 shown by two corner adjacent perovskite cells.  The oxygen octahedral and central Fe 
cation are displaced along the [111] axis, and the two octahedral are oppositely rotated by ±13.8°.  (b) The 
magnetic moment of the Fe cation alternates between adjacent unit cells along the polarization axis.  In bulk 
BiFeO3 is can adopt one 6 easy axis on the magnetic easy plane show by the yellow polygon. 
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Chapter 2 

2 Experimental Techniques 

2.1 Transmission Electron Microscopy 

In order to view ferroelectric switching in low dimensional systems such as the normal 

axis of a thin film, very high spatial and temporal resolution characterization is required.  

This is possible using transmission electron microscopy (TEM) whereby the domain 

structure is imaged by a high energy electron beam which passes through the sample.  

Generally spatial resolution is limited by the wavelength of the probe being used, and for 

electrons this wavelength is extremely small (0.00197 nm at 300kV). Very recently the 

resolution limit of TEMs have been pushed into the sub-Angstrom regime due to the 

development of correctors for spherical aberrations (Cs) in the electron optics88.  At this 

measurement scale, TEM provides not only a means to characterize ferroelectric 

switching but can view the full ionic structure of perovskite materials and ultimately 

determine polarization distributions at the unit cell level (section 3.3).  

This chapter will provide the experimental background for the data and analysis 

presented in this work.  It will primarily consist of TEM operating principles and 

analysis, a very extensive topic and the interested reader is pointed to the texts of 

Williams & Carter89 and Fultz & Howe90 for a more thorough introduction.  This chapter 

will also provide an experimental description of the film growth and TEM sample 

preparation methods and detail the phase-field simulation method used to model and 

analyze domain structures. 

There are two main operating modes for TEM imaging distinguished by either 

illuminating the sample by a convergent electron beam (Fig. 2.1a) or a parallel electron 

beam (Fig. 2.1b) using the system of condenser electron lenses (CL1 and CL2 in the 

figure).  In parallel beam illumination, the sample is magnified by the lens system as 

shown by the color coded beams which reproduce the specimen shape at the viewing 
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plane.  This mode transfers a great deal of information about the crystal through its 

interaction with the planar electron wave.  For example, small angle diffraction from the 

crystal planes near the Bragg condition, as illustrated in red and blue ray traces emitted 

from the sample in Fig. 2.1c, create a diffraction pattern at the back focal plane which can 

give detailed information about the crystal structure especially when the sample is 

aligned along a crystallographic zone axis. In contrast the convergent beam mode is 

rastered across the sample surface, termed scanning transmission electron microscopy 

(STEM), and relies little on wave-nature interactions with the sample since the scattering 

is incoherent.  Instead, a variety of signals generated from the local scattering of electrons 

is gathered from specialized detectors and provides information about the local chemical 

structure.   

The variety of signals produced by the incident electrons are due to the different types of 

scattering which occur in the sample.  Electrons which pass near the nucleus or electron 

cloud can be elastically (i.e. without loss of energy) deflected by coulombic interactions.  

Scattering from the nucleus can result in very high angle deflections which includes 

backscattered electrons.  Alternatively an electron can lose energy to the sample, known 

as inelastic scattering.  When the energy is transferred to an atom it generally leads to the 

expulsion of an electron, known as a secondary electron.  If the missing electron came 

from a tightly bound inner shell of the atom, a significant and characteristic amount of 

energy is released when another electron takes its place.  This energy can be released as 

an X-ray, or by ejecting another outer shell electron (Auger electron).   
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2.1.1 Diffraction Contrast TEM 

The diffraction of the incident planar electron wavefront provides a great deal of 

information about the crystal orientation and symmetry.  In normal TEM operation, 

signals from the diffracted and transmitted beams both contribute to the image (Fig. 

2.1c).  However, in dark field imaging an objective aperture is inserted into the back focal 

plane so the information is restricted to specific diffracted beams (Fig. 2.2).  Wherever 

atomic planes in the sample are oriented to satisfy Bragg diffraction and this beam passes 

through the objective aperture in the back focal plane it will appear bright in the dark-

field image.  Alternatively, in bright field imaging the objective aperture selects only the 

transmitted beam and all strongly diffracted regions will appear relatively dark.  In 

practice dark field imaging is not done as illustrated in the ray diagrams in Fig. 2.2.  

 

Fig. 2.1 TEM Optics 
(a)  Ray diagram of the electron path for convergent beam scanning techniques.  The condenser lens system, here 
shown by CL1 and CL2, focuses the beam on the sample surface.  This technique generally does not use post-
sample electron lenses and incorporates various detectors specialized to measure specific electron interaction 
signals, here a high angle annular dark field (HAADF) and bright field detector. (b,c) Ray diagram of parallel 
illumination TEM which incorporates post sample objective (OL) and intermediate (IL) lenses to image the 
sample.  In (b) colored ray traces follow the beam generated by different regions of the sample which reproduce 
the original structure at the view screen plane.  In (c) colored ray traces follow specific diffraction angle from each 
region.  This highlights the diffraction pattern formed on the back focal plane. 
 

 



 

15 

 

Instead the incident beam is tilted when it enters the sample so that the selected diffracted 

beam travels along the optical axis of the TEM.  This helps to avoid lens aberrations 

(which are less of a consequence with new Cs correcting optics). 

Diffraction contrast imaging is very useful for imaging ferroelectric materials.  

Ferroelastic switching changes the crystal orientation and thus the diffraction pattern 

which results in sharp image contrast.  More importantly, dynamic scattering effects lead 

to the breaking of Friedel’s law89,91 which states that diffraction from any plane (ℎ𝑘𝑙) 

must equal its opposite (ℎ𝑘𝑙����).  Normally Friedel’s law precludes the detection of 

noncentrosymmetric crystals, as is the case in x-ray diffraction.  However, 

noncentrosymmetry manifests in electron diffraction and allows the detection of 180° 

switching.  Thus, this method allows for all polarization changes to be directly imaged.  

A second benefit of this method compared to STEM is that the image is formed in 

parallel so the acquisition speed is limited only by the detector. 

Diffraction contrast images in this work were aligned close to the zone axis but tilted 

away by ~1° so that only a single set of planes was close to the Bragg condition.  In 

practice this is done by tilting along Kikuchi lines while operating in diffraction mode 

(the back focal plane is projected on the viewing screen).  In this case a single line of 

diffraction spots normal to the plane are present and these can be selected by the 

objective aperture.  Normally I have selected the 2nd diffraction spot away from the center 

transmitted spot to avoid the latter’s accidental inclusion at the edge of the aperture.  A 

selected area aperture (an aperture in the image plane restricting the sample area being 

imaged) is used during the alignment but removed during imaging. 
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2.1.2 Phase Contrast High Resolution TEM (HRTEM) 

By restricting the image-forming region at the back focal plane, diffraction contrast 

imaging limits the transmitted information thereby sacrificing resolution. High resolution 

information can instead be attained by cumulative effect of the periodic atomic potentials 

on the propagating planar electron wave – termed phase contrast imaging.  The electron 

wave is diffracted at the atomic potentials forming an interference pattern with the 

undiffracted wave.  This is manifest as spatial variation in the amplitude and phase of the 

propagating electron wave (see Fig. 2.3).  The resultant wave pattern is further altered as 

it passes through several post-sample lenses prior to the image plane.  Although this 

method provides optimal information transfer, the image is an interference pattern and 

not directly interpretable.  In general the image will reproduce the periodicity of the 

structure but the atom positions do not necessarily correlate with regions of high or low 

intensity.  Furthermore, aberrations in the objective and intermediate lenses will alter the 

 

Fig. 2.2 Diffraction Contrast Imaging 
Ray diagram of diffraction contrast TEM whereby an aperture is inserted into the back focal plane (magnified in 
inset images).  Traces are colored based on diffraction angle, the aperture in this case selects only the red trace 
corresponding the diffraction angle to the right of the transmitted beam. 
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image and limit the resolution.  This mode is also very sensitive to changes in sample 

thickness, high-order aberrations in any of the lenses, and sample orientation.  For a 

combination of these reasons, no phase contrast images are used directly in this work.  

However, a derivative of this method, exit wave reconstructions (section 2.2.4), which 

mitigates many of these problems are used instead. 

 

2.1.3 Scanning Transmission Electron Microscopy (STEM) 

STEM imaging uses a rastered convergent beam and forms images based on deviations in 

electron scattering.  In the two primary STEM modes these are elastic scattering events 

which are either detected directly (dark field) or by a change in the transmitted beam 

intensity (bright field).  Alternately, images based on deviations in inelastic scattering 

provide details of the band structure of the sample under the probe, and these modes are 

generally referred to as analytical TEM and discussed in the next section.  Analytical 

TEM can also be used for imaging but the lower frequency of these inelastic scattering 

events leads to very long acquisition times during which the sample may drift or become 

damaged by the beam.  STEM has several advantages compared to HRTEM, most 

importantly the images are not interference patterns and therefore they can generally be 

interpreted directly.  This is not strictly true for STEM imaging of low angle scattering 

which is partially coherent but even in this case the atomic positions are still usually 

 

Fig. 2.3 Phase Contrast Imaging 
Propagation of the amplitude of a planar electron wave through a periodic atomic potential represented by the three 
green atoms.  The final wave at the bottom, barring distortion by post-sample lenses, would appear in the final 
image. 
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directly interpretable from the resultant image. An additional advantage is that the 

detected electrons do not pass through any post-sample optics which are a source of 

aberration.  STEM is also more robust to variations in sample thickness than HRTEM 

which has a strong thickness dependence of the interference pattern and will undergo 

contrast reversal.  STEM is also robust to small deviations in the alignment of the beam 

to the sample zone axis.  Columns of atomic potentials act as waveguides to steer the 

beam to follow the sample zone axis. 

The primary STEM imaging modes are differentiated based on the angle of the scattered 

electrons used to form the image. The most common mode uses an annular detector with 

an inner diameter set to collect electrons which have scattered more than ~75 

milliradians90 known as a high-angle annular dark field (HAADF) imaging.  Scattering 

through such high angles is the result of Rutherford scattering from coulombic 

interactions between the incident electrons and the atomic nuclei in the sample.  This 

scattering is strongly dependent on the nuclear charge (Z) of the atoms, so the resulting 

HAADF images are often referred to as Z-contrast images.  The Z-dependence of 

Rutherford scattering is ∝Z2 as given by the Rutherford differential cross section: 

where E is the energy, e is the elementary charge, and θ is half the scattering angle.  In 

practice the actual exponent of the power-law Z-dependence of HAADF images is 

slightly lower.  These images are easily interpreted since the atomic nuclei are mapped 

directly with an intensity which corresponds to their atomic number.  

Alternately, a “bright field” detector is designed to capture only the small angle scattered 

electrons, including those that are directly transmitted through the sample.  Given the 

very strong angular dependence of equation 2-1, the magnitude of low angle scattering is 

much larger than at high angles.  However, unlike HAADF the scattering is not restricted 

to Rutherford scattering nor is it completely incoherent and the image will include effects 

such as Bragg diffraction.  It is this property which also make is useful for detecting low 

Z elements whose contribution to HAADF images can be negligible, the topic of section 
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2.2.4.  Both HAADF and bright field imaging are used in this work.  These two detectors 

are depicted schematically within the TEM optics system in Fig. 2.1a. 

2.1.4 Analytical TEM 

Detection of the inelastically scattered electrons and quantification of the energy 

transferred is used to provide information of the chemical structure of the region under 

the probe.  This is primarily done either by measuring the energy loss of the transmitted 

electrons known as Electron Energy Loss Spectroscopy (EELS) or by detection of the x-

rays generated from an electron falling into a vacancy in the inner shell known as Energy 

Dispersive X-ray Spectroscopy (EDX or EDS).   In this work, a variation of the former 

approach is used for determining sample thickness (section 5.2.2) and the latter approach 

is used to characterize the composition across the BiFeO3 interface (section 3.5). 

EELS is an extremely powerful technique because it detects any loss of energy by the 

incident electrons, not just those due to ionization of an inner electron as in EDS.  In 

practice, though, this is not as large of an advantage as it may sound because the 

scattering cross section for plasmons is very large.  Thus a broad low energy Plasmon 

peak will dominate the low energy EELS structure and mask other low-energy signals 

such as from ionizing outer shell electrons.  Additionally, tightly bound deep inner shell 

electrons have very small scattering cross sections so their signal is very weak.  The 

practical result is that the useful orbital ionizations tend to overlap between EELS and 

EDS since the ionization events with the largest cross sections will yield the strongest 

signals.  However, the additional information provided by EELS does have significant 

implications, including the plasmon scattering at low energies which increases with 

sample thickness and even the (potential) detection of band gaps92,93, though this is 

controversial in practice due to uncertainty in deconvoluting the energy distribution of the 

electron source and accounting for Cherenkov radiation.  EELS is also more sensitive to 

low Z elements making it preferential for analyzing elements such as oxygen which was 

previously mentioned for its major role in ferroelectric fatigue.  Most importantly, the 

shape of an element’s EELS structure at the edge of a core loss peak (the near-edge 

structure) provides information about its density of states and bonding environment, 
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including its valence, and can provide atomic level characterization of the electronic 

structure12,94,95. 

EELS data is collected by adding a spectrometer to the end of the STEM (or TEM) beam 

line.  The electrons are separated by energy based on their radius of curvature in a 

magnetic field and imaged by a CCD.  Thus the data is presented as a large bright peak 

corresponding to the non-scattered and elastically forward scattered electrons known as 

the zero loss peak (ZLP), and each elemental peak corresponding to higher energy loss as 

a small satellite peak at increasing distance from the ZLP.  Alternatively, an aperture can 

be inserted into this spectrometer to filter a TEM image for a specified range of energy; a 

technique called energy filtered TEM (EFTEM).  EFTEM imaging was used in this work 

to isolate the elastic and inelastic scattering of the sample to determine the sample 

thickness.  The inelastic component is determined by subtracting the elastic scattering 

from an unfiltered image.  The elastic component was determined by selectively filtering 

for only the ZLP energy range.   The inelastic scattering is dominated by plasmon 

scattering which scales with the thickness of the film, thus the inelastic scattering is 

representative of specimen thickness.  The EFTEM generated thickness map is discussed 

in section 5.2.2. 

EDS is a very useful technique for measuring chemical composition of a sample.  It is 

generally less efficient than EELS because it measures only a fraction of the inelastic 

scattering.  Specifically it requires that a core electron be ejected, that the energy released 

in replacing it is in the form of an x-ray, and that the x-ray is emitted within the collection 

angle of the detector.  The energy released by filling the electron hole can instead be 

emitted as an Auger electron, a process which is dependent on atomic number.  For light 

elements, the x-ray yield is essentially zero while the Auger yield is 100%.  The two 

don’t reach parity until ~Z=33 for Arsenic after which X-ray emission is the dominant 

mechanism.  The upshot is that EDS is most efficient for heavy elements, and completely 

ineffectual for very light ones.  However, aside from the low Z elements EDS is very 

broadly reliable across a range of elements.  This is not necessarily true for EELS since 

elemental core loss tends to have very large tails and the peak appearance will vary with 
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the near edge structure which for many elements may appear so broad as to be difficult to 

get a baseline. 

2.2 Microscopy of Ferroelectric Films 

This section will specifically focus on the microscopy of ferroelectric oxides.  It is 

designed so that the reader should be able to reproduce the experiments and techniques 

employed in this work. 

2.2.1 Sample Preparation 

TEM requires an electron-transparent specimen, ideally thin enough that an incident 

electron will only scatter once.  Multiple scattering events can lead to artifacts in the 

diffraction and inelastic scattering information.  Generally this means reducing a 

specimen dimension to less than half of the mean free path between plasmon scattering 

events ( λ) where λ is dependent on the electron energy and is ~100 nm for metals and 

semiconductors at 100 keV90.  From our experiments of BiFeO3 at 200 keV λ=70 nm (see 

section 5.2.2), which means the specimen should ideally be less than 35 nm thick along 

the electron beam direction.  This is accomplished by mechanical polishing from a larger 

single-crystal specimen.  This procedure is depicted for a cross sectional TEM sample of 

an epitaxial film in Fig. 2.4.  A sacrificial silicon layer is glued to the surface of the film 

using MBond 610 and placed on a hot plate at 130°C for at least 4 hours (typically 12-

24).  The sandwich is then sectioned into ~ 1.5mm slices by a lubricated diamond cutting 

saw.  The cross section surface is then mounted with crystal wax to a tripod polisher and 

polished using a series of progressively finer grit diamond polishing paper under water 

flow, usually ending with either 0.5 or 3 µm.  For in-situ experiments a small ~10° angle 

is sometimes applied so that the film can be viewed on the zone axis when the specimen 

surface is tilted (by ~10°).  The sample is then flipped, remounted, and polished until the 

sacrificial silicon layer is thin enough to appear bright red to orange under transmitted 

light.  Often a small thickness gradient is deliberately applied so that the specimen is 

thinnest on the silicon side and thickest at the substrate in order to avoid substrate 

cracking.  A molybdenum ring is then glued to the 2nd polished surface and allowed to 

dry for 24 hours at ambient temperature.  The specimen is then soaked in acetone until 

the sample falls free.  The mounted specimen is Argon ion milled in a Gatan precision 
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ion polishing system (PIPS) with a low energy gun attachment.  The sample is ion milled 

from both the top and bottom surfaces with the ion beam oriented normal to the interface.  

The angle and energy of the ion guns is progressively reduced from an initial setting of 

±4° and 4 keV ultimately to a ±3° and 200 eV surface cleaning step.  The silicon is milled 

preferentially and the process is stopped when the silicon just barely covers the film.  The 

finished sample usually appears as in Fig. 2.4g. 

 

This specimen preparation procedure is modified slightly for planar view samples.  In 

such cases no sacrificial Si layer is glued to the film.  However, the sample is polished 

next to silicon to provide a thickness indicator.  Both mechanical polishing and ion 

milling are only done from the substrate side.  During the ion milling step the film is 

mounted film-side down with wax on a post to avoid sputter deposition. 

In-situ switching experiments require that the ferroelectric film surface is accessible to a 

side-access movable conducting needle.  This is achieved by tilting the sample to provide 

clearance for the probe as shown in Fig. 2.5a.  The angled polishing described and 

illustrated previously allows for zone axis imaging in this case.  The silicon layer is 

mechanically broken free to provide access to the film.  The buffer electrode is grounded 

 

Fig. 2.4 TEM Sample Preparation 
(a) Sacrificial Si is glued to the film.  (b) Film is sectioned.  (c) First side is mechanically polished, sometimes at 
an angle for in-situ experiments.  (d) The second side is polished and (e) glued to a Mo ring.  (f) The specimen is 
detached and ion milled.  (g) The final specimen 
 

 



 

23 

 

to the ring on both sides of the sample as shown in Fig. 2.5b.  The contacts are made by 

silver paste or carbon paint. 

 

The tungsten probes used for the in-situ measurements were formed by electrochemical 

etching in a NaOH solution similar to ref 96.  A short length of tungsten wire was dipped 

approximately 2 mm into the NaOH solution.  A current was passed through the tip, 

electrolyte, and a small wire ring serving as a counter electrode.  At the point when the 

necking tungsten wire suddenly breaks and drops into the beaker there is a sudden drop in 

current.  An automatic cutoff circuit immediately stops the flow of electricity to avoid 

blunting of the tip. 

2.2.2 Structural Characterization 

As previously discussed, diffraction contrast imaging is a convenient way to image the 

real-time domain structure.  It can also be used analytically through careful selection of 

the Bragg diffraction planes to determine the orientation relationships and planar 

distortions.  For example, pure misfit dislocations with an in-plane burgess vector 

a<100> are invisible if the image is formed by diffraction of the normal (001) planes.  

This is important for imaging domains and domain walls since, in general, they will show 

very little contrast if the domain wall planes are the Bragg planes forming the diffracted 

image.  As reported in detail by Streiffer et. al. the domain walls in BiFeO3 (i.e. the 

boundaries between regions with different polarizations) have preferred minimum energy 

 

Fig. 2.5 TEM In-situ SPM for Ferroelectric Switching 
(a) Side-view of in-situ switching experimental geometry.  The sample is tilted to provide clearance for the probe.  
(b) Top view shows the silver paint contacts used to ground the buffer electrode. 
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planes, and the two domains will typically orient so that this plane is coherent97.  Thus, 

diffraction of this plane will not yield any distinction between the two neighbor domains.  

If the domain wall is ferroelastic it will be also be a twinning plane and all the orthogonal 

planes are canted providing a very strong diffraction contrast.  This is demonstrated in 

Fig. 2.6 by a 109° domain wall twinning structure of a 100 nm BiFeO3 film on bare 

(110)O TbScO3.  Here, the coherent plane between the BiFeO3 twins is the (001)O (using 

the orthorhombic indices of the substrate) as highlighted in the planar view (Fig. 2.6a) 

and cross sectional (Fig. 2.6b) images.  Electron diffraction patterns of both orientations 

(Fig. 2.6c,d) show a clear split in the planes orthogonal to the coherent planes as shown 

in the magnified inset regions.  A measure of the angle between these spots corresponds 

to a projected 0.5° distortion from cubic, in good agreement with the bulk BiFeO3 

structure.  This means that the BiFeO3 is essentially relaxed to its bulk structure, 

including canting of the (110)O planes despite being epitaxially constrained to the 

substrate.  The respective TEM images were formed using diffraction of these canted 

planes, (11�0)O in planar view (Fig. 2.6a) and (110)O in cross section (Fig. 2.6b), 

providing the strong bright/dark contrast.  The exaggerated rhombohedral structure of the 

ferroelastic r1 and r4 twins and their twinning orientation is illustrated by the white 

rhombuses in the TEM images. 
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2.2.3 Piezoresponse Force Microscopy (PFM) 

Piezoresponse force microscopy (PFM) is a surface probe measurement technique which 

is the predominant contemporary method of characterizing the long range domain 

structure of ferroelectric films.  PFM is non-destructive, unlike the involved sample 

preparation procedure for TEM, but can provide high lateral spatial resolution of the 

domain structure.  It is also capable of very high (equivalent) time resolution of cyclic 

ferroelectric switching behavior using stroboscopic imaging98.  Since PFM is a surface 

probe measurement it is not a stand-alone technique; there are a host of other 

measurements such as conductivity mapping and atomic force microscopy which can be 

done in concert with PFM.  Thus, it has been the source of most of the recent 

experimental advances in the theory and characterization of ferroelectric switching.  

 

Fig. 2.6 Diffraction Contrast Imaging of BiFeO3 Ferroelastic Twins 
Dark field diffraction contrast images of a 100 nm BiFeO3 film 109° twin structure shown in (a) planar view and 
(b) cross section.  The corresponding electron diffraction patterns in (c) and (d) respectively show a canting of the 
planes orthogonal to the coherent (001)O twin boundary plane.  Diffraction from these canted planes was used to 
form (a) and (b) and is responsible for the high contrast. 
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PFM works by measuring the (converse) piezoelectric response of the film to an applied 

bias via the deflection of a conductive tip in contact with the film surface.  

Piezoelectricity is defined as the buildup of charge in response to mechanical stress.  The 

converse is also true, an applied field produces a mechanical response.  Under constant 

stress the three principle deformations (strain S) for a tetragonally symmetric material are 

given by: 

where E is the applied field and dxx are the piezoelectric coefficients (the shear strains 

were ignored but their contribution is small).  For a field applied normal to the film (E3), 

the dominant deflection measured by PFM is the normal strain S33 which raises or lowers 

the tip.  This also corresponds to the largest response of the ferroelectric piezoelectric, 

d33, which will cause the film to contract when the field is opposed to its polarization or 

expand if it is parallel.  The driving voltage and corresponding strain are oscillated and 

connected to lock in amplifiers to provide high sensitivity.  The phase offset between the 

driving voltage and the tip deflection is used to indicate if the polarization is parallel or 

antiparallel to the applied field.      

 If the polarization of the film does not lie purely along the film normal, such as in-plane 

polarizations of PbZr0.2Ti0.8O3 or all the polarizations of BiFeO3, then the out of plane S33 

deflection will not fully characterize the polarization under the tip.  In this case, the two 

cross terms, d31 and d32, are necessary and correspond to the lateral expansion/contraction 

in response to the normal field E3.  It is helpful here to rotate the sample with respect to 

the tip so that one of these terms will cause the cantilever to twist about its length.  This 

lateral signal can be measured separately from but simultaneously with the out-of-plane 

deflection.  A measurement of the orthogonal in-plane term then requires the tip to be 

rotated 90°. 

Normally the driving voltages are kept small to avoid altering the ferroelectric structure 

during measurement.  However, one of the powerful features of PFM is its ability to 
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characterize ferroelectric switching under a large applied voltage by detecting the 

crossover between the in-phase and out-of-phase oscillations of the sample.  These 

“butterfly loops” of the piezoresponse vs. voltage provide local information on the 

switching characteristics including the threshold biases for switching in each direction.  

This data can be compiled to form maps of the switching characteristics of a film, a 

technique called switching-spectroscopy PFM (SS-PFM)99.  Alternatively, high-speed 

switching imaging can be done by strobing the measurements with a delay behind the 

switching pulse to form a fixed delay image.  Although this does not measure a single 

switching event, switching behavior is usually very repetitive due to the dominance of 

stationary defects and the technique has been effective in imaging capacitor switching98. 

While PFM is extremely useful for characterizing the ferroelectric behavior of a film it 

has several major shortcomings.  Foremost, it is an aggregate measurement of the surface 

deflection which must take into account several piezoelectric terms and tip/surface 

interactions.  Achieving very high resolution requires extrapolating these contributions 

and additionally deconvoluting by the shape of the tip, and even still the achievable 

resolution falls short of the nanoscale dimension of the defects which control the 

switching process.  Secondly, surface probe measurements do not have depth imaging 

into the nanoscale dimension of the material, i.e. the film normal axis.  This is an 

important blind spot as it is the behavior along these confined dimensions which define 

the properties of low-dimension ferroelectric systems.  Lastly, PFM has no direct means 

of characterizing any of the non-surface defects which influence the SS-PFM images. 

These require ex-situ analysis of the film structure such as by TEM.  PFM and TEM are 

complimentary techniques.  The former is large area with a high statistical sampling 

while the latter is high resolution with good structural characterization.  Correlation 

between the two can bridge our understanding of ferroelectric behavior from the nano to 

the microscale. 

2.2.4 Light element imaging 

Detailed atomic-level characterization of the ABO3 perovskite structure is a prerequisite 

for the polarization analysis later in this work (see section 3.3).   Unfortunately, the 

position of oxygen is very difficult to determine using the two standard high resolution 
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techniques: HRTEM and HAADF STEM.  The small scattering potential of the oxygen 

ions renders them invisible in HAADF images and their positions in HRTEM cannot be 

interpreted directly from the image.  With the recent advances in aberration correcting 

optics and resolution no longer a bottleneck, several techniques have been developed to 

image the low Z elements, including a report this year of imaging columns of 

hydrogen100.  These techniques are all types of phase contrast imaging.  For very thin 

samples, the effect of an atomic potential on the propagating wave is a change in phase, 

known as the weak-phase object (WPO) approximation.  Thus, techniques designed to 

measure the phase of the electron wave provide a clear image of the atom potentials, 

including low Z elements.  

The first report of successfully imaging oxygen in perovskites was by Jia et. al. in 2003 

utilizing the then new Cs-correcting optics to apply a phase shift to the electron wave101.  

The addition of the WPO phase shift (π/2) and the induced phase shift (π/2) resulted in 

the WPO phase appearing as the amplitude on the detector, and showing the atomic 

potentials as dark spots on a bright background. 

A more complete version of this type of phase imaging, exit wave reconstruction, 

involves reconstructing the entire electron wave at the exit plane of the sample102.  The 

amplitude is recorded at a series of different focus depths and numerical calculations are 

used to determine the phase information prior to objective lens.  In our work, the 

commercial program MacTempas is used for exit wave reconstruction.  A series of 41 

TEM images taken at 2nm defocus steps centered around the Scherzer focus was used 

and the microscope aberrations measured from the self-reported values of the Cs image 

corrector (CEOS).  MacTempas determined the true defocus depth from the thon rings 

and the spatial drift by cross correlation.  The corrected values are then input into a 

Gerchberg-Saxton algorithm to recover the phase of the exit wave.  Due to the sensitivity 

to the lens aberration values, a final tuning of the exit wave is necessary and done 

manually through iterative adjustment of the simulated lower order lens aberrations and 

focus.  These parameters were adjusted until the atomic columns, primarily of the Bi and 

Sc sites, appeared round and symmetrically changed contrast with a change in focus. 
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Bright-field STEM has already been mentioned briefly for being able to image low-Z 

elements and operates on the same principle of phase interference from the atomic 

potentials.  For thin areas where the WPO approximation holds, bright field STEM 

images of perovskites appear dark at the atomic potentials, as has been specifically shown 

in both BiFeO3
103 and PbZrxTi1-xO3

104.  As demonstrated by the imaging of hydrogen, 

BF-STEM can be further improved by removing the axial component of the beam and 

instead using an annular bright-field detector (ABF-STEM)100.  The authors report that 

such an approach reduces chromatic aberrations (variations in the incident beam energy) 

– the most significant contribution to resolution limits after the Cs-aberration is 

compensated. 

A final light-element imaging method which is not based on phase-contrast is STEM 

mapping of inelastic scattering as from EELS or EDS.  However, this approach suffers 

from serious drawbacks due to very long acquisition times which require significant drift 

stability and/or correction.  There is also a significant delocalization of the probe for 

inelastic scattering whereby an incident electron can ionize an atom at a (relatively) large 

distance.  Therefore the resolution of inelastic scatter mapping is much worse than the 

phase-contrast techniques. 

2.3 Thin Film Growth 

BiFeO3 and PbZr0.2Ti0.8O3 thin films were provided by collaborations with Dr. Darrell 

Schlom of Cornell University and Dr. Chang-Beom Eom of the University of Wisconsin.  

BiFeO3 films in this work were grown by both groups using two different growth 

methods: molecular beam epitaxy (MBE)* and 90° off-axis radio-frequency magnetron 

sputtering (rf sputtering)†.  The former employs a neutrally charged molecular flux while 

the latter uses an ionized flux.  A comparison of ~100 nm BiFeO3 films on the same 

(110)O TbScO3 surface is shown in Fig. 2.7.  Both form the same 109° twin pattern which 

is indicative of similar electrostatic boundary conditions and an absence of appreciable 

free charge (see section 3.6).  In general, the MBE films had the more regular domain 

structure and domain wall orientations which adhered more closely to the equilibrium 
                                                 
* Provided by collaboration with Dr. Darrell Schlom – Cornell University 
† Provided by collaboration with Dr. Chang-Beom Eom – University of Wisconsin - Madison 
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planes so these films were used preferentially.  The sputtered films had better electrical 

characteristics, a topic discussed in greater detail in section 5.2.4. 

 

MBE grown BiFeO3 films of two different thicknesses were used in this work: 100 nm 

and 20 nm*.  The BiFeO3 films were grown on bare single crystal (110)O TbScO3 

surfaces and with 20 nm La0.7Sr0.3MnO3 buffer electrodes in an EPI 930 MBE chamber 

equipped with reflection high-energy electron diffraction (RHEED).  The 20 nm thick 

conducting La0.7Sr0.3MnO3 buffer layer was deposited using a codeposition procedure 

utilizing effusion cells containing La, Mn, and Sr elements.  The fluxes of the individual 

molecular beams were set to 3×1013 Mn atoms/(cm2⋅s), 2.1×1013 La atoms/(cm2⋅s) and 

0.9×1013 Sr atoms/(cm2⋅s).  With the substrate at 700 °C these molecular beams together 

with an oxidant of O2+10% O3 (at a background partial pressure of 5×10–7 Torr) were 

simultaneously supplied to the substrate to form the La0.7Sr0.3MnO3 film.  Following 

growth, the sample was cooled in the same oxidant (O2+10% O3) background partial 

                                                 
* Provided by collaboration with Dr. Darrell Schlom – Cornell University 

 

Fig. 2.7 Domain Structure vs. Growth Method 
Dark field images of 109° twin structures of BiFeO3 films grown by (a) rf-sputtering and (b) molecular beam 
epitaxy 
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pressure in which it was grown until the temperature of the substrate dropped below 

200 °C.  

The BiFeO3 films were grown in the same MBE utilizing an adsorption-controlled 

codeposition procedure as described in ref 105.  The Fe flux was about 2.0×1013 

atoms/(cm2⋅s) and the Bi flux was 1.1×1014 atoms/(cm2⋅s).  During the deposition, 

distilled ozone (~80% ozone) was used to create a background oxidant pressure of 1×10–6 

Torr.  The substrate was maintained at a constant temperature of 610 °C for growth 

directly on the (110)O TbScO3 substrate and 625 °C for growth on the La0.7Sr0.3MnO3 

prelayer. 

A thickness series of BiFeO3 films† on bare (110)O TbScO3 was grown by off-axis radio-

frequency magnetron sputtering according to ref 106.  Four films were grown 

sequentially with thicknesses ranging from 45 nm to 385 nm.  All deposition parameters 

were kept constant and the samples were grown in immediate succession to avoid 

deviations in processing conditions.  The growth temperature was 690°C, still below the 

Curie temperature.   

The PbZr0.2Ti0.8O3 film used in this work† was grown by rf-sputtering and consist of a 

100 nm PZT film on a 50 nm epitaxial SrRuO3 (SRO) layer deposited as a bottom 

electrode on a single crystal (110)o DyScO3 (DSO) substrate at 630 oC107,108.  200 mTorr 

was maintained during deposition with a 3:2 ratio of Ar and O2 gas. Epitaxial 100nm 

PbZr0.2Ti0.8O3 films were grown on top of the SrRuO3 bottom electrode by 90o off-axis 

sputtering at 530 oC.  A mixture of Ar and O2 gas with a 1:1 ratio was used with a total 

pressure of 200 mTorr109.   

2.4 Phase-Field Modeling of Ferroelectric Materials 

In this work it is necessary quantify the energy contributions which determine the 

equilibrium domain structures in BiFeO3 films.  This was done by modeling and 

simulations using the Phase-Field approach provided by collaboration with Dr Long-Qing 

Chen of Pennsylvania State University.  Phase-Field simulations have emerged as a very 

                                                 
† Provided by collaboration with Dr. Chang-Beom Eom – University of Wisconsin - Madison 
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successful approach for determining mesoscale domain structures in ferroelectric films110. 

In this method, the energetic contributions are defined according to a single variable, here 

the polarization.  The domain structure is described by the spatial polarization 

distribution P=(P1(x), P2(x), P3(x)), where x is the position vector, and its stability is 

determined by the total free energy which includes all the important energetic 

contributions, 

With each of the individual energy contributions expressed in terms of the spatially 

inhomogeneous polarization distribution, the evolution of a less stable domain structure 

to a more stable one is described by the time-dependent Ginzburg-Landau (TDGL) 

equation, 

where L is a kinetic relaxation coefficient related to the domain wall mobility.  The 

energy contribution to equation (2-3) of primary interest in this work is the felec term, the 

electrostatic energy density of an inhomogeneous polarization distribution given by, 

or 

where the first expression 2-5 is valid without an external field, and the second 

expression 2-6 is applicable under an applied electric field with the total electric field 

given by the sum of depolarization and applied electric fields, bε is the background 

dielectric constant111,112, oε is the vacuum permittivity,  Ei is the ith component of the 

electric field produced by the polarization distribution, i.e., the depolarization field with 
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no externally applied field, which can be obtained by solving the electrostatic equilibrium 

equation for the electric potential, φ, 

in which ρb is the polarization or bound charge.  The electrostatic equilibrium equation is 

solved using either short-circuit or open-circuit boundary conditions, i.e., 

φ(r) = constant for a short-circuit and perfectly screened boundary condition 

( ) 3
3 surface

b o

Prφ
ε ε

∇ =  for an open-circuit or unscreened boundary condition 

The first term in the free energy equation (2-3), fbulk, is the bulk free energy density 

described by the Landau free energy as a function of polarization under a stress-free state 

with the Landau coefficients given in ref 113 for BiFeO3.  The second term in the 

integrand of equation (2-3), fgrad, is the gradient energy density due to the polarization 

changes across the domain walls, 

where gijkl is the gradient energy coefficient and P=(P1(x), P2(x), P3(x)),. In a ferroelectric 

domain structure,

 

fbulk + fgrad  essentially describes the domain wall energy density 

distribution. 

The third term in equation (2-3), felas, is the elastic energy density,  

where cijkl is the elastic stiffness tensor, 

 

eij is the total strain, and 

 

eij
o  is the stress-free 

strain given by 

 

eij
0 (x) = QijklPk (x)P1(x)  in which Qijkl is the electrostrictive tensor.  Both 

 

eijand 

 

eij
o  are defined using the pseudocubic phase as the reference. The total strain can 

be obtained by solving the mechanic equilibrium equation under the given film boundary 

−𝜀𝑏𝜀0∇i∇j∅(x) = 𝜀𝑏𝜀0∇iEj(x) = −∇iPi(x) = 𝜌𝑏(𝑥) 2-7 
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condition using a combination114 of Khachaturyan’s elasticity theory and Stroh’s 

formalism. 

Equation (2-4) is solved using a semi-implicit Fourier spectral method with periodic 

boundary conditions along 1x  and 2x  axes.  Along the x3 axis, we simply make the 

polarization outside the film 0.0, equivalent to a negative extrapolation length of 

approximately one grid size.  A simulation cell of 128∆x×128∆x×32∆x is used.  The film 

thickness is taken as 14∆x and the distance from the film–substrate interface into the 

substrate is taken as 14∆x, beyond which the heterogeneous elastic deformation is 

ignored 

The simulation grid spacing is chosen to be 

 

∆x = l0  where 

 

l0 = G110 /α0  and 

 

α0 = α1 T =300K .  In simulations, the values for Landau coefficients for BiFeO3 are 

α1=4.9×105(T-1103), α11=5.44×108, α12=1.92×108 (SI units) where T is Kelvin 

temperature 113.  Homogeneous and isotropic elastic and dielectric constant was used and 

the nonzero constant are c11=3.0×1011, c12=1.62×1011, c44=0.691×1011, κ11= κ22= 

κ33=50.0,  where cij is the Voigt’s notation of the elastic stiffness. The electrostrictive 

coefficients of Q11=0.032, Q12=-0.016, Q44= 0.06 (C-2m4) were used where larger Q44 was 

taken for distinguishing the difference between the rhombohedral variants. We took the 

gradient energy coefficient to be G11/G110=0.3, T=300K, ∆t/t0=0.08, t0=α0L.  In-plane 

anisotropic strains of ε11 = -0.1%, ε22 = -1.0% and ε12 = 0% were applied to the bottom 

surface while the top surface is free.  



 

35 

 

Chapter 3 

3 Ferroelectric Interfaces 

3.1 Background 

Interfaces of materials often posses unique properties compared to the bulk due to the 

broken symmetry and chemical reconstruction of the surface.  This is especially true of 

strongly correlated systems such as the transition metal oxides where the electron 

interactions and lattice degrees of freedom are strongly tied.  Useful properties can exist 

confined into this essentially 2-dimensional interface layer such as electronic conduction 

at the interface between the insulators SrTiO3 and LaTiO3
12 or LaAlO3

11.  The twinning 

domain walls in ferroelectric materials have themselves been reported to exhibit a variety 

of unique behaviors including 2-d conduction13, photocurrent generation115 and 

ferromagnetic moments despite the host material being antiferromagnetic14.  However, 

unlike material heterointerfaces, domain walls can be easily manipulated by electric 

fields allowing these properties to be actively modified.  For example, the authors of ref 

13 demonstrated a multi-state resistive memory device were the conduction current 

scaled with the number of domain walls deliberately formed between the electrodes.  In 

section 3.4 of this chapter I undertake a study of the detailed atomic structure of the 

domain walls in BiFeO3 which exhibit these unique properties. 

The strong correlation in ferroelectric materials also lends itself to strain engineering 

whereby the symmetry of an overlying ferroelectric film is modified by epitaxial 

constraint to a substrate.  Substrate induced in-plane strains can lead to dramatically 

enhanced ferroelectric properties5,6,84.  Even if the results aren’t always as dramatic, 

global strain can affect the properties of any ferroelectric film including the ferroelectric 

domain structure97,110 and even the ferroelectric phase86,110.  The two prominent 

ferroelectrics in this work, BiFeO3 and PbZr0.2Ti0.8O3, are no exceptions and BiFeO3 is in 

fact one of the two aforementioned examples of highly enhanced properties.  A shear 
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strain imposed by growing rhombohedral ferroelectrics like BiFeO3 onto orthogonal 

substrates leads to the formation of twinning domains97 (see section 3.6).  Small in-plane 

strains in BiFeO3 produce a monoclinic distortion which breaks the degeneracy of the 6 

antiferromagnetic easy directions87 and leads to a rotation of the polarization vector away 

from the body diagonal116.  Compressive strains exceeding (~-3%) produce a transition to 

a c-oriented tetragonal phase86.  In tetragonal ferroelectrics such as PbZr0.2Ti0.8O3 strain 

dictates the domain structure according to a1/a2 (tensile), c/a (small strain), or c/c 

(compressive)110.  So for example a PZT capacitor design which relies on polarization 

normal to the film (c-axis) requires a compressive strain to form a c oriented domain 

structure. 

Even disregarding any functional interface properties or strain engineering, the 

substrate/film heterointerface plays a critical role in ferroelectric properties and behavior.  

The process of switching between ferroelectric orientation states is dominated by defects, 

the most prominent being the two film interfaces46.  In the in-situ switching experiments 

presented in chapter 5 nucleation occurs unilaterally at the interface and such behavior in 

bulk has been known for over 60 years.  The presence and direction of atomic surface 

steps on the substrate can break the degeneracy of the polarization directions and control 

the domain structure80,117.  If the film exceeds a critical thickness (hc), the global strain 

imposed by the substrate is relaxed by the formation of a dislocation network118 at the 

interface according to119:   

 

Where b is the Burgers vector of the dislocations and ν is Poisson’s ratio.  If this occurs 

not only are any benefits from strain engineering lost but the dislocations themselves can 

negatively impact ferroelectric properties120.  The large strain gradients generated at the 

interface by film relaxation through misfit formation can produce large polarizations 

through the flexoelectric effect resulting in a severe switching asymmetry or even an 

unswitchable polar layer at the interface111,121. 
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The inherent broken symmetry of the ferroelectric film also leads to large bound surface 

charges at the surface.  This is due to the polarization gradient which must accompany 

any interface where the polarization goes to zero.  According to Gausses law 

where D is the electric flux density and ρ is the charge density.  There are two 

contributions to the electric flux: 

where E is the electric field and P is the polarization.  Thus electric fields can come from 

two sources: the divergence of the first term corresponds to the free charge and the 

divergence of the second term corresponds to the “bound” charge.  Since the ferroelectric 

interface is necessarily a source or sink of polarization (i.e. the divergence is non-zero) 

there is by definition a bound charge at this surface which will induce an electric field in 

the ferroelectric.  This is called the “depolarizing” field because it is oriented to oppose 

the polarization.  The bound charge is a critical feature of ferroelectric interfaces because 

it cannot be perfectly screened73,76,78, even by the addition of electrodes, so that 

depolarizing fields are inevitably produced by the interface.  Section 3.6 develops this 

topic further using experiments of the electrostatic boundary conditions in BiFeO3 films.  

We are predominantly concerned with electrical phenomenon in BiFeO3 ferroelectric 

films and thus we have selected well matched TbScO3 substrates and grown the films 

below the Curie temperature to try and isolate them from strain effects or misfit 

dislocations.  Even still, given the non-orthogonal rhombohedral symmetry of BiFeO3 

there is an unavoidable symmetry mismatch between the substrate (in this case 

orthorhombic) and the BiFeO3 film (rhombohedral) and the transition between these 

structures at the interface is not spatially instantaneous.  The crystal structure of the 

substrate will penetrate into the ferroelectric film and vice versa. For example the 

octahedral rotation of BiFeO3 is damped in the vicinity of a cubic substrate122.  This is 

one proposed contribution for experimentally observed “passive layers” near the interface 

ρ=∇D  3-2 

PED += 0ε  3-3 
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in ferroelectric films111.  This effect from the TbScO3 substrate is bigger pertinent 

question since it has lower symmetry than BiFeO3 and much larger distortions of the 

cubic perovskite structure.  The TbScO3 surface has been shown to break the degeneracy 

of the four ferroelastic domains in BiFeO3
106 although the mechanism has heretofore been 

unclear.  In addition to symmetry mismatch there is often interdiffusion of atomic species 

and in fact some interfaces are incapable of being atomically sharp94.  In section 3.5 I will 

study the detailed atomic scale structure of the BiFeO3 / TbScO3 interface. 

3.2 Experimental 

To limit in-plane strain we choose a model system consisting of (001)P oriented BiFeO3 

thin films on insulating (110)O TbScO3 single crystal substrates (where the P and O 

subscripts represent pseudo-cubic and orthorhombic indices).  The orientation 

relationship between the two materials is defined as [001]p || [110]O-TSO, [100]p || [-110]O-

TSO, and [010]p || [001]O-TSO.  The BiFeO3/TbScO3 interface has a compressive lattice 

mismatch of (<0.13%)123.  The BiFeO3 films used in this section were grown to 20 nm 

thickness*, half the dislocation formation critical thickness (hc) determined by the 

thermodynamic theory (eq 3-1)119.  However, the BiFeO3 films used in section 3.6†, a 

study of film thickness dependence, are an exception and grown up to 400 nm thick.  

However, no dislocations were observed even at these >hc thicknesses suggesting that 

dislocation formation is kinetically frozen out124.  The film growth procedures of the 20 

nm MBE films and sputter-grown thickness series used in this section are detailed in 

section 2.3. 

Diffraction contrast imaging of the domain BiFeO3 domain structures was performed on a 

300 kV JEOL 3011 at the Electron Microbeam Analysis Laboratory (EMAL) at the 

University of Michigan according to the procedure described in section 2.1.1.  All 

HAADF STEM images were taken on the FEI titan TEAM 0.5 at the National Center for 

Electron Microscopy (NCEM) at the Lawrence Berkeley National Lab operating at 300 

kV.  EDS mapping of the BiFeO3 / TbScO3 interface was performed on an FEI titan g2 

                                                 
* Provided by collaboration with Dr. Darrell Schlom – Cornell University 
† Provided by collaboration with Dr. Chang-Beom Eom – University of Wisconsin - Madison 
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80-200 with Chemi-STEM operated at 200kV.  Geometric phase analysis (GPA) was 

performed using the GPA Digital Micrograph plugin from HREM research. 

3.3 Polarization Mapping 

In addition to structural information, we would like to extract polarization information 

from our TEM data.  At large length scales the determination of ferroelectric domain 

structures in thin films is straightforward.  The structural distortions of ferroelastic 

domains in particular are easily detected by x-ray and electron diffraction.  Even non-

ferroelastic domains can be detected in TEM due to the failure of Friedel’s law (section 

2.2.2) or by PFM (section 2.2.3).  However, these approaches are limited in resolution 

since the former requires a volume of diffracting planes and the latter a volume of 

piezoelectrically distorted material under the probe.  Using atomic-resolution TEM to 

determine the positions of all the constituent ions allows the polarization to be 

determined on the scale of a single unit cell.  In highly ionic crystals, where electronic 

contributions to the polarization are minimal, the polarization can be determined directly 

from the dipole moment formed by the ion positions observed by TEM.  If the electronic 

contributions are significant a first principles calculation is also necessary to quantify the 

total polarization.  However, in this section I show that the remnant polarization of the 

displacive perovskite ferroelectrics, specifically BiFeO3, is accurately measured by ionic 

displacements alone. This approach has been viable only recently with the advent of Cs 

aberration correcting optics and techniques to detect light element anions such as oxygen 

(section 2.2.4).  It was Chun-Lin Jia and colleagues who pioneered some of the first 

oxygen imaging101 and promptly applied it to determine polarization gradients in 

ferroelectric films125-128.  Using a similar method I examine the dipole moment of a 

BiFeO3 film and formulate an approximation of the polarization based on the Bi and Fe 

cation displacements.  This provides a highly simplified approach to mapping the 

polarization distribution since oxygen positions are no longer necessary. 

The structure of BiFeO3 consists of two pseudocubic perovskite unit cells connected 

along the body diagonal (Fig. 3.1a).  The oxygen octahedra and the central Fe cation are 

displaced along one of the <111>P directions ([111]P in Fig. 3.1) from their respective 

positions at the face and body centers, followed by additional counter rotation of the 
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oxygen octahedra by ±13.8° around the <111>P axes26.  The polarization can be 

visualized by assuming valence charges centered on each of the ion sites.  For a single 

pseudocubic unit cell this results in the charge distribution shown in Fig. 3.1b, where the 

centers of charge for each ion type are shown roughly at the body center of the unit cell.  

The electric dipole moment along the [111]P axis is clear from the offset between the 

negative (O) and positive (Fe and Bi) charges.  Applying the Born effective charges38 to 

this model yields a polarization of 98 µC/cm2 along <111>P, in excellent agreement with 

the measured polarization of BiFeO3
85,129. 

 

Using high resolution TEM images, we are able to extract quantitative information about 

the local polarization vector.  Fig. 3.2a shows the phase of the reconstructed electron 

wave upon exiting a BiFeO3 thin specimen determined from a focus-series of HRTEM 

images (method detailed in section 2.2.4).  There is an obvious displacement of the 

oxygen and iron relative to the center of the bismuth sublattice and the atomic positions 

visibly match the bulk structure polarized along the [111]P direction (hollow spheres 

overlaid on the inset image).  If the Born effective charges38 are assigned to the atom 

positions in Fig. 3.2a (indicated by crosses) determined using a two-dimensional 

Gaussian fit, the polarization in the image plane is |PYZ|=82 µC/cm2 at an angle of 

Θ=50°.  This is nearly identical to the value for the bulk structure from Fig. 3.1b 

 

Fig. 3.1 Electric Dipole Moment of Bulk BiFeO3 
(a) The rhombedral unit cell of bulk BiFeO3 represented as two adjacent pseudocubic perovskite cells. The 
oxygen octahedra and central Fe cation are clearly displaced from their respective positions at the face and body 
centers. (b) A polarization along the [111] axis results from the offset of the centers of the positive (Bi and Fe) 
and negative (O) charges. 
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projected on the same plane, |PYZ|=80 µC/cm2 at Θ=45°.  The increase of the angle from 

45° to 50° is consistent with the induced polarization rotation expected in (+0.13%) 

compressively strained BiFeO3
116.  Assuming an equivalent in-plane polarization normal 

to the image yields a total polarization of |P|=98 µC/cm2, in agreement with the previous 

model and for the experimental polarization values for BiFeO3 thin films85,129.  

 

While the exit wave retrieval approach is useful for determining the anion positions in the 

BiFeO3 films, because the centers of charge of all three elements are collinear one of the 

elements is redundant for determining the polarization angle.  The ferroelectric distortion 

is primarily A-site driven, thus the Bi atoms undergo the largest displacement and the 

largest separation is between the Bi and O charges.  However, oxygen imaging is 

technically challenging and the fit is less precise compared to the cations; the fit of the 

cation peak positions in Fig. 3.2a have a 95% confidence interval of ±0.5 pm compared to 

±2.5 pm for the oxygen peaks.  Instead, the Bi displacement can be easily and more 

robustly determined from high-angle annular dark field (HAADF) imaging by scanning 

transmission electron microscopy (STEM) such as in Fig. 3.2b.  Only the heavier cations 

are visible in these “Z-contrast” images, but they have the advantage that they require no 

 

Fig. 3.2 BiFeO3 Projected Dipole Moment in TEM 
The electric dipole offset can be directly observed in the TEM micrographs of a BiFeO3 thin film such as in (a), the 
phase component of the exit wave determined from a TEM focal series. The atom centers, determined by fit as two-
dimensional Gaussians, are shown as crosses in the inset and correspond to a projected polarization of PYZ = 82 
μC/cm2. Since the ion charge centers are all collinear, a much more convenient determination of the polarization 
direction can be obtained from HAADF-STEM images such as (b) using the relative offsets of the Bi and Fe cations 
alone (|DFB| = 33 pm). 
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post processing and are less sensitive to specimen thickness.  Here I define a vector DFB, 

which is the atomic displacement in the image plane of the Fe cation from the calculated 

center of the unit cell formed by its four Bi neighbors.  DFB is determined to be 33 pm 

along the [

 

011 ] diagonal, which is labeled in Fig. 3.2b.  The simple relationship between 

DFB and the polarization in the image plane is  

where DFB is the displacement in picometers.  The linear relationship is straightforward; 

since DFB points towards the center of the negative oxygen charges, it is opposite to the 

polarization direction.  By mapping the spatial variation of DFB in TEM images and using 

eq. 3-4 we can directly “image” the polarization in BiFeO3. 

To reduce noise, STEM images in this work are filtered in Fourier space using a grid 

mask to select for the structure frequencies and by low and high pass annular filters to 

remove the zero frequency and high frequency noise above the information transfer limit. 

In order to determine the coordinates of the atoms centers for mapping, a custom Matlab 

routine performs a simultaneous fit of all the atoms in the perovskite unit cell as either 

Gaussian or Lorentzian peaks. To perform this function on the scale of typical HAADF 

images which contain hundreds to thousands of unit cells, this routine is automated.  A 

simulated image is created based upon an a-priori crystal structure.  The simulated image 

is then automatically scaled and rotated according to the periodicity of the low-index 

planes in the fft pattern.  The coordinates that this structure appears in the actual HAADF 

image is determined by cross-correlation.  Overlapping atoms from neighboring unit cells 

are removed using a minimum distance threshold.  The positions of the remaining atoms 

are then determined by an iterative fit using the trust-region algorithm in Matlab.   

The formation of polarization maps using the real dipole moment and using only the 

cation positions based on equation 3-4 is carried out by custom Matlab and ImageJ 

routines, respectively.  For the cation-based maps the displacement vector of the iron to 

bismuth, DFB, is equal and opposite that of bismuth to iron, DBF, (see Fig. 3.3) so both 

sets of data points are used to give better spatial resolution.  The ImageJ routine 

 

Pyz = −2.5
µC

cm2 ⋅ pm
⋅ DFB  

3-4 
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recursively forms a lattice of A and B-site cations and uses the lattice addresses to find 

each cations displacement with respect to the center of mass of its four nearest neighbors.  

This methodology is not very robust as it cannot accommodate the addition of anions, 

non-perovskite type structures, or lattice defects without fundamental changes to the 

code. The Matlab routine instead calculates the dipole moment at each ion site based 

upon the neighboring atoms located within a cutoff radius.  Both routines then output 

polarization maps colorized so that it rotates smoothly around a Red-Green-Blue color 

wheel according to the angle the polarization vector forms with the horizon (θ) (see Fig. 

3.3).  

The efficacy of the cation displacement based polarization mapping is especially good for 

BiFeO3 since the ferroelectric phase is driven by the lone-pair electrons on the A-site Bi 

atoms.  Fortuitously these are the very atoms which are easiest to see in Z-contrast 

HAADF images and their projected displacement distance is relatively large (33 pm).  

Thus, it is often clear even from a visual inspection of a domain wall boundary what type 

of polarization rotation is present.  By measuring the relative translations of the Bi sub 

lattice at the domain walls it is therefore possible to identify the polarization rotation and 

infer the domain structure.  For example both an in-plane and out-of-plane (normal to the 

film) offset in the Bi sublattice are apparent in the 180° domain wall in the left inset of 

Fig. 3.4a corresponding to both in and out-of-plane changes in the polarization vector.  In 

 

Fig. 3.3 Polarization Mapping by Cation Displacement 
The 3-D [111]P polarized BiFeO3 pseudocubic unit cell at left is projected onto the HAADF image at right for both 
the Bi centered and Fe centered cases.  The polarization is interpolated between each of these unit cells to form a 
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contrast, the 109° domain wall in the right inset has only an out-of-plane offset as the in-

plane polarization is constant.   

Because the Bi lattice accounts for most of the image intensity its periodicity is the 

primary contribution to the transform into frequency space (FFT).  Using geometric 

phase analysis (GPA) deviations in periodicity produce strain-maps like that shown in 

Fig. 3.4c created from Fig. 3.4a.  GPA works by taking orthogonal Bragg peaks in the 

FFT image and measures the frequency variation with respect to a reference region which 

it then maps it into real space130,131.  The FFT peaks used to form the image in Fig. 3.4c 

are shown in Fig. 3.4b and the substrate was used as the reference lattice.  The result is 

that the changes in the displacement of the Bi sublattice, i.e. the domain walls, become 

clearly visible as single unit-cell wide regions of “strain.”  The inclined 180° domain 

walls manifests in the εxx and εyy strain maps since they have both in-plane and out-of-

plane discontinuities in the Bi periodicity as it crosses the wall. In contrast, the 109° 

domain wall has no in-plane change and is oriented parallel to the out of plane [001] 

direction so the spacing along [001] is also constant since it never traverses the domain 

wall.  Instead the offset at the 109° domain wall manifests as an εxy shear strain.  Using 

these fingerprints as a guide, the domain structure of Fig. 3.4 is identified as a large 

inclined 180° domain wall plus a vertical 109° domain wall with a small triangular region 

at its base which is reversed by 180°.  As I will show in section 4.3, this agrees with the 

results of cation-displacement polarization maps.  Such strain maps are an indirect 

approach and do not uniquely identify the polarization or provide any detailed 

information about the polarization distributions.  However, in the case of BiFeO3 it does 

provide a convenient check and confirms the consistency of the cation-displacement 

method. 
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Fig. 3.4 GPA of Domain Walls in a BiFeO3 Film 
(a) A colorized HAADF image of a 20 nm BiFeO3 thin film highlights the Bi sublattice offset across a 180° and 109° domain wall (inset).  A GPA analysis using the 
peaks in the fft pattern shown in (b) produces the εxx, εyy, and εxy strain maps shown in (c).  180° domain walls are apparent in the first two and 109° in the latter. 
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3.4 The Structure of 109° and 180° Domain Walls in BiFeO3 

The use of ferroelectric domain walls as functional elements is attractive since they are 

easily manipulated and, unlike their ferromagnetic cousins, they are exceedingly small.  

This is a product of the strong electrostriction in ferroelectrics (coupling between the 

polarization and the lattice) which creates a prohibitive energy cost for deviating from the 

preferred polar directions.  Thus, ferroelectric domain walls are usually only singles of 

nanometers across and involve little if any contributions from phonon modes other than 

the spontaneous polar distortions.  This is in contrast to ferromagnetic domains which 

have relatively weak magnetostriction and thus domain walls many microns wide with a 

gradually rotating magnetic moment.  

Ferroelectric domain walls are categorized according to the angle of rotation of the 

polarization vector between the neighboring domains.   For BiFeO3 with eight possible 

<111> polarizations the rotation between any two polarizations is 71°, 109°, or 180°.  

The first two cases correspond to a change of the polarization axis, a ferroelastic rotation, 

while the 180° rotation is simply a reversal along the same axis.  If BiFeO3 is grown on 

an orthogonal substrate, as most substrates are, its rhombohedral footprint undergoes an 

in-plane shear strain in order to conform to the substrate.  To relax this strain the film will 

intrinsically adopt a ferroelastic twin structure.  The four possible ferroelastic variants (r1-

r4 in the Streiffer notation97) corresponding to the four unique polar axis are shown in Fig. 

3.5a.  Alternating domains of any adjacent variants can relax the shear strain, for example 

r1||r4.  However cross-variants have identical footprints, such as r1||r3, as do single variant 

domain walls r1||r1 and while such domain walls can sometimes be found they do not 

relax the shear strain.  If the domains walls are restricted to only those planes which are 

both mechanically and electrically compatible (∇𝑃=0 normal to the plane so it is charge 

neutral) then there are only two types of stable twin structures: parallel stripes with an 

alternating polarization rotating 71° along the in-plane direction separated by inclined 

{011} domain walls (Fig. 3.5b), or stripes with a 109° rotation of the polarization 

separated by vertical {010} domain walls (Fig. 3.5c)97.  Both of these domain structures 

have been confirmed experimentally132.  Similar constraints on 180° domain walls only 
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limit them to planes which contain the polarization vector97.  In practice, however, we 

usually observe them in cross section along the {011} family of planes. 

 

Despite the fact that domain walls have very little distortion of the host symmetry they 

never-the-less have been found to exhibit unique non-bulk properties such as 

conductivity13.  However, the three domain walls do not behave identically; for instance 

conductivity was only detected in the 109° and 180° types.  Seidel et. al. in ref 13 were 

only able to characterize the 109° case and attributed conduction to a small bound charge 

on the domain wall plane.  However, subsequent first principles calculations determined 

that there is a reduction of the band gap depending on the distortion of the Fe-O-Fe bond 

angles – an effect that increases from 71° to 109° to 180° domain walls44.  In this section 

we experimentally examine the domain wall structure of these three domain walls using 

Cs corrected high resolution STEM.  109° and 180° domain walls on their low energy 

(010) and (011�) planes, respectively, can be viewed edge-on with the electron beam 

traveling along the [100] direction.  Polarization-mapped images of 180° and 109° 

domain walls in the as-grown 20 nm BiFeO3 film are shown in Fig. 3.6a-b and Fig. 3.6c-

d respectively. 

 

Fig. 3.5 Ferroelastic Twin Domain Structures in BiFeO3 
(a) The four ferroelastic variants of the BiFeO3 pseudocubic unit cell, r1-r4, with exaggerated elongation of the 
polarization axis and the corresponding atomic model of upward polarized r1 and r4. Twins of these two variants 
will form domain patterns with 71° rotation of the polarization across (101)P walls (b) or 109° rotation of the 
polarization across (010)P domain walls (c). 
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The structure of the domain walls was evaluated by averaging the displacement at each 

atomic column versus distance from the domain wall.  For the 109° domain wall this 

meant averaging along the alternating (010) BiO and FeO2 planes and for the 180° 

domain wall along the (011�) BiFeO3 planes.  The displacement vector was split into 

orthogonal components with respect to the domain wall plane – either normal or parallel 

to the domain wall.  As a condition for charge neutrality the polarization normal to the 

domain wall is constant in both cases.  The results for the 109° and 180° domain walls 

are shown in Fig. 3.7.  The 109° domain wall consists of a single FeO2 plane with non-

 
Fig. 3.6 Polarization Maps of 180° and 109° Domain Walls in a BiFeO3 film 
(a) Polarization map of a 180° domain wall and (b) the corresponding cation displacement vector map.  The 180° 
domain wall is on the (011�) plane.  (c) Polarization map of a 109° domain wall and (d) the corresponding cation 
displacement vector map.  The 109° domain wall is on the (010) plane.   
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standard bonding.  The polarization parallel to the domain wall on this column falls to 

near zero while the normal component remains constant.  This domain wall width is 

considerably smaller than that reported in ref 13 and we do not observe a statistically 

significant discontinuity in the polarization normal to the domain wall.  However, as I 

show in the next paragraph the agreement with first principles calculations is extremely 

close.  The 180° domain wall is slightly wider than the 109° case with two atomic BiFeO3 

layers of damped polarization.  The entire polarization is parallel to the domain wall so 

the normal component is kept constant near zero.  There is some apparent smearing of the 

atomic columns at some regions of the domain wall so it may not be oriented exactly 

along the (011�) plane.  This is a by-product of the zero polarization normal to the 

domain wall – it is free to rotate without incurring any energy penalty from becoming 

charged.  In projection this results in some domain overlap, smearing of the atomic 

columns, and a domain wall which is artificially wide. A look at the entire domain wall 

polarization vector map in Fig. 3.6b shows some regions which appear to have only a 

single damped atom layer.   

Axel Lubk et al. provided us the structural data from their first principles calculations in 

ref 44.  The models of the two domain walls are shown above and overlaid with the 

HAADF images.  An identical calculation of the cation displacement was performed and 

is shown for each of the iron sites as a red vector in the model at top.  These results are 

projected onto the yz image plane and graphed as dashed lines alongside the experimental 

data.  The match for the 109° domain wall is remarkably good and strongly supports the 

validity of their findings.  However, there is a fairly large departure in the 180° case.  In 

order to preserve the symmetry the supercell had to be much wider than for the 109° case 

and due to computational limitations it was correspondingly much shorter.  From these 

results it appears that it was too short and the BiFeO3 was unable to relax to its stable 

structure away from the domain wall. 
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Fig. 3.7 Atomic Structure of 109° and 180° Domain Walls 
(a) The domain structure of a 109° domain wall.  The two orthogonal components of the average cation displacement (solid lines: parallel to and normal to the domain wall 
plane) of each column is plotted below the HAADF image.  The fit to a first principles theoretical domain wall structure is very good (dashed lines). (b) The domain 
structure of a 180° domain wall and the average cation displacement (parallel to and normal to the domain wall plane) of each column.  Fit to first principles is not as good 
suggesting too short of a supercell. 
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The 71° domain wall provides a difficult challenge to analyze microscopically.  In order 

to view their {101} planes edge-on they must also be viewed along the [010] beam 

direction.  Unfortunately, the change in polarization is also along [010] so it is invisible 

in the TEM image.  The only possibilities are then to either view it edge-on from the top 

surface along [101�], use a non edge-on zone axis, or look at a different type of 71° 

domain wall. The first option is virtually impossible by conventional mechanical 

polishing.  The latter option is best and as I will show, still far from ideal.  It also requires 

a 71° domain wall which is not one of those formed by the substrate strain and thus has 

no driving force to exist in the film.  However, we are able to create 71° domain walls 

through the application of an electric field, which is the subject of chapter 5.  An example 

of such a 71° domain wall formed by in-situ switching of a 100 nm BiFeO3 film is shown 

in Fig. 3.8a.  In this case the polarization change is along the film normal (vertical 

direction in the figure). Unfortunately it does not strictly adhere to any well defined plane 

and the same is quite likely to be true along the electron beam direction as well.  The 

equilibrium plane for this type of 71° domain wall is the vertical (110) plane.  Given that 

this is viewed along the [100] axis the plane at equilibrium is tilted by 45° degrees.  The 

irregular domain wall prevents averaging across multiple columns as was done for the 

109° and 180° domain wall and has a great deal of local variation which is especially 

apparent in the magnitude.  The polarization profile along a single atomic column, 

labeled by a white stripe in Fig. 3.8a is graphed in polar coordinates in Fig. 3.8b.  Over 

the course of ~6 atomic layers there is a ~90° rotation of the projected polarization.  The 

magnitude is in a trough for ~9 atomic layers at the domain wall.  This result is 

considerably wider than either of the other two domain walls, however it is likely to be 

partly an artifact from not being viewed edge-on.  However, it does provide an upper 

bound for the 71° domain wall width. 
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3.5 The Structure of the Heterointerface of BiFeO3 and TbScO3 

The orthoscandates, {RE}ScO3, such as the TbScO3 and DyScO3 used in this work are 

popular single crystal substrates due to the tunability of the in-plane lattice parameter 

from 3.95 Å to 4.05 Å depending on the choice of rare-earth {RE} element133.  This 

allows for many of the ferroelectric perovskites to be grown on closely lattice matched 

substrates such as BiFeO3/TbScO3 and PbZr0.2Ti0.8O3/DyScO3 to avoid strain effects and 

misfit dislocation formation.  The orthoscandates have a low-symmetry orthorhombic 

Pnma structure based on a distorted cubic perovskite cell. This results in a slight 

anisotropy of the in-plane lattice parameter, a1 = 3.957Å and a2 = 3.953 Å for TbScO3
123.  

BiFeO3 grown on the (110)O TbScO3 surface preferentially forms the r1 and r4 ferroelastic 

variants106 and strain anisotropy was originally posited as a possible cause.  However the 

anisotropy is extremely small and the addition of thin epitaxial cubic buffer layers returns 

the degeneracy of the r1 and r2 variants despite the fact that the in-plane lattice constant is 

unchanged.  This strongly points to some other cause, most likely in the crystal structure 

of the BiFeO3/TbScO3 interface, which is responsible. 

A high resolution HAADF STEM image of the BiFeO3 interface with TbScO3 is shown 

in Fig. 3.9a.  In the Z-contrast image the BiFeO3 appears brighter since Bi (Z=83) and Fe 

(Z=26) are heavier than Tb (Z=65) and Sc (Z=21) respectively.  The pixel intensity 

 
Fig. 3.8 Atomic Structure of a 71° Domain Wall 
(a) Polarization mapping of a 71° domain wall formed by in-situ switching by an applied electric field.  The 
polarization along the white line is shown in (b).  The angle and magnitude of the polarization change over ~6 and 
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averaged across the image is shown at right with a clear abrupt transition from the darker 

TbScO3 to brighter BiFeO3 layer.  Polarization mapping was performed using the cation 

displacement and an overlaid vector image is shown in Fig. 3.9b.  The result is a clear 

non-polar region, or at least a region of suppressed Bi-displacement, extending four units 

cells beyond the Z-contrast determined interface.  A close look at the crystal structure in 

this region shows that it still possess some of the large A-site distortions of the TbScO3 

structure.  For example, the A to A bond length deviation and A to A bond angles are 

shown in Fig. 3.9c and Fig. 3.9d respectively. They show that the oscillating A-site 

position of TbScO3 propagates the same distance in to the BiFeO3 layer as the non-polar 

region.  This suggests that the structural distortion induced by the low-symmetry 

substrate results in a small “dead layer” at the ferroelectric interface, a feature which is 

often reported from macroscale electrical measurements. 



 

 

54 

 

Fig. 3.9 BiFeO3 / TbScO3 Interface 
(a) HAADF STEM image of the BiFeO3 (top) / TbScO3 (bottom) interface.  The averaged pixel intensity shows the boundary between the heavier BiFeO3 atoms and 
lighter TbScO3 (marked by dashed line).  (b) Polarization mapping shows a non-polar region of BiFeO3 ~4 unit cells thick.  (c) A to A bond length variation and (d) A to A 
horizontal bond angle show the propagation of the low symmetry TbScO3 structure into this nonpolar layer. 
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An alternate possibility to structural distortion as the source of this layer is interdiffusion 

of elements which suppresses the ferroelectric phase near the interface.  This was 

measured experimentally using EDS mapping by a FEI chemi-STEM system which uses 

an extremely large solid angle detector to minimize acquisition time.  The quantitative 

elemental maps at the interface are shown in Fig. 3.10 for all 5 constituent components.  

Even the position of oxygen is visible, despite the low x-ray conversion efficiency for 

such light elements.  The results show that the interface is quite sharp, the A-site atoms 

have only a single layer of intermixing.  The smaller and lighter B-site atoms show more 

interdiffusion with approximately three layers of intermixing.  This is dominated by Sc 

which extends 2-3 layers into BiFeO3.  Given that the ferroelectric distortion is primarily 

A-site rather than B-site driven in BiFeO3, the chemical analysis suggests that the polar 

phase should appear within one unit cell of the interface.  This further supports the 

structural distortion as the source of the non-polar region. 
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An additional factor to consider in the polarization distribution at the surface is the 

depolarizing fields generated by the bound charge, especially with an insulating material 

such as TbScO3.  To determine this contribution the structure of the BiFeO3 interface 

with TbScO3 was compared to a sample buffered with a conducting La0.7Sr0.3MnO3 layer.  

A comparison of the two systems is shown in Fig. 3.11.  The interface was determined 

from the Z-contrast intensity as the onset of the intensity increase of the higher Z BiFeO3 

film.  The polarization across both interfaces are graphed at the bottom in polar 

magnitude/angle form.  The oscillations in the TbScO3 structure are very pronounced in 

 

Fig. 3.10 EDS Chemical Composition Across the BiFeO3 / TbScO3 Interface 
A HAADF STEM image (top left) and EDS elemental maps for the five constituent elements at the 
BiFeO3/TbScO3 interface.  The A-site atoms (Bi,Tb) intermix only in a single layer.  The B-site atoms (Fe,Sc) 
intermix over approximately 3 layers.
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this graph and are slowly damped within the first few unit cells of the interface with 

BiFeO3 after which the polarization takes on a nearly fixed direction and the magnitude 

increases to a plateau.  The same general trend is also observed for La0.7Sr0.3MnO3 except 

the oscillations in the angle are measuring noise since the displacements are ~0.  Here the 

magnitude is distinctly bimodal with plateaus corresponding to the non-polar 

La0.7Sr0.3MnO3 layer and the polar BiFeO3 layer.  The transition region is measured to be 

~3.5 unit cells (highlighted in green).  This transition region is harder to distinguish in the 

TbScO3 due to the oscillating Tb cations.  From the interface determined in the Z-contrast 

image the transition region within BiFeO3 is ~6 unit cells (also highlighted in green).  It 

is clear there is also damping of the distorted TbScO3 structure within the TbScO3 side of 

the interface so that the total transition region closer to 9 unit cells, however I will restrict 

the discussion to the effect on the BiFeO3 film.  This comparison suggests that the 

La0.7Sr0.3MnO3 layer allows for a higher polarization gradient due to the free carriers to 

screen the surface charge.  However, this contribution may be exaggerated since a 

comparison of the actual slope of the increasing polarization between the two systems 

does not show a very significant difference.  Rather it appears that the difference is 

primarily an offset of the onset of polarization from the interface, and that this offset 

distance corresponds closely to the layers of BiFeO3 distorted by the TbScO3 symmetry. 



 

 

58 

 

Fig. 3.11 BiFeO3 Interface and Compensation 
A comparison of the polarization and structure aross the (a) BiFeO3 / TbScO3 and (b) BiFeO3 / La0.7Sr0.3MnO3 interfaces. Each structure shows the HAADF STEM image and 
corresponding intensity, with the interface demarked by a dashed line.  The polarization in magnitude/angle coordinates corresponding to the polarization maps are graphed at 
bottom.  The distance for BiFeO3 to reach its peak polarization from the interface line is ~6 unit cells for TbScO3 and ~3.5 unit cells for La0 7Sr0 3MnO3
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The last point to address is the source of the broken degeneracy of the four ferroelastic 

variants.  One explanation for the dominance of the r1 and r4 variants is from 

consideration of the out-of-plane symmetry of the two structures.  Both TbScO3 and 

BiFeO3 exhibit a tilting of their (h00) planes, as illustrated by the electron diffraction 

image and corresponding diagram in Fig. 3.12.  For TbScO3 this direction is fixed and 

much larger than in BiFeO3.  In BiFeO3 the direction of the tilt varies depending on the 

ferroelastic variant.  The two low-energy variants are the ones that share the same (h00) 

tilt direction as the TbScO3 substrate.  This small difference may break the degeneracy by 

changing the out-of-plane O-Fe-O bond angles or from longer range interactions across 

the interface.  This would explain why the addition of a cubic buffer layer, despite 

maintaining the in-plane strain, would return the 4-variant degeneracy.  First-principles 

calculations are probably required to determine which of these two explanations, if either, 

is the primary cause of the preferential orientations. 

 

 

 

Fig. 3.12 Determination of Ferroelastic Variants 
(a) Selected area electron diffraction pattern from the BiFeO3/TbScO3 interface with the beam along [010]p.  The 
single (00l)P peaks shows the alignment of the (00l)P planes and close match of the d-spacing.  The split of the 
(h00)P spots shows the rotations of the (h00)P planes corresponding to TbScO3 and BiFeO3 r1 and/or r4 ferroelastic 
variants but no peaks for r2 or r3 variants.  A simulated SAED pattern shows the expected pattern if r2/r3 variants 
were present. (b) X-Ray reciprocal space mapping of the (113)P peak shows only the r1 and r4 variants are present 
in the film.
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3.6 Electrostatic Boundary Conditions 

The electrical properties of the materials at the ferroelectric surface strongly influence the 

ferroelectric film based on their ability or inability to compensate the bound surface 

charge.  The most typical approach to screen the surface charge is the addition of 

electrodes to the surface such as noble metals like platinum and gold or conducting 

oxides such as SrRuO3 or La0.7Sr0.3MnO3.  Significant compensation can also be provided 

by the adsorption of mobile ions including those from exposure to atmosphere134,135 and 

this molecular screening may in fact be more effective than the free carriers in 

electrodes136.  Unfortunately both these extrinsic forms of compensation are unable to 

completely screen the bound charge.  The finite separation between the bound surface 

charge and screening charges results in a dipole layer.  The depolarizing field that results 

from this dipole layer in a thin ferroelectric film with symmetric charge screening 

electrodes can be expressed as73: 

Where P is the polarization normal to the surface, d is the thickness, εF is the dielectric 

constant of the ferroelectric film, ε0 is the permittivity of free space, and ds is the 

screening length of the electrode.  The latter term can be replaced by an effective 

screening length λeff to give a more general expression137: 

The result is a depolarizing field which is monotonically increasing with the inverse of 

the film thickness.  For compensated surfaces at large length scales the ratio of the 

screening length λeff to the film thickness d is miniscule and depolarizing effects are 

absent.  However, in extremely thin films (d~<10nm) the depolarizing fields can become 

large enough to suppress the polar state.  One byproduct is a longstanding question in 

ferroelectric films of the critical thickness (or thinness) before the ferroelectric state is 

lost.  Recent first principles calculations76,138 and experiments78 suggest it can be as little 
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as 3 unit cells, however this is dependent on how efficiently the interface screens the 

surface charge (λeff → 0).  

The efficiency of charge screening is not easy to determine directly by experiment.  This 

is especially true for free surfaces where the structure is likely to interact with whichever 

types and densities of mobile ions are available to adsorb to the surface. All of these 

parameters of a given real-life experiment are generally unknown.  Even heterointerfaces 

between structurally matched materials can have unique properties including a radical 

difference in conductivity11,12.  Thus, growing a film on an ostensibly insulating material 

does not guarantee an insulating interface.  However, ferroelectric films also have 

intrinsic means of charge compensation via the formation of domain structures with 

alternating surface charge.   In contrast to screening charges, these domain structures are 

relatively easy to detect, especially by TEM.  The remainder of this chapter and the 

following chapter will use the domain structure to determine the local electrostatic 

boundary conditions.   

The simplest means of determining the boundary conditions of a BiFeO3 film is from the 

two possible twin structures: 71° and 109° stripes (Fig. 3.13a-b).  From Landau theory 

(section 2.4) the domain wall energy scales with the gradient of the polarization making 

the 109° domain walls twice the energy density of the 71°s.  However, from first 

principles calculations 71° and 109° domain walls have domain wall energy densities of 

363 and 205 mJm-2 respectively where the lower energy of the 109°s is because they are 

better able to preserve the canting of the oxygen octahedra44.  Regardless, there is not a 

large disparity in the self energy between the two domain wall types. The dominance of 

one type over the other primarily depends on the minimization of the electrostatic 

energy132.  The 71° domain pattern has a single out-of-plane polarization vector resulting 

in a uniform sheet of bound charge (Fig. 3.13c).  If the ferroelectric surfaces are 

uncompensated by free charges, then the bound charges would produce a large uniform 

depolarization field.  Instead, when such uncompensated conditions are present, the 

system favors the alternating out-of-plane polarization of the 109° domain pattern which 

has a net surface charge of zero (Fig. 3.13d).  Thus, a transition between these two twin 

structures is indicative of the boundary conditions.  This was elegantly demonstrated by 
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Chu et. al. who showed a gradual transition to the 109° structure as films were grown on 

progressively thinner, and thus less conductive, oxide electrodes132. 

 

The domain structure of the 20 nm thick BiFeO3 film grown directly on (110)O TbScO3 is 

shown in planar view (Fig. 3.14a) and in cross-section (Fig. 3.14b) TEM images.  The 

corresponding domain configuration is shown below the cross section image, determined 

by polarization mapping.  The self compensating 109° twin structure indicates a strong 

depolarizing field and that one or both interfaces are poorly screened.  The addition of a 

20 nm epitaxial La0.7Sr0.3MnO3 bottom electrode (Fig. 3.14c) causes this structure to 

disappear.  Instead the BiFeO3 film forms large domains several hundred nanometers in 

width with little discernable long-range pattern at this length scale separated by domain 

boundaries typically of paired 109° and 180° domain walls such as the region shown in 

Fig. 3.14c.  These results show that the TbScO3 interface is highly insulating which is in 

good agreement with the strong insulating properties of bulk TbScO3.  Furthermore, the 

presence of such large monodomain regions also suggests that the top surface must be at 

least partially compensated as well (this is corroborated in section 4.3). 

 

Fig. 3.13 Depolarizing Fields from 71° and 109° Twins 
(a) Twins of these two variants will form domain patterns with 71° rotation of the polarization across (101)P walls 
(b) or 109° rotation of the polarization across (010)P domain walls (c). If uncompensated, these patterns produce 
the bound surface charges shown in (d) and (e). The surface charge distributions of the 109° pattern produce local 
electric fields at the surface. 
 



 

 

63 

 

Fig. 3.14 Effect of Screening Charges on Domain Structure 
BiFeO3 on insulating TbScO3 forms a r1||r4 striped domain pattern separated by vertical (010)P 109° domain walls as seen in planar view (a) and cross sectional (b) dark field 
TEM. (c) The addition of a conductive 20 nm buffer layer of La0.7Sr0.3MnO3 results in very large domains separated by vertical 109° paired with inclined 180° domain walls. 
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If there is either full or partial screening of the charge at the top surface of the BiFeO3 

film then equation 3-6 predicts the film will exhibit a thickness dependent depolarization 

field which should manifest as a thickness dependent domain pattern.  A thickness series 

of BiFeO3 films on the bare TbScO3 with thicknesses of 45 nm, 90 nm, 180 nm and 385 

nm were grown in immediate succession to maintain constant growth conditions.  As the 

film thickness increases the domain structure transitions from the self-compensating 109° 

twin structure in the thin 45 nm film (Fig. 3.15a,b), to a mixed 109° and 71° case in the 

90 nm film (Fig. 3.15c,d), and finally results in a pure 71° domain structure for the 180 

and 385 nm films (Fig. 3.15e,f).  Fig. 3.15 shows the cross sectional and planar view 

images of the domain structure.  The planar view images all have identical sample 

orientations where 109° domain walls appear vertical in the image and 71° domain walls 

are horizontal.  The planar view data of the thicker films are taken from PFM scans.  The 

PFM images of the thickest 385 nm case show a clear striped contrast of the in-plane (IP) 

polarization (Fig. 3.15f) but a single polarization normal to the film (OOP).  The 90 nm 

film represents a mixed case where 109° and 71° domain walls create a cross hatched 

pattern.  A planar view diffraction contrast TEM image is used to show the domain 

structure of the 45 nm film because it is too thin to measure the piezoresponse.   

 

The observed change in domain structure is consistent with an increase in the 

depolarizing field expected from equation 3-6 which favors a 109° structure in very thin 

films.  However, first principle calculations predict the energy density of the 71° domain 

walls to be 75% larger than 109° domain walls44.  Furthermore the 71° domain walls are 

inclined 45% on the [101] planes so they have ~40% more surface area.  One must then 

question why the 71° domain structure appears at all – it has a higher energy and 

produces a strong depolarizing field.  Provided that the first principles calculations are 

correct, it indicates a preferential poling direction.  This can arise from asymmetric 

screening efficiencies at the interfaces such as a polar surface layer of the TbScO3 

substrate or preferential adsorption of only positive or negative ions at the top surface.  It 

can also arise from gradients in dopants and/or strain and from electronic band bending 
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such as from the formation of a Schottky junction.  Regardless, this series shows that the 

preferred poling direction which favors the uniform z-axis polarization of the 71° domain 

structure is overcome by depolarizing effects at small thicknesses.   

 

Fig. 3.15 Thickness Dependance on Domain Structure 
The domain structure for three thickness of BiFeO3 films on insulating TbScO3 substrates.  The 45 nm film forms 
a stripe pattern of vertical (010) 109° domain walls as seen in cross section (a) and planar view (b) dark field TEM 
images.  The 90 nm film forms a mixed domain structure or 109° and 71° domain walls, the latter highlighted by 
cross sectional TEM (c). The out-of-plane (OOP) PFM image of this film (d) shows the cross hatched mixed 
structure.  The 71° domain pattern of the thickest film, 385 nm, is shown in cross sectional TEM (e) and planar 
view PFM (f).  The PFM image shows both the in-plane (IP) and out-of-plane domain structure. 
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Chapter 4  

4 Polarization Vortices at Insulating Interfaces 

4.1 Background  

In ferroic materials, the magnetization or polarization may adopt rotational patterns to 

reduce the energy of magnetic or electric fields.  Such flux closure or vortex domains are 

well known to ferromagnetic materials139 but have only recently been observed in 

ferroelectric nanostructures140,141 where they have garnered particular interest for storing 

memory bits in the vortex state with very little cross-talk between neighboring bits142.  

Polarization vortex structures have also been seen in ferroelectric thin films143,144, 

however they are typically unstable and usually induced by reduced dimensionality.  This 

rarity of observed flux closure states in ferroelectrics compared to ferromagnetic 

materials has several causes.  First, unlike magnets there is an abundance of electrical 

monopoles which tend to extrinsically screen fringing fields which reduces or negates the 

energetic driving force.  Second, as discussed in section 3.4, strong electrostriction 

restricts the polarization to fixed easy directions.  Additionally such a rotation will likely 

pass through another polarization axis which is a ferroelastic transition in most systems 

and so would also add strain.  Thus, the energy cost of gradual polarization rotations is 

large. Ultimately, the most important reason is that ferroelectric domain walls are several 

orders of magnitude smaller than in ferromagnets so the observation of flux closure 

required an atomic-scale view of the polarization distribution.   

Using the polarization mapping developed in section 3.3, this chapter details the 

discovery of nanoscale polarization vortices at the interface of a ferroelectric and 

insulating material (published in ref 145).  The lack of compensation at an insulating 

interface is analogous to unavailability of screening for ferromagnetic materials and is the 

driving force for the creation of flux closure domains.  The strong insulating properties of 

the BiFeO3 /  (110)O TbScO3 interface was already established in section 3.6, and 
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therefore this material system was also used for this study. Experimental data is 

combined with Phase-Field modeling to determine the energetic contributions driving the 

formation of the vortex domain structures. The results show that they compensate in-

plane depolarizing fields produced from alternating surface charges in typical twinning 

structures of rhombohedral BiFeO3.  Although these vortices are observed in a thin film 

they are not connected with the reduced dimensionality of this system.  Following this 

report of BiFeO3 flux closure domains similar phenomenon was reported for 

PbZr0.2Ti0.8O3 on insulating SrTiO3 surfaces127 which supports this as a universal 

phenomenon. 

4.2 Experimental 

A 20 nm BiFeO3 film grown on single crystal (110)O TbScO3 by MBE was used in this 

work* (growth details in section 2.3).  Experimental determination of the spatial 

distribution of the polarization was determined by the polarization mapping method 

detailed in section 3.3.  All TEM images are from HAADF STEM mode taken on the FEI 

titan TEAM 0.5 at the National Center for Electron Microscopy (NCEM) at the Lawrence 

Berkeley National Lab operating at 300 kV.  The formulations for the energetic 

contributions and the phase field simulation methodology‡ are detailed in section 2.4. 

4.3 Domain Vortices 

The 20 nm BiFeO3 film formed a 109° striped mesoscale domain structure described 

previously in Fig. 3.1a,b.  Using HRSTEM HAADF images we mapped the spatial 

distribution of the DFB vector in the near surface region of the BiFeO3/TbScO3 interface 

to determine the polarization distribution.  A Z-contrast image of two adjacent 109° 

domain walls is shown in Fig. 4.1a color mapped according to the B-site DFB vector 

(yellow arrows).  The pair represents the two types of 109° domain wall terminations at 

the BiFeO3/TbScO3 substrate:  directly terminating (Fig. 4.1a−left and Fig. 4.1b) and 

those forming a triangular pattern of domain walls (Fig. 4.1a−right and Fig. 4.1c).  The 

triangle domains consist of a mirrored pair of inclined 180° domain walls, which form a 

vortex domain structure with the polarization rotating about the intersection of two 109° 
                                                 
* Provided by collaboration with Dr. Darrell Schlom – Cornell University 
‡ Provided by collaboration with Dr. Long-Qing Chen  – Penn State 
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and two 180° domain walls.  The polarization closure is clear in the vector plot of DFB in 

Fig. 4.1c.  No such polarization closure is observed in the DFB vectors at the direct 

domain wall termination in Fig. 4.1b.  The map in Fig. 4.1 is an interpolation of only the 

B-site (Fe, Sc) cation displacements whereas the color maps in Fig. 4.1b,c are 

interpolated from both the A (Bi, Tb) and B (Fe, Sc) sites.  The latter shows the 

oscillation of the Tb peaks within the TbScO3 structure which is the source of the stripe 

pattern in the substrate region of the polarization maps. 
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The two triangle domains in the vortex structure exhibit several intriguing properties.  

Unlike the narrow domain walls at the film interior, the 180° and 109° domain walls at 

the vortices have gradual rotations of the polarization vector exhibiting a mixed Néel-

 

Fig. 4.1 Vortex Domains 
(a) Polarization map from a HAADF STEM image containing the intersection of two 109° domain walls with the 
TbScO3 surface.  The DFB vectors at the B-sites are shown as yellow arrows and determine the fill color according to 
the legend at right. (b) A DFB vector plot of the vectors for the 109° domain wall which terminates directly with the 
interface plus the corresponding color maps of the magnitude and angle of DFB shown at right.  (c) A DFB vector plot 
of the vectors for a 109° domain wall which forms a vortex domain with associated color maps of the magnitude and 
angle of DFB.  Unlike (a), both b, and c, include displacements of the A-site which shows the oscillation of the Tb 
site in the TbScO3 layer giving the striped appearance.  The polarization distribution of a directly terminating 109° 
domain wall (e) and a triangle domain terminating 109° domain wall (f) from a phase field simulation. 
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Ising character, especially where the 180° domain walls intersect the TbScO3 surface.  

This leads to the formation of even smaller closure domains at the base of the triangles.  

The displacement vector extends into the first layer of the substrate suggesting that a 

polarization may be induced on the TbScO3 surface.  Lastly, the in-plane [010] 

component of DFB within the triangle domains is much larger than its value in the interior 

of the neighboring domains, as can be seen from both the vector and corresponding 

magnitude plots (Fig. 4.1c).  From a quantitative analysis of DFB (Fig. 4.2), the [001] 

components inside and outside the triangle domains are roughly identical, but the [010] 

components within the triangle 109° domain wall are in some places more than double 

the value within the interior of the neighboring domains.  Since the component along the 

viewing direction is unknown, a rotation of the polarization along the [001] axis cannot 

be ruled out, but it alone would be insufficient to account for the observed increase.  The 

increased in-plane polarization may also modify or create functional properties in the 

domain wall since they deviate from the equilibrium structure analyzed in section 3.4.   

 

 

Fig. 4.2 Polarization Profiles Across Domain Walls 
(a) HRSTEM HAADF images of the 109° domain wall in the bulk film and at the vortex site.  (b).  The 
corresponding cation displacements DFB normal and parallel to a 109° domain wall for the bulk film and inside the 
triangle domain averaged over the regions highlighted.  The parallel components are similar in both cases but there 
is a significant increase in the normal component within the triangle domain indicating an enhancement of 
polarization. 
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The energetic driving force for the formation/stability of the vortex domains is analyzed 

with phase-field simulations‡ by comparing the spatial variation of the electrostatic 

energy and the elastic energy densities for a periodic 109° domain wall array assuming 

unscreened charges (open-circuit boundary conditions) at the BiFeO3 surfaces (Fig. 5a).  

There is no distinction in elastic energy, but a significant difference in electrostatic 

energy, between the terminations of adjacent 109° domain walls with the substrate.  The 

bound charge distribution (ρb) corresponding to this structure (Fig. 4.3b) gives rise to the 

depolarizing electric field E, shown in Fig. 4.3c (black arrows) overlaid with the 

electrostatic energy.  The high electrostatic energy termination (labeled Type II) results 

from the depolarizing field E opposing the polarization vector P.  In contrast, E in the 

low energy domain wall (labeled type I) is more closely parallel to P, corresponding to a 

relatively small electrostatic energy. 

                                                 
‡ Provided by collaboration with Dr. Long-Qing Chen  – Penn State 
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Fig. 4.3 Energy Contributions to the Formation of Vortex Domains 
(a) The spatial distribution of the electrostatic and elastic energy density at an insulating surface of an unrelaxed 109° domain structure shows identical elastic energy 
between adjacent domain walls but distinct low (type I) and high (type II) electrostatic energies.  (b), Distribution of the bound charges at the 109° domain wall.  (c), A vector 
plot of the depolarization field overlaid with the electrostatic energy shows it is lowest (type I) when the surface fields are parallel to the in-plane polarization and highest 
(type II) when opposed.  (d), The electrostatic energy is intrinsically decreased by inserting 180° domains to compensate the depolarization field.  This inserts a small region 
with favorably oriented surface charges. (e), The depolarization field, and thus the electrostatic energy, is significantly reduced in the vicinity of the high energy boundary 
due to these compensating domains.   
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The high energy density of the type II domain wall termination is intrinsically reduced by 

the insertion of triangular 180° domains with the structure shown schematically in Fig. 

4.3d.  The bound charge of the vortex structure reduces the depolarizing field, and thus 

the electrostatic energy (Fig. 4.3e), versus the original structure (Fig. 4.3c) manifest by a 

reduction in the high energy region (colored red) at the domain wall termination.  This 

polarization geometry is consistent with the domain patterns and locations observed 

experimentally (Fig. 3.13b).  The local polarization distribution of the type I and vortex-

relaxed Type II domain wall terminations were simulated by the time-dependent 

Ginzburg–Landau (TDGL) equation110.  The resulting polarization distributions at the 

domain terminations (Fig. 4.1d,e) are in good agreement with the DFB images (Fig. 

4.1b,c).   

The lowest energy equilibrium domain structure of the BiFeO3 film was simulated by the 

phase-field method with no a-priori assumption of the final state‡.  The simulation was 

initially seeded by a random distribution of r1 and r4 domains and allowed to relax under 

open-circuit boundary conditions at both the surface and the film/substrate interface, 

simulating vacuum growth conditions.  The resulting film formed a 109° striped domain 

pattern with triangle vortex domains at both surfaces (Fig. 4.4a).  The absence of the 

vortex domains at the free surface of the BiFeO3 films (Fig. 3.14b) suggests that the 

depolarizing fields there are not large enough to promote their formation, most likely due 

to unavoidable screening charges from adsorbed species such as H+ or OH- at the top 

surface135.  If this surface is compensated (short-circuit boundary conditions are applied) 

the triangle domains disappear, and the resulting domain pattern in Fig. 4.4b is a close 

match to the experimentally observed structure (Fig. 3.14b).  That these vortex domains 

have not been previously observed may likely be due to either strain fields from misfit 

dislocations or the fact that most typical substrates provide too much charge screening, 

being either metallic (e.g., having Pt or SrRuO3 bottom electrodes) or semiconducting 

(e.g., SrTiO3) under typical vacuum growth conditions.  Our use of MBE grown films, 

                                                 
‡ Provided by collaboration with Dr. Long-Qing Chen  – Penn State 
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which uses a charge neutral molecular flux compared to charged plasmas from rf or laser 

sputtering, may also reduce screening during growth.   

 

Since the presence of the vortex domains is dependent only on the local field at the 

termination of the domain wall, there is no theoretical restriction to low-dimensional 

systems.  We have observed vortex arrays in films up to 800 nm (the thickest we’ve 

examined), and they can well be expected to form spontaneously at bulk interfaces.  

Manipulating the film thickness provides tunability of the array of vortex domains since 

the 109° domain wall density scales with thickness146.   Very thin films with two 

insulating surfaces, for example, would have a large volume fraction of vortex domains.  

By charge screening one surface, as we have in this experiment, one can produce a film 

with a single macro-scale toroidal moment.  Even at large length scales, the vortex 

domains may significantly alter switching dynamics since reversed domains can grow 

from existing favorably oriented regions within the vortex domains instead of from a 

nucleation step. 

In summary, a self-assembled array of ferroelectric vortex domains spontaneously forms 

at the interface between a BiFeO3 thin film and an insulating TbScO3 substrate.  The 

 

Fig. 4.4 Phase Field Simulations of the Equilibrium Domain Structure 
Phase-field simulation of the BiFeO3 domain structure coalesced from a random r1/r4 distribution.  (a) The 109° 
domain pattern formed under open-circuit boundary conditions. (b) The triangle domains disappeared from the top 
surface after application of short-circuit conditions (compensation) to that surface. 
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driving force for their formation is localized electrostatic energies where 109° domain 

walls terminate at the interface.  The polarization closure is observed by mapping the 

electric polarization with atomic resolution via HRTEM images and exhibits non-bulk 

characteristics such as mixed Ising-Néel type domain walls and in-plane polarization up 

to twice that of the bulk film.  Through comparison with phase-field simulations, we infer 

the presence and absence of free charge carriers at the film/air interface and the 

film/substrate interface, respectively.
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Chapter 5 

5 In-situ Ferroelectric Switching of Thin Films 

5.1 Background 

The majority of applications of ferroelectric materials require switching between 

polarization directions under an applied electric field.  This process occurs through the 

nucleation and growth of domains with a favorable alignment of the polarization vector 

to the applied field vector.  In a pure bulk crystal the theoretical energy required to form a 

stable nucleus is several orders of magnitude larger than experimental measurements. 

Thus, it was recognized early on that this process is inhomogeneous, dominated by 

defects which act as nucleation sites46.  The high spatial resolution of TEM makes it ideal 

for studying defects and determining the local polarization distribution.  The latter ability 

is especially important in ferroelectric film devices which require a specific polarization 

state at the interface23,24,28.  In such cases bulk-switching is not sufficient, the presence of 

unswitchable, non polar, or inversion layers at the interface can poison the device 

functionality.  There have been a number of TEM studies on the static structure near 

defects 120,126,128 and interfaces103,147,148.  However, studies of the role these play in the 

dynamics of ferroelectric switching have heretofore been absent. 

Since the actual physical defects underlying any given ferroelectric switching behavior 

are typically unknown, the defects are generally classified by their impact on ferroelectric 

switching itself.  Those which locally break the degeneracy of the polarization states to 

favor one or more orientations are known as random-field defects (Fig. 5.1a) and those 

that change the barrier height affecting the transition between degenerate states are 

random bond defects (Fig. 5.1a), though a physical defect need not be purely a single 

type.  In typical low-dimension ferroelectric structures such as thin films the most 

significant and the most voluminous defects in the crystal lattice are the interfaces.  As 

shown in chapters 3 & 4, these interfaces also introduce internal depolarization fields 
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which will be superimposed onto the external field (a random field defect).  However the 

increased energy due to the broken bonds at the surface reduces the nucleation barrier (a 

random bond defect).  The combination of these effects and the omnipresence of the 

interface make it the dominant defect in ferroelectric switching.  This has been observed 

repeatedly in macroscale switching studies46.  However, the interface is itself 

inhomogeneous, displaying considerable variation in switching properties99.  A multitude 

of optical, electrical, and surface probe studies have confirmed this defect-driven 

inhomogeneous switching but the defects responsible are below the spatial resolution 

limit of these methods.   

 

Until quite recently investigations of ferroelectric switching were done by either in-situ 

optical microscopy with polarized light46,149,150 or ex-situ by selectively etching the 

surface using solvents with a removal rate which is polarization dependent151.  These 

studies were responsible for early breakthroughs such as demonstrating the 

inhomogeneous needle-domain switching process.  However, they have many limitations 

including difficulty in obtaining contrast between domains.  In the former, experiments 

were restricted to materials which exhibited a change in refractive index under switching 

and not all domain wall types and orientations were usually visible.  The diffraction limit 

of light also precludes any small scale measurements.  The latter was destructive and 

showed only the relaxed near-surface structure.  

 

Fig. 5.1 Ferroelectric Switching Defect Types 
Effect of defects on an example degenerate ferroelectric double-well energy diagram free energy vs. polarization 
(a)  Random field defect breaks the degeneracy to favor a single state.  (b) Random bond defect maintains 
degeneracy but changes the barrier height. 
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Recent information on the properties of thin film switching has primarily come from 

surface probe microscopy techniques, particularly PFM (see section 2.2.3).  This 

technique applies a highly localized electric field to the film surface using a conductive 

surface probe and measures the piezoelectric distortion.  A subset of PFM which analyzes 

and images the variation in piezoelectric hysteresis at scan point, called switching 

spectroscopy PFM (SS-PFM), is especially useful for mapping local switching properties.  

PFM and SS-PFM studies have demonstrated preferential nucleation sites99,152,153 and 

imaged lateral domain wall creep at high temporal resolutions51,153,154 which fit well with 

theoretical models47.  While it is highly effective at probing local switching properties, 

PFM is limited in characterizing the defects which give rise to those local properties.  As 

a surface probe technique it is effectively blind to the dynamics along the normal-axis 

and only able to measure their aggregate response.  The need to deconvolute the data by 

the probe shape and account for a variety of surface-probe interactions limits the effective 

resolution and can produce artifacts.   

To date there are few reports of in-situ TEM studies of ferroelectric materials and these 

have primarily centered around paraelectric/ferroelectric phase transitions through the use 

of in-situ heating155-160.  In-situ studies of ferroelectric switching by an electric field are 

even rarer.  There have been reports on the electric field-induced domain formation and 

switching in BaTiO3
161-164, PZT165,166 and Sc-doped PMN167 samples.   Most active in the 

field have been Tan and Shang et. al. who observed electric field induced microcracking 

at grain boundaries in PZT168 and PMN-PT168-170.  However, all of these works were done 

on bulk, usually polycrystalline, samples and provide little insight into thin-film 

switching behavior or the role of defects.  Additionally, such large complex geometries 

and structures make quantitative measurements impractical. 

In this chapter we combine the local probing of switching behavior by SPM and the high 

resolution characterization of TEM in-situ to study electric-field induced switching in 

ferroelectric thin films.  In addition to combining the advantages of these two methods 

the data obtained can be applied to the large body of SPM switching data available.  

Contemporary to the work detailed in this chapter have been two other SPM-TEM 
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publications studying phase transitions171 and metastable switching172 in BiFeO3 thin 

films. 

5.2 Experimental 

Localized in-situ switching was performed on 100 nm (001) oriented BiFeO3 and 100 nm 

(001) oriented PbZr0.2Ti0.8O3 films using a freely positionable SPM probe incorporated 

into a TEM holder (schematic in Fig. 5.2a).  A bias is applied between the tungsten 

surface probe and a grounded buffer electrode producing a localized electric field under 

the tip (Fig. 5.2b).  For BiFeO3 films this buffer electrode was a 20 nm epitaxial layer of 

La0.7Sr0.3MnO3 and for PbZr0.2Ti0.8O3 is was a 50 nm epitaxial layer of SrRuO3.  TEM 

switching was performed at voltages below any observation of electrical breakdown. 

 

5.2.1 Film Growth 

In situ switching was performed on 100 nm BiFeO3 films grown by MBE on (110)O 

TbScO3 substrates with a 20 nm La0.7Sr0.3MnO3 buffer electrode* and on 100 nm 

PbZr0.2Ti0.8O3 grown by rf sputtering on (110)O DyScO3 substrates with a 50 nm SrRuO3 

buffer electrode†.  An 800 nm thick BiFeO3 film on (110)O TbScO3 grown by rf 

sputtering† was used for characterization of the surface topography of a prepared TEM 

sample surface.  The growth procedures are detailed in section 2.3.   

                                                 
* Provided by collaboration with Dr. Darrell Schlom – Cornell University 
† Provided by collaboration with Dr. Chang-Beom Eom  – University of Wisconsin - Madison 

 

Fig. 5.2 In-situ Switching Geometry 
(a)  The geometry of the in-situ ferroelectric switching where a bias voltage is applied between a surface probe and 
a buffer electrode producing local inversion of the polarization.  (b) The electric field distribution beneath the tip 
calculated from finite elemental analysis. 
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5.2.2 Characterization and Analysis 

 PFM experiments were carried out on an Asylum Research MFP-3D AFM using 

Umasch NSC18/Pt tips and on a Bruker Dimension Icon system using SCM-PIT Pt 

coated tips.  Room temperature Hall measurements were performed with four-probe Van 

der Pauw configuration using a 0.22 T permanent magnet. A 1 nA driving current was 

applied by a Keithley 220 current source, and a Keithley 6517A high resistance meter 

recorded the voltage readings.  

Specimen thickness in the region of switching (specifically from Fig. 5.13) was ~60 nm 

as determined by t/λ thickness maps using a JEOL 2100F where t is the thickness along 

the electron beam and λ is the mean free paths between plasmon scattering events.  This 

method measures the relative number of electrons which have been inelastically scattered 

by plasmons which is proportional to the sample thickness. A (t/λ) map was generated by 

an unfiltered and an energy filtered TEM image using a 10eV selection window centered 

on the zero loss peak to isolate the signal from elastically scattered electrons.  The sample 

was tilted several degrees off axis and away from low index planes to avoid diffraction 

effects.  A proportionality constant of 0.7 λ / 100 nm was determined by thickness 

mapping a known thickness (100 nm) planar view BiFeO3 sample lacking the 

LaSr0.7Mn0.3O3 buffer layer in a region where orthorhombic TbScO3 substrate diffraction 

spots first appear.  The (t/ λ) map was scaled by this constant to give an absolute 

thickness map shown in Fig. 5.3.  Although the mean free paths are probably similar for 

all three materials in the image, the calibration to absolute thickness is only strictly 

correct for the BiFeO3 layer. 
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In-situ switching was performed in diffraction contrast TEM mode using a JEOL 2010F 

and JEOL 3011 microscopes in conjunction with a custom-designed Nanofactory TEM 

holder with a built-in scanning probe microscope (SPM). External voltages were applied 

using an HP 6614c for DC voltages, an HP 3324a function generator for waveforms, and 

a Nanofactory measurement system.  The tungsten surface probe was placed in physical 

contact with the surface of the film for all switching experiments.  The buffer 

La0.7Sr0.3MnO3 electrode was grounded to the molybdenum TEM ring using silver paste.  

The probe was positioned so that its apex coincided with the apex of the film within ~4 

nm along the electron beam axis (z) using an iterative process of 2 nm adjustments of the 

z-positioning piezo and making contact with the film.  The ‘center’ position was assumed 

to be at the apex of the film height when the probe made contact while it was furthest 

retracted.  Diffraction contrast images in Fig. 5.12 are tilted slightly off the (100) planes 

except Fig. 5.12a-5 which is tilted off the (001) planes, images in Fig. 5.13 are tilted 

slightly off the (-101) planes, and these are all respectively used as the image forming 

diffraction planes. Dark field images are aligned so the diffracted beam travels along the 

 

Fig. 5.3 Sample Thickness Map 
Map of the sample thickness along the electron beam direction in a region used for ferroelectric switching, 
calibrated for the BiFeO3 layer (top of image). 
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optical axis to avoid aberrations.  Videos were recorded by a (Gatan) TV-rate camera at 

29 frames per second.   

Post switching HAADF STEM imaging for polarization mapping was performed on a 

spherical aberration (Cs) corrected FEI Titan 80-300 operated at 300 kV (TEAM0.5 at 

LBNL).  Polarization mapping was carried out according to the method described in 

section 3.3.  HAADF STEM imaging of the dislocation segment in section was 

performed on a Cs corrected JEOL 2100F.  The external electrical field was modeled by 

finite element calculations using Ansoft Maxwell software assuming tungsten as a perfect 

conductor and BiFeO3  as an insulator with a resistivity of 2x103 Ωm and a relative 

dielectric constant of 100. The tip contact was estimated as a 240 nm diameter sphere 

with a surface contact width of ~61 nm. 

5.2.3 Ferroelectric Hysteresis Determination 

TEM images of the film during switching provide a direct measurement of the size of the 

switched domain (see Fig. 5.4a). This corresponds to the change in the ferroelectric 

contribution to the polarization and can be used to plot spontaneous polarization v. 

electric field hysteresis loops (see Fig. 5.4b).  This approach is advantageous since it 

isolates the spontaneous polarization contribution while ignoring dielectric or leakage 

effects and sources of electrical noise.  It also provides much better spatial resolution than 

piezoresponse or electrical measurements since the piezoresponse and the switching 

current from such a small regions is also very small, below the shot noise in the case of 

electrical measurements. In oxide ferroelectrics the spontaneous polar contribution is 

usually the dominant contribution to the net polarization yielding equivalence of the TEM 

derived and electrical P-E loops. 

Such P-E loops are very useful for quantitative analysis of the local switching properties.  

For example a P-E loop from cyclic switching of a BiFeO3 film Fig. 5.4b shows a 

positive shift of the hysteresis loop indicating built-in fields or unequal 

nucleation/domain motion onset voltages.  It also reveals a disparity in switching speeds 

between domain formation and reduction, and a pinning site on the rightmost edge in 

panel 3 producing a kink in the P-E loop. 
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5.2.4 Conduction Properties & Electron Beam Interaction 

Current vs. voltage curves were taken in situ to characterize the electrical properties of 

the tip/ferroelectric/electrode capacitor structure.  Current conduction in electrode-

buffered insulating ferroelectric materials is typically dominated by one of four 

mechanisms: Schottky injection, Poole-Frenkel hopping, Fowler-Nordheim tunneling, or 

space-charge limited currents54,173.  Schottky injection is the thermal emission of carriers 

over a Schottky barrier. The lowering of this barrier by image charges under the 

application of a bias leads to a 𝐼 ∝ 𝑒−𝑎𝑉1 2⁄  dependence (α is a constant at fixed 

temperature).  Poole-Frenkel hopping is the thermally or field activated carrier hopping 

between traps and has the same voltage dependence as Schottky injection.  However, the 

two can be distinguished either by the temperature dependence or the IV curve 

asymmetry (Schottky is generally asymmetric).  Space charge limited conduction (SCLC) 

is the limitation of current by the build up of space charge and has a power law 

dependence 𝐼 ∝ 𝑉α where α is a constant which generally lies between 3/2 and 2174,175.  

Fowler-Nordheim tunneling is the tunneling through a potential barrier such as a 

Schottky junction or the rapidly decaying potential at the apex of a sharp probe23 and has 

an 𝐼 ∝ 𝑉2𝑒𝛼 𝑉⁄  dependence176.  Over short ranges or at the limit of very small barriers 

(α→0) FN tunneling mimics the IV characteristics of SCLC and the two can be difficult 

 

Fig. 5.4 Ferroelectric Hysteresis in TEM 
(a) The area of polarization switching is determined directly from TEM images.  The voltage is linearly increased 
from -10V to 10V (panels 1-4) then decreased back to -10V (panels 4-6) in a total of 20 s.  The domain width is 
highlighted by the yellow arrow.  (b) The P-E hysteresis loop determined from the projected domain size.  Several 
selected data points in the loop are labeled with the corresponding images in (a).  Point 3 depicts a region where 
the right domain wall is momentarily pinned before expanding to its final size in panel 4.  Backswitching begins at 
a much smaller bias (5) and occurs more rapidly than the initial switching (1). 
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to distinguish.  However, SCLC is the more commonly reported mechanism in 

ferroelectric films.  These four conduction mechanisms are not mutually exclusive and 

can dominant at different voltage regimes within a single specimen54,177,178. 

IV curves taken in situ from bias between the tungsten probe/BiFeO3/La0.7Sr0.3MnO3 

structure are shown in Fig. 5.5.  Both the positive and negative branches are 

approximately symmetric and follow a power law 𝐼 ∝ 𝑉𝑘 where k≈2, as highlighted by 

the dashed fit lines on the linear and log-log plot (Fig. 5.5a inset).  The power law 

behavior suggests conduction is bulk limited by SCLC174.  A similar power law was 

observed on large 20 µm electrodes ruling out FN tunneling at the tip/surface and it is 

extremely unlikely that given the asymmetry of the electrodes that FN tunneling through 

Schottky junctions would be symmetric.  Further, many curves exhibit a sharp jump at 

low voltages indicative of crossing the trap filling voltage which is characteristic of 

SCLC.  Comparative IV curves using two different probe metals: Tungsten and 

Platinum/Iridium are shown in Fig. 5.5b.  Both metals show identical trends offset by a 

small linear scaling which is attributable to dissimilar contact areas between the two tips.  

The insensitivity to surface contact further suggests a bulk-limited conduction method, 

i.e. SCLC or Poole-Frenkel hopping, of which only SCLC fits the observed voltage 

dependence.  Unfortunately, bulk-limited conduction also prevents electrical 

characterization of the electrode interface by IV measurements. 
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Fig. 5.5 Current Conduction of BiFeO3 Films & Electron Beam Insensitivity 
(a) Current vs. Voltage curves of the surface probe/BiFeO3/La0.7Sr0.3MnO3 heterostructure.  Both the positive and negative branches fit a power law function (dashed 
lines).  The conduction current is insensitive to the TEM imaging electron beam shown by IV curves under illumination (yellow) and in the dark (blue). (b) Multiple 
overlaid comparative IV curves using two surface probe metals: Tungsten (blues) and Platinum/Iridium(oranges).  The symmetric power law trend which is insensitive to 
the surface metal suggests bulk-limited SCLC. 
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One frequent concern with TEM imaging is the influence of the high dose of electron 

radiation to the region under study.  Although the oxide films in this work are highly 

resistant to damage from the electron beam, some discussion is necessary concerning 

how the incident electrons might affect the electric fields across the sample and thus the 

switching data. The majority of the incident electrons scatter elastically, however a small 

percentage scatter inelastically causing ionization of the atoms.  This can lead to various 

forms of energy emission including secondary electrons, Auger electrons, and X-rays 

(see section 2.1).  For typical sample thickness and beam energies of TEM, this electron 

emission far exceeds the absorption of the incident electrons into the sample and causes a 

net positive charge to form which is neutralized by a steady-state influx of electrons from 

the surrounding area179.  The magnitude of this effect is extremely difficult to quantify 

since the ionization cross sections and the corresponding Auger electron conversion 

efficiencies have only been determined for the inner-shells which pertain to X-ray 

emission180.   These values are not known for outer orbitals of high Z elements (such as 

Bi and Pb).  To measure the effect of beam charging in the ferroelectric samples IV 

curves were taken under illumination and in the “dark” (see Fig. 5.5a).  Sample charging 

should manifest as a positive current offset due to a flux of electrons being extracted from 

the large-area buffer electrode to recombine with the holes formed by the beam.  There 

was no detectable difference in the IV curve between the two cases.  This means that 

carrier distribution as a result of charging is negligible compared to the electrode-injected 

and depletion effects and should not make any discernable contribution to the electric 

fields.  Furthermore, all switching was performed under parallel illumination so that all 

regions of the sample receive an identical electron flux and no charging gradients are 

present in the vicinity of the viewing region. 

Ferroelectric films were grown by two different methods: molecular beam epitaxy and rf 

sputtering.  The defect chemistry of thin films is known to vary with processing 

conditions and growth method as demonstrated by cathodoluminescence studies of 

BiFeO3
181.  MBE in particular is sensitive to off-stoichiometry182 which can drive up the 

leakage currents183.  To compare the electrical quality of the sputtered and MBE films, IV 
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curves were taken of each type (Fig. 5.6a) using the same tungsten tip (Fig. 5.6b) to 

guarantee identical surface contact area.  The leakage current of the MBE film is only 7.4 

times that of sputtered films and follows the same ~V2 trend suggesting an identical 

conduction mechanism: either space charge limited conduction or (unlikely symmetric) 

Fowler-Nordheim tunneling across the junctions.  In the former case, a thickness (d) 

dependence of d-3 corresponds to conductivity in the MBE films 59 times that of the 

sputtered films.  In the latter case, there is no thickness dependence so the conductivity is 

7.4 times that of the sputtered films.  Although sputtered films showed better electrical 

qualities, they typically have less regular domain structures and inhomogeneous strain 

contrast (Fig. 2.7).  For switching studies in particular, the MBE grown films were found 

to have a much simpler monodomain structure and better suited to study nucleation from 

a single-domain region.  The difference in conductivity of only one order of magnitude is 

small enough that film degradation and MBE-specific switching behavior are not a 

concern and so MBE films were used.  PbZr0.2Ti0.8O3 films were all grown by sputtering. 

 

 

5.2.5 Contact Stress 

 

Fig. 5.6 Conduction vs. Growth Method 
(a) Comparative current vs. voltage curves for the tungsten probe/BiFeO3/electrode heterostructure of MBE and rf 
sputter-grown films.  (b) The same tungsten probe was used for both samples to guarantee ~identical surface 
contact areas. 
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All switching experiments were performed with the probe in physical contact with the top 

surface of the film.  Since diffraction contrast images are very sensitive to strain the 

contact stresses are kept very small but they are non-zero.  The tip was located at the 

sample surface within 2 nm (the step size used for the normal axis positioning piezo).  

Given a worst case scenario of a 2 nm indentation, and assuming the tip as a uniform 

circular plane (r = 30 nm) of constant applied pressure into an isotropic elastic half-space, 

the applied pressure can be determined from184: 

Where uz=2 nm is the displacement, ν=.35 is Poisson’s ratio, p is the applied pressure, 

and E=63 GPa is the modulus of elasticity.  The 2-D normal strain distribution from a 

uniform line traction at this pressure takes the form184: 

where θ1 and θ1 are the angles from the two edges of the indenter to the given coordinate.  

For the 2 nm indentation of PZT this distribution is shown in Fig. 5.7a.  The normal stress 

in the 3-dimensional case using the same uniform pressure on a circle of r=30 nm has the 

depth profile at the tip center184: 

Including the tangential stress: 

and using Hooke’s law the depth profile of the strain is shown in Fig. 5.7b.  The 

polarization which results from the flexoelectric contribution depends on the strain 

gradient which is shown in Fig. 5.7c. A flexoelectric constant for PZT of f = 0.5 µC/m 

and a dielectric constant εr = 20,000, both from ref 185, are used to determine the induced 
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polarization.  This polarization is generally expressed as an “equivalent field” or the 

electric field to induce the same polarization from the linear dielectric response: 

where E is the electric field, P is the polarization induced by flexoelectricity and εr is the 

relative permittivity.  The equivalent field is shown in Fig. 5.7d and ranges from –3.4 to 

1.4 MV/m.  The largest absolute value occurs at the tip contact point where the rough 

approximation of a uniform pressure is least accurate but this conservative value is still 

over an order of magnitude smaller than the other built-in fields derived later in this 

chapter.  Furthermore, a flexoelectric contribution should produce variation between 

experiments dependent on the contact pressure, which is not observed in our work.  Most 

importantly, flexoelectric effects would produce similar phenomenon in both PZT and 

BiFeO3 films which this chapter will also show is not the case.  Thus contact stress is not 

considered as a significant contribution in the work which follows. 

 

5.3 Switching of Rhombohedral BiFeO3 

Ferroelectric switching was performed on a (001) oriented 100 nm BiFeO3 film by 

applying a bias between the surface probe and grounded 20 nm La0.7Sr0.3MnO3 buffer 

electrode.  The bias results in an inhomogeneous out-of-plane electric field in the BiFeO3 

film promoting a transition amongst the eight possible <111>P polarization directions 

between the four “up” and four “down” orientation states.  Three types of switching are 

possible, classified by the angular rotation of the polarization vector during switching: 

71°, 109° or 180°.  A 71° reversal along the electric field direction is generally reported 

EP r ⋅= ε  5-5 

 

Fig. 5.7 Contact Stress, Strain, and Induced Polarization 
(a) 2-D distribution of normal stress underneath a uniform line distribution of pressure corresponding to a 2 nm 
surface deflection. (b) Normal strain at the tip center axis of a 3-D compressed elastic half space. (c) the strain 
gradient along the film depth. (d) The equivalent electric field corresponding to the flexoelectric induced 
polarization. 
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as the initial preferred switching direction52,80,186, although the strain induced by such 

ferroelastic switching paths can lead to gradual backswitching79 or further rotation to 

non-ferroelastic 180° switching80.  The character of the switching is particularly import 

for BiFeO3 since magnetoelectric coupling with an adjacent ferromagnet, such as the 

La0.7Sr0.3MnO3 layer, requires a ferroelastic switching path30. 

The dynamics of this switching process in thin films are only experimentally known for 

the lateral domain wall creep phase of growth.  Theoretical modeling of the switching in 

this geometry predicts a single nucleation event at the surface, the point of highest 

external field, after which the domain rapidly propagates across the film followed by 

slow lateral growth.  A phase field simulation of surface probe induced switching in a 

BiFeO3 film‡ is shown in Fig. 5.8.  The simulation is 128Δx × 128Δx × 32Δx cells in 

size, with a 14 Δx BiFeO3 film height and 14 Δx TbScO3. The external electric field is 

estimated as a Lorentzian function from a 4.7V bias with gamma equal to the film 

thickness, i.e. 100 nm, corresponding to a HWHM of 50 nm which is a close 

approximation to typical switching voltages and probe contact diameters in this work.  

Switching occurs by the 71° rotation of the normal axis from 𝑃[111] to 𝑃[111�].  The 

“needle domain” shape and rapid forward domain growth are due to the unstable charged 

domain wall at the leading edge of the propagating domain tip. 

                                                 
‡ Provided by collaboration with Dr. Long-Qing Chen  – Penn State 
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5.3.1 Primary Domain Switching 

Piezo-response force microscopy (PFM) of the MBE grown BiFeO3 films indicate they 

are predominantly upward poled.  Application of a dc positive bias leads to local 

switching shown by the out-of-plane PFM phase image in Fig. 5.9a for a probe bias of 

20.6 V with a 2 s dwell time.  The result is a circular downward poled domain (blue) 

~400 nm in diameter which agrees with the final structure of the phase field simulation. 

A cross-section of the same 100 nm BiFeO3 film was thinned to electron transparency 

and switched in-situ. Cross sectional TEM micrographs of the domain structure pre- and 

post-switching by a 4 V dc bias are shown in Fig. 5.9b.  A ~270 nm wide 𝑃[111�] domain 

forms from the initial 𝑃[111] state, corresponding to the same 71° switching path observed 

in the full film and predicted by the phase field simulation. The projected polarization 

direction was determined from polarization mapping125,145 (section 3.3).  The polarization 

along the optic axis was inferred to be unchanged due to the wide vertical domain walls 

(Fig. 3.8) which would correspond with smearing due to the (110) equilibrium plane of 

71° switching.  A change of polarization along the optical axis  would produce 109° 

switching with edge-on equilibrium domain wall planes along (010) which appear 

 

Fig. 5.8 Phase Field Simulation of Switching in BiFeO3 by a Surface Probe 
Time series from a phase field simulation of ferroelectric switching in a (001) BiFeO3 film equivalent to a 4V bias 
between a probe and buffer electrode in a 100 nm film.  Nucleation of a 71° rotated 𝑃[111�] domain from the 𝑃[111] 
host occurs at the free surface directly below the probe (2).  Growth proceeds rapidly along the film axis and 
expands slowly laterally. 
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atomically sharp (Fig. 3.7a).  Furthermore, there is little in-plane driving force and no 

anisotropy to account for switching along only one in-plane direction. 

 

The nucleation of ferroelectric domains occurs when the applied field exceeds a critical 

nucleation threshold, i.e. the coercive field, which is subject to regional variation from 

defects99. The high field concentration formed at the tip of the surface probe is generally 

assumed to dominate over any built-in electric fields, such as from Schottky junctions, 

and initiate switching at the free surface where the applied field is highest. However, a 

chronological series of TEM micrographs in Fig. 5.10a of 71° 𝑃[111] to 𝑃[111�] switching 

during a slow ramp of the DC probe bias from 0 to 4 V, clearly shows multiple nucleation 

events occurring exclusively at the bottom interface. Indeed finite element analysis of the 

out-of-plane electric field, EZ, for this tip geometry at 2 V bias (Fig. 5.10b) shows a 

strong field concentration at the free surface.  Hall measurements performed on non-

buffered 100 nm BiFeO3 films display an n-type conductivity. Inclusion of built-in 

electric fields from Schottky barriers of 0.85 V and 0.77 V from junctions of n-type 

BiFeO3 with La0.7Sr0.3MnO3 and Tungsten, respectively187, produces the EZ field 

 

Fig. 5.9 BiFeO3 switching by a Surface Probe 
 (a) An out-of-plane PFM phase image shows the reversed downward poled domain formed by application of a 
20.6 V bias to a probe on the surface of the thick 100 nm BiFeO3 film.  (b)  A thin cross sectional TEM image of 
the same film before and after switching by a 4 V bias.  Switching occurs by 71° rotation of the polarization 
beneath the tungsten tip. 
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distributions shown in Fig. 5.10c. There is a broad band along the La0.7Sr0.3Mn03 

interface where 𝑃[111�] nucleation is likely to occur due to a strong negative field (pointed 

toward the substrate), in agreement with TEM observations.  The electrical properties of 

the Schottky junctions could not be probed since conduction was bulk-limited by SCLC 

(section 5.2.4) however they are common feature of planar ferroelectric oxides54,111 and 

known to determine nucleation sites between symmetric planar electrodes in BiFeO3 

films186.  The relative strength and distribution of the built-in fields vary given 

assumptions about the Schottky barrier heights, the depletion width, and the electrode 

geometry.  An accurate model requires knowledge of the surface states at the 

probe/BiFeO3 junction.  Regardless, the field approximation in Fig. 5.10 and obvious 

interface nucleation shows that the built-in fields can be at least of the same order of 

magnitude as the tip field and cannot be neglected. 
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Fig. 5.10 71° Primary Switching of BiFeO3 
 (a) A chronological TEM dark field image series, g=(040)P depicts the evolution of a 𝑃[111�] domain in a single domain 𝑃[111] film.  Nucleation occurs at the 
La0.7Sr0.3MnO3 electrode interface at 0.9 V (1-3) producing a metastable stationary domain.  Additional bias increases the size and number of these domains up to 2.2 V 
(4).  At 2.2 V the domains merge and propagate forward just short of the surface (5) where they remain pinned along a (001) plane even after the voltage is nearly doubled 
(6).  (b) Normal component of the electric field from the surface probe.  (c) Normal component of the electric field including top and bottom Schottky junctions. (d) A 
ferroelectric hysteresis loop formed by the primary 71° switching as determined by the area of a switched domain. 
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The triangular domains that first nucleate at the La0.7Sr0.3MnO3 interface are metastable, 

increasing (compare Fig. 5.10a-3 to a-4) or decreasing their fixed size with the applied 

bias. Multiple nucleation events occur before a critical voltage of 2.2 V whereupon they 

coalesce and expand into a single domain which reaches its full forward extent within a 

single 30 ms data sample.  The triangular shape of these domains helps to minimize 

depolarizing fields as the domain walls orient closer to charge neutral (011) planes.  

During this low field region of thermodynamically limited switching, nuclei extend ~200 

nm laterally across the interface, over three times the contact area of the tip.  Such 

delocalization of switching under a localized field may be an important consideration for 

surface probe measurements.  More fundamentally this process is a departure from the 

kinetically-limited models used to describe ferroelectric switching54.  This is important 

for electrical characterization since the switching transient does not necessarily represent 

all of the switching current nor correspond to the actual nucleation bias. 

The metastable behavior indicates an intrinsic thermodynamic instability of the nuclei 

such as from positive built-in fields or an accumulation of strain which destabilize the 

domain away from the interface.  We do not see this behavior in similar nonferroelastic 

180° switching of tetragonal PbZr0.2Ti0.8O3 films suggesting that strain from ferroelastic 

71° switching is a contributing factor. Hysteresis loops measuring the switched domain 

area during cyclic switching under the probe have a strong positive voltage offset 

indicating there is also a positive built-in field (Fig. 5.10d).  The reduction of this offset 

during cycling (Fig. 5.11) suggests it may be the result of polar defects “imprinted” to the 

original 𝑃[111] polarization188 which disassociate during cycling.  An offset is also 

expected due to dissimilar electrode thermal histories and work functions (4.8 eV for 

La0.7Sr0.3MnO3
189 versus ~4.5 eV for polycrystalline tungsten190) but both effects favor 

the negative field Schottky junction and a negative shift.  It should also be noted that 

because the positive voltage branch switches by a nucleation event and the subsequent 

negative voltage branch backswitches by the shrinking of the switched domain an offset 

can result even in the absence of a built-in field since the critical field for nucleation and 

threshold field for the onset of domain wall creep need not be the same. 
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5.3.2 Interfacial Domain Switching 

The 71° polarization reversal accounts for the majority of the area beneath the probe and 

corresponds well with previous reports from surface probe measurements80.  The 

character of the switching at the ferromagnetic La0.7Sr0.3MnO3 buffer electrode is critical 

for magnetoelectric applications, specifically 71° or 109° switching must occur at the 

interface.  However, in-situ TEM switching shows there is a thin layer of film along the 

La0.7Sr0.3MnO3 electrode layer which undergoes an independent switching process from 

the primary domain.  A chronological TEM image series in Fig. 5.12a shows the domain 

structure evolution as the film is biased from -10 V to 20 V and back to zero.  At small 

positive bias long horizontal domains confined to the interface appear (see Fig. 5.12a-2) 

and increase in height with increasing bias. Ultimately a primary 71° switched 𝑃[111�] 

domain forms directly beneath the tip (Fig. 5.12a-3). Both the interfacial and primary 

domains persist after the bias is removed (Fig. 5.12a-4). Dark-field images formed from 

reflections of the (01l) planes (Fig. 5.12b) indicate that the interfacial domains (not seen) 

do not form the same ferroelastic twin with the unswitched region as the primary domain 

(bright). Polarization mapping from HAADF images confirm that the interfacial domains 

 

Fig. 5.11 Hysteresis Offset During Cycling 
Aging effects evidenced in sequential hysteresis loops.  The switched domain area of the BiFeO3 film is shown for 
two triangle wave switching cycles.    The third switching cycle, although it has the same features as the initial 
cycle, has a smaller positive voltage offset and a wider loop.  One explanation for this behavior is the 
disassociation of polar defects which were initially aligned to the as grown 𝑃[111] polarization and promote 
backswitching to this state.  The sample began at -10V and was given single triangle pulses, ramping up to 10V 
and back in 20 seconds with a ~15 second pause between cycles. 



 

97 

 

undergo a different non-ferroelastic 180° polarization rotation (see Fig. 5.12c).  The 

switching thresholds of the interfacial domains have a large negative voltage offset 

compared to the primary domain.  They have a lower nucleation bias and form several 

hundred nanometers away from the tip. In contrast they require much larger negative 

voltages to erase due to the need to overcome the negative field in the Schottky junction 

where they are located.  
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Fig. 5.12 180° Interface Switching of BiFeO3 
 (a) A chronological TEM image series of the 𝑃[111] BiFeO3 cross section as the voltage increases from -10 V to +11.9 V (1-3) and back to zero (4) formed from g=(040) 
diffraction of the vertical planes and (b) g=(044�) diffraction of inclined planes. 180º rotated 𝑃[111�����] interfacial domains and a 71º rotated 𝑃[111�] primary domain appear 
sequentially, shown by the accompanied schematics.  (c) A high-resolution Z-contrast image shows the polarization distribution at the edge of an interfacial domain where 
the color and its intensity correspond to polarization angle and magnitude respectively.  The inset figure is an example of a point defect located at the domain wall. 
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The lateral edges of the interfacial domains are charge neutral (011) 180° domain walls. 

However, the nominally (001) horizontal domain wall is unfavorable due to its negative 

charge from the tail to tail polarization vectors.  Its graded appearance indicates that it is 

not a sharp (001) boundary but is inclined or corrugated to reduce the depolarizing field. 

Despite the energy cost of this domain wall, the interfacial domains exhibit long term 

stability (>6 months and ongoing).  While the interfacial domains and primary switched 

domain do not overlap in Fig. 5.12a,b, Fig. 5.13 shows a region with an interfacial 

domain directly beneath the tip prior to switching (Fig. 5.13a).   The subsequent 

formation of the primary 71° domain does not consume or otherwise alter the interfacial 

domain except to create a sharper (001) domain wall since the domain wall charging is 

absent (see Fig. 5.13b).   
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The persistence of non-ferroelastic 180° switched regions at the interface is problematic 

for magnetoelectric applications since this does not correspond to a change in the 

polarization axis and therefore the antiferromagnetic ordering.  Further, the presence of 

these small interface domains is unlikely to show up in PFM because of their small 

volume or in X-ray since they are essentially isostructural. 

5.3.3 Domain Pinning 

 

Fig. 5.13 Polarization Maps of Coincident 71° and 180° Switching 
A region of 𝑃[111] BiFeO3 film is switched in the vicinity of a 180° 𝑃[111�����] interfacial domain.  (a) The interfacial 
domain appears as a dark band on the right half of the dark field TEM image, g=(044), as shown in the 
corresponding diagram.  (b)  A 𝑃[111�] domain formed by subsequent switching of this region with the left side 
pinned mid-film producing a negatively charged domain wall.  Polarization maps from the highlighted regions 
show there is (d) a single 𝑃[111�] polarization at the pinning boundary and that (d) the 𝑃[111�����] domain remains at the 
interface. 
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The vertical extent of the interfacial domains depends on the voltage history as shown by 

Fig. 5.12a, however the lateral edges of the interface domains are fixed and found to 

contain a high density of point defects.  HAADF images of two inclined 180° domain 

walls show are shown in Fig. 5.14 and despite obvious smearing of the B-site Fe position 

in parts of the images the polarization maps (inset) indicate identical domain structures.  

In the two domain walls there are at least three defects highlighted in red.  The left 

domain wall has a dark region at the oxygen site suggesting one or more oxygen 

vacancies.  The boxed region highlights a large vertical displacement of adjacent Bi 

atoms possibly due to an interstitial. The right domain wall contains a heavy element 

substitution in the Fe site (also shown inset in Fig. 5.12).  Both of these 180° domain 

walls lie on the equilibrium (01�1) planes and are neutrally charged, thus their interaction 

with the point defects is likely not electrostatic but due to local strain fields.  It is 

unknown whether these defects act as nucleation or pinning sites or if they migrated to 

the domain wall post-switching.   

 

 

While it is speculative whether the observed defects act as pinning sites for the interface 

domains, in-situ switching of BiFeO3 shows frequent examples of clear domain wall 

 

Fig. 5.14 Defects at Interfacial 180° Domain Walls 
Two examples of the inclined edges of the interfacial domains which show apparent point defects in the respective 
HAADF STEM images.  At left there is a dark region indicating vacancies or a lighter element substitution in the 
Fe or O positions.  The rectangular region inset highlights a very large vertical displacements of two neighboring 
Bi atoms which may correspond to an impurities at either the oxygen or interstitial sites along this column (black 
arrow).  At right there is a heavy element at the B-site, most likely a Bi substitution for Fe. 
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pinning.  Notably, switching of the primary domain often does not extend the full width 

between the two electrodes.  Despite the high energy negatively charged domain wall that 

is created from the tail-to-tail alignment of the polarization, the forward propagating 

domain becomes pinned midway through the film leaving the top layer unswitched such 

as the switched region in Fig. 5.10a and the left-hand sides of Fig. 5.12b and Fig. 5.13b.  

This behavior points to pinning by fixed (at least on short time scales) planar defects such 

as ordered planes of point defects.  This is supported by the repeatability of the pinning 

planes (see Fig. 5.15) but their inhomogeneous distribution throughout the sample. 

 

  No structural defects are visible in the TEM images and thickness maps do not show 

any significant variation between pinned and fully switched regions which could 

otherwise account for the pinning (Fig. 5.16).   

 

Fig. 5.15 Cyclic Pinning of a Primary Domain in BiFeO3 
The BiFeO3 film is subjected to a series of cyclic square-wave switching pulses corresponding to the voltage-time 
curve shown at the top right.  The parallel images from adjacent switching events (3,4 vs 6,7) show identical 
responses.  The position of the switched domain is the same corresponding to a fixed pinning site.  The dark field 
images were formed using g=(400) planes. 
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Surface defects have been reported to pin lateral domain creep186 so AFM was performed 

on the prepared surface of a TEM sample.  A much thicker 800 nm BiFeO3 film† grown 

on bare TbScO3 was used due to the lower resolution of PFM.  An optical image of the 

cross section sample under study prepared according to section 2.2.1 is shown in Fig. 

5.17a.  AFM and PFM scans could not be performed at the fragile electron-transparent 

edge of the sample but were instead performed at the region highlighted.  The AFM and 

PFM images of the BiFeO3 film in this region are shown in Fig. 5.17b and Fig. 5.17c 

respectively. The presence of the BiFeO3 layer is clear from the oscillating domain 

structure in the out-of-plane PFM image (Fig. 5.17c) formed in response to the 

depolarizing fields from the insulating TbScO3 surface.  The surface topography in this 

region does not have any systematic steps along the (001) planes which could account for 

the observed pinning on these planes (Fig. 5.17b). 

                                                 
† Provided by collaboration with Dr. Chang-Beom Eom – University of Wisconsin - Madison 

 

Fig. 5.16 Thickness Map of the Switching Region in BiFeO3 
(a) A (t/λ) thickness map of the switched region from Fig. 5.13b – shown again here in (b) where t is the thickness 
along the electron beam and λ is the mean free paths between plasmon scattering events.  The thickness map was 
acquired and calibrated according to section 5.2.2.  The result is real-value thickness map from which profiles 
across the pinned (blue) and unpinned (red) regions are shown in (c).  There is no discernable difference in 
thickness profiles between the two regions. 
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Lastly we confirmed that the film is still ferroelectric and that the switched domain is 

thermodynamically stable beyond the pinning site by overcoming the pinning barrier with 

the application of larger bias and/or by repositioning the probe. After exclusion of these 

other possible causes, by process of elimination the likely source of this pinning is from 

ordered planes of vacancies and/or defect dipoles which are common in perovskite 

films188,191, especially those grown by molecular beam epitaxy181.  These types of defects 

are difficult to image directly, especially those involving oxygen vacancies or complexes 

since the scattering cross section is too small for detection in the HAADF images.  Given 

the known influence of oxygen on ferroelectric fatigue54,60 and the propensity for oxygen 

vacancies to form ordered planes192 these results are almost certainly a direct 

visualization of an oxygen vacancy domain pinning process.  Since fatigue remains one 

of the major shortcomings of long-term ferroelectric device functionality, this provides an 

excellent platform for future fatigue-failure studies.  The fact that this pinning occurs 

along the normal axis is additionally problematic since, like the 180° interface switching, 

it prevents full ferroelectric switching to the interface. 

 

Fig. 5.17 Surface Topography of the BiFeO3 TEM Sample 
(a) An optical microscope image of the prepared cross-section TEM sample.  The region used for SPM scanning is 
highlighted (white dashed rectangle-not to scale).  (b) AFM image of the surface topography and horizontal in-
plane (blue) and vertical normal axis (red) line traces show no topological defects to account for pinning.  (c) out-
of-plane PFM image of the same region as (b) clearly demarcates the BiFeO3 film and TbScO3 substrate regions. 
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Domain wall pinning was also observed by entanglement of domain walls.  Such domain 

wall pile ups are often cited as contributing to switching fatigue62.  In Fig. 5.18 switching 

occurs by 180° rotation, nucleating from a region of electrically degraded film directly 

below the tip (left side of image) and propagating outward (to the right).  A preexisting 

109° domain wall pins the inclined 180° domain wall.  The two remain together until the 

opposite switching branch when a 180° domain wall of opposite sense propagates 

outward and annihilates with the pinned domain wall. 

 

5.3.4 Conclusions 

The observed ferroelectric switching, while it may appear by other characterization 

methods as a conventionally understood 71° single domain switching process, is found to 

be more complex. In particular, reversible switching at the interfaces is impeded by both 

near-interface switching and domain pinning which is of particular consequence for 

 

Fig. 5.18 Domain Wall Entanglement 
A chronological image series of cyclic switching by a 80Vpp triangle wave depicts pinning of the switched domain 
on a preexisting 109° domain wall (right side of image).  (2) At negative bias a 180° switched domain nucleates 
from a degraded region of the film and propagates outward.  It becomes pinned by a preexisting 109° domain wall 
(4,5).  At positive bias a reverse sense 180° nucleates and propagates outward (6,7) and annihilates with the pinned 
180° domain wall (8)  
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heterostructures dependent on the ferroelectric interface state such as the BiFeO3/ 

La0.7Sr0.3MnO3 film stack studied here.  Film orientations which favor single strain-free 

switching paths such as (001) tetragonal or (111) rhombohedral ferroelectrics may avoid 

some of this complexity, but this is not possible for heterostructures such as this one 

which require ferroelastic switching87.  We have also found that significant contributions 

by built-in electric fields lead to a large delocalization of switching from the tip, 

especially the formation of interfacial domains. The energetics favoring the nucleation 

and growth of 71° domains despite the presence of favorably oriented yet oddly immobile 

preexisting 180° domains is unknown.  Future studies on the interface structure and its 

effect on switching or the inclusion of additional electrostatic contributions such as from 

inhomogeneous space charges, depolarizing fields from finite screening and flexoelectric 

effects may help elucidate this behavior. 

5.4 Switching of Tetragonal PbZr0.2Ti0.8O3 

In-situ TEM switching was performed on (001) epitaxial 100 nm films of the 

commercially prominent ferroelectric PbZr0.2Ti0.8O3.  At this composition it adopts a 

tetragonal structure with six degenerate <100> polarization directions.  A weak 

compressive strain from the (110)O DyScO3 substrate results in a c-axis oriented film 

yielding two possible polarization directions, upward to the free surface (𝑃[001]) or 

downward to the substrate (𝑃[001�]).  The SRO electrode partially screens the depolarizing 

fields but introduces a space charge layer in the form of a Schottky junction with a field 

along the film normal (E || [001]) promoting an upward polarization (𝑃[001]) at this 

interface. In bulk films, application of a surface probe bias results in a local reversal of 

the polarization in the film normal axis, aka 180° switching, between upward 𝑃[001] and 

downward 𝑃[001�] states.  This is shown by out-of-plane phase and amplitude PFM images 

of the edge of a switched region (Fig. 5.19a,b).  The 180° switching can be discerned 

from the large and equal amplitudes of the piezoresponse on either side of the domain 

wall but a large phase difference. 
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5.4.1 Domain Switching 

Local nanoscale switching carried out in-situ in thin TEM cross sections of the 

PbZr0.2Ti0.8O3 film is also determined to be 180°.  An example dark field image of a 

switched region is shown in Fig. 5.19c.  A polarization mapped section of the right-side 

domain wall of the switched region is shown in Fig. 5.19c. confirming a 180° domain 

wall. 

The domain formation process along both switching directions was analyzed by real-time 

TEM imaging of the domain structure under a cyclic 0.1 Hz 18 Vpeak-peak triangle wave 

bias.  This region of the PZT film was pre-poled into the 𝑃[001] state after which a voltage 

ramp from 0 to 9V was applied.  The “negative” switching branch, i.e. formation of a 

P[001�] domain by application of a negative electric field via a positive tip bias is shown in 

Fig. 5.20a. The outward progression of the domain area from a nucleation site at the top 

surface is shown by a time-series of domain outlines accompanied by corresponding 

 

Fig. 5.19 180° Switching by Probe Bias in PbZr0.2Ti0.8O3 
PFM images showing 180° domain walls written in lithography mode with a voltage bias of +17.5 V (yellow) and 
–17.5 V (red). (a) The overlay of PFM phase on the amplitude, indicating a 180° rotation. (b) PFM amplitude 
image overlaid on surface topography shows the independence of the domain wall position (blue) from the surface 
contours. (c) Dark field in-situ TEM image showing the geometry of the tungsten tip-PZT-SRO heterostructure. A 
switched domain corresponding to a 180° rotation of the polarization appears with a darker contrast in this imaging 
condition with g = (202). The polarization direction is indicated by arrows. (d) A sub-Å resolution HAADF image 
overlaid with its polarization angle, revealing a 180° domain wall. 
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TEM images for the labeled 69 ms, 414 ms, and 1345 ms cases.  Onset of the P[001�]

 domain nucleation occurs at 0.4 V bias and initially proceeds by rapid growth 

along the applied field direction.  Prior to reaching the opposite interface the domain 

maintains a characteristic “needle” geometry, tapering to a point in order to reduce the 

area of the charged head-to-head domain wall at the leading edge.  After reaching the 

opposite interface the tapering of the domain walls, which produces small positive 

surface charge, relaxes to the vertical equilibrium (100) planes as they slowly propagate 

outward to a final domain width of ~250 nm. 
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Fig. 5.20 Cyclic Ferroelectric Switching Dynamics in PbZr0.2Ti0.8O3 
This region of the PZT film, prepoled to 𝑃[001], undergoes cyclic switching using an 18 Vp-p triangle wave. (a) The negative and, (b), positive switching branches are shown 
by contour plots of the domain outline versus time with selected corresponding TEM images shown below. During the negative branch a 𝑃[001�] domain nucleates at the top 
surface and expands to a final width of ~ 250 nm.  On the subsequent positive branch 𝑃[001] domains nucleate at the bottom interface and expand across the film in a single 
timestep. (c) Domain wall velocities for the negative switching branch along the vertical and lateral directions. (d) Vertical and lateral domain wall velocities for the positive 
switching branch. (e) A ferroelectric hysteresis loop of domain area vs. bias for the switching cycle containing (a) and (b). 
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For the subsequent “positive” switching branch shown in Fig. 5.20b, where the voltage is 

ramped from 0 V to -9 V, a P[001] domain is formed within the previous P[001�] domain 

but with very different kinetics than during negative switching.  The nucleation of 

multiple P[001] domains occurs simultaneously at the bottom interface directly below the 

tip at -4.8 V after which the domains coalesce and expand to almost their full extent 

within a single 34 ms timestep.  In addition to this nucleated domain, there is a retreat of 

the rightmost edge of the surrounding 𝑃[001�] domain creating an additional region of 

P[001] formation labeled on the right side in Fig. 5.20b.  Limited lateral domain growth is 

observed, primarily on the right side, but it does not fully consume the surrounding  

𝑃[001�] domain resulting in incomplete backswitching.  The vertical and lateral domain 

wall velocities, determined by the forward edge and the mid-film domain wall position 

respectively, are shown for the two switching paths in Fig. 5.20c,d.  Vertical switching 

during the positive branch is a minimum of 3.6 times faster than the negative branch, 

however this trend is reversed for the lateral creep rates which favor the negative 

switching branch.  These two processes were repeatable during subsequent switching 

cycles. 

The corresponding ferroelectric hysteresis loop for these switching events is shown in 

Fig. 5.20e determined from the switched domain area (section 5.2.3).  There are three 

obvious asymmetries in the hysteresis loop:  First, there is a horizontal shift of –2.2 V, 

corresponding primarily to a built-in electric field, and second, there is a vertical shift due 

to incomplete back switching.  Third, as expected from the observed switching speeds, 

there is a large disparity in the slopes of the positive and negative switching branches.  

The translational offsets of the hysteresis loop are primarily the result of random-field 

defects which can depend on the sample history193.  Specifically, a portion of the 

observed loop translation is attributable to charged surface adsorbates and polar defects188 

which have aligned to the as-grown 𝑃[001�] state, known as aging.  This effect favors the 

original 𝑃[001�] orientation, leading to a negative horizontal shift, and is a likely source of 

the incomplete backswitching. 
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The primary contribution to the asymmetry in the nucleation site and nucleation bias is 

the built-in electric fields formed by Schottky junctions at the ferroelectric/electrode 

(semiconductor/metal) interfaces186 owing to the differences between the larger work 

functions of SrRuO3 and tungsten electrodes than the electron affinity of PZT194,195.  The 

depletion of holes in p-type PZT near the electrodes (diagram in Fig. 5.21a) produces 

built-in electric fields (Ebi) which reach their maximum at the interfaces (black line in 

Fig. 5.21b).  Given energy barriers for the W/PZT and SRO/PZT junctions of 1.3 V and 

0.9 V respectively190,196,197 and assuming homogenous doping and full carrier depletion 

this corresponds to a doping concentration in a 100 nm film in excess of ~5×1019cm-3 

according to198: 

where Wd is the depletion width of a Schottky junction, εr is the relative permittivity, ε0 

permittivity of free space, q is dopant charge, e is the elementary charge, and Nd is the 

dopant concentration.  Here the dopant concentration is solved for the reach-through 

condition or Wd1 + Wd2 = 100 nm.  While this choice is somewhat arbitrary, uncertainty 

in the actual built-in voltages, the dopant concentration, and the dopant distribution 

prevents any sort of exact solution – and full depletion of a 100 nm film is not an 

unreasonable assumption.  In this case the built-in fields are −47.6 MV/m at the W/PZT 

interface and 39.6 MV/m at the SRO/PZT interface.  Under an external field (Eext), which 

for simplicity we momentarily assume to be homogenous, the total electrical field Etotal = 

Ebi + Eext results in the largest positive field (favoring 𝑃[001]) to occur at the PZT/SRO 

interface and the largest negative field (favoring 𝑃[001�])  at the PZT/W tip, which 

corresponds exactly with the observed nucleation sites.  In reality Eext from the W tip 

decreases rapidly with distance from the contact point so the curves in Fig. 5.21b will 

instead appear more as illustrated in Fig. 5.21c.  In the case that the brief room 

temperature W/PZT contact does not reach chemical equilibrium and fully form the 

predicted Schottky junction, the tip enhanced electric field still explains the single site 

P[001�] domain nucleation at the surface probe contact point. 
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The asymmetry in switching speed between the positive and negative branches can also 

be ascribed to the built-in fields at the interfaces.  Maksymovych et. al. have correlated 

asymmetric piezoresponse hysteresis loops in ferroelectric BiFeO3 films to random-field 

defects, including built-in junction potentials199.  Notably, they show that random-field 

defect induced reduction in nucleation bias also corresponds to a decrease in the 

switching speed.  This can be intuitively explained in the context of the slow switching 

observed here during the negative branch whose total electric field resembles the red 

curve in Fig. 5.21c.  At the time of nucleation, the electric field exceeds the coercive field 

only at the interface but rapidly decreases with depth, crossing zero mid film below 

which the domain is not thermodynamically favored.  The domain wall velocity is 

dependent on the applied electric field, so its velocity can be expected to decrease quickly 

after nucleation, which is born out in a vertical domain wall velocity graph in Fig. 5.20c.  

The forward propagation of the domain is momentarily halted between the 3rd and 4th 

timesteps possibly a result of collision with the zero field crossover. The positive branch, 

in contrast, has an electric field profile shown by the blue curve in Fig. 5.21c.  At the time 

of nucleation the domain is thermodynamically stable through the entire film thickness so 

switching is rapid.   

5.4.2 Domain pinning 

The role of single defects can be explored in this cyclic switching data by making use of 

the presence of an interior segment of a threading dislocation off center to the tip contact 

 

Fig. 5.21 Field Distributions in the W-PZT-SrRuO3 Structure 
(a) A schematic of the distribution of space charge corresponding to the formation of two depletion regions and (b) 
the corresponding built-in electric field (black line labeled Ebi) formed by the Shottky junctions.  Additional 
external fields Eext add to Ebi.  The largest positive field and negative field occur on opposite interfaces 
preferentially nucleating up and down domains respectively. (c) The electric-field accounting for the tip-effect on 
the external electric field. The red curve: bias of +1.3 V and the blue curve: bias of -6.1 V. 
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(see inset in Fig. 5.22a).  The lateral expansion of both the 𝑃[001�]  and 𝑃[001] 

domains in the previously discussed switching branches interact with this dislocation 

during their respective switching cycles.  A HAADF STEM image of the threading 

dislocation in Fig. 5.22b shows the distorted region which is bounded by two misfit 

dislocations with the Burgers vectors of <100>a.  Fig. 5.22c shows the Fourier-filtered 

image restricted to information from the (h00) reflections with the dislocation cores 

labeled.  They are shown magnified in Fig. 5.22d (top) and Fig. 5.22e (bottom).  The 

influence of this defect on the domain wall can be observed by comparing the lateral 

domain wall velocities of the left and right domain walls during the negative switching 

branch (Fig. 5.20c and Fig. 5.22a).  When the left domain wall nears the dislocation there 

is a sudden spike in the domain wall velocity to 300 nm/s as it jumps toward the defect 

position, manifested as a bright red band in the velocity map in Fig. 5.22a and as a sharp 

peak in the inset lateral velocity vs. time graph.  There is no corresponding spike 

mirrored on the right edge of the expanding domain, ruling out a change in bias or 

surface contact.  For 233 ms after the spike, the domain wall velocity lies in a trough, 

never exceeding 50 nm/s, which is manifested as a dark band left of the dislocation.  This 

initial attraction towards and resistance past the dislocation loop indicates a weak pinning 

of the 180° domain wall to the defect.  The regions of compressive and tensile stress are 

mirrored by the pair of dislocations and cancel when averaged along the domain wall 

plane ruling out significant net piezoelectric or flexoelectric effects.  The vertical 180° 

domain wall itself is neither ferroelastic nor charged, precluding strong elastic or 

electrostatic interactions with the dislocation.  This suggests that the pinning is the result 

of an energy reduction by having coincident regions of disorder. 
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Fig. 5.22 Domain Wall Velocities and Defect Pinning 
(a) A contour map of the domain outline at each time step with the color corresponding to the domain wall velocity.  Line profiles for the initial vertical velocity and lateral 
velocity versus time of the left domain wall are overlaid.  In both cases a pinning event is highlighted by a white arrow. (b) A HAADF image of a defect (labeled in the inset in 
a) corresponding to the pinned region of the lateral domain wall. (c) The same image filtered in Fourier space (see inset) by including only the (200) lattice planes. The labeled 
<100>a dislocation cores are magnified in (d) and (e). 
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Defect pinning is further demonstrated by the positive branch of the switching cycle. The 

left edge of the backswitched 𝑃[001] domain is consistently coincident with the dislocation 

(see Fig. 5.20b).  This pinning manifests in a clear disparity between the lateral velocities 

(see Fig. 5.20d) and the degree of switching reversal of the left (pinned) and right domain 

walls.  The strength of the pinning is potentially larger during this positive branch since 

the domain walls are heavily inclined, causing them to be positively charged due to head-

to-head polarization vectors normal to the domain wall.  This allows for additional 

electrostatic interactions with ionized dopants or polar defects that may have diffused to 

the dislocation core. While 180° switching is typical of c-oriented tetragonal ferroelectric 

materials, stronger defect pinning through elastic interactions would be expected from 

ferroelastic switching paths such as 90° switching in a tensile strained film or from 71° or 

109° switching in a rhombohedral ferroelectric.  Despite the proximity of the dislocation 

to the tip, nucleation and growth kinetics appear to be dominated by the respective 

interfaces.  Especially on the negative branch, the presence of a defect on one side of the 

domain does not appear to produce a significant lateral domain asymmetry.    The large 

regional variations observed in switching kinetics are therefore likely due to interface 

effects, either from surface defects modifying the local nucleation energy or 

heterogeneous screening and/or doping modifying the local built-in fields. 

5.4.3 Domain Size Effect & Retention Failure 

During the positive switching cycle in section 5.4.1 the 180° 𝑃[001]||𝑃[001�] domain walls 

are significantly inclined from the equilibrium (010) planes forming trapezoidal domains 

(Fig. 5.20b).  This orientation is metastable and relaxes back to the (010) planes after 

removal of the bias.  This section will show that the instability of the switched domain 

wall can lead to backswitching when the domain width is too small.  This is a new mode 

of retention failure which is generally ascribed to a thermodynamic instability of the 

switched domain itself.  Such behavior is important for high density memory applications 

since it would impose a lateral size limitation on a stable memory bit. The results in this 

section suggest that even thermodynamically favored domain orientations are still subject 

to retention loss, which must be mitigated by overcoming this critical domain size.  
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A time series of a 𝑃[001] domain (light) formation and subsequent backswitching from an 

initial 𝑃[001�] region (dark) under a positive-field is shown in Fig. 5.23a-d. The images 

correspond to the negative voltage cycle of a 0.1 Hz, 18 Vpeak-to-peak triangular wave. The 

corresponding hysteresis loop is shown in Fig. 5.23e determined by the domain volume 

(section 5.2.3). Formation of a P[001] domain occurred at –6.6 V during the initial 0 V to –

9 V ramp and remained stable until ~–5.5 V of the returning –9V to 0V ramp (Fig. 

5.23b). Further reduction in the voltage resulted in the rotation of the domain wall 

towards the equilibrium (010) plane as shown in Fig. 5.23c. This leads to the annihilation 

of the two opposing domain walls and the complete backswitching of the 𝑃[001] domain 

(Fig. 5.23d).  

 

The formation of a 𝑃[001] domain can be stabilized by an increase in the domain size 

using a larger magnitude and/or longer duration of applied voltages. A time series of the 

domain structure from the same region of film under longer duration switching is shown 

in Fig. 5.24. The initial domain structure is identical (Fig. 5.24b). However, the longer 

 

Fig. 5.23 Polarization Retention Loss in a Small Switched Domain 
Continuous image sequence of domain evolution in PZT film under linear 0- (–9) -0 V voltage ramps. The time 
elapsed (in seconds) and bias (in volts) are marked in the figures. (a) The initial domain was polarized downward 
(𝑃[001�]). (b) An upward polarized domain (𝑃[001]) has formed at a bias –6.6 V with a triangular shape. With the 
decrease in voltage, this domain (c) shrinks by the rotation of the inclined domain walls to their vertical 
equilibrium positions and (d) finally switches back completely. (e) The polarization hysteresis loop calculated by 
the projected domain area of the 𝑃[001] domain as a function of the applied bias. 
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switching time allows for slow lateral expansion of the 𝑃[001] domain (Fig. 5.24c-d). 

Upon removal of the applied voltage the relaxation of the domain walls no longer brings 

them into contact (Fig. 5.24e), but rather results in only a reduction in domain size as the 

domain walls acquire typical equilibrium vertical 180° domain orientations (Fig. 5.24f). 

 

According to first-principles calculations the 180° domain walls in PZT along the low 

energy {100} planes have energy densities of about 130 mJ/m2 43. However, the highly 

inclined orientations formed under applied electric field, observed in Fig. 5.23 and Fig. 

5.24, results in positive bound charges from the head-to-head orientation of the 

polarization vectors normal to the domain wall plane (Fig. 4a). Given the incline θ=55° 

from Fig. 5.23b, the bound charge density from the termination of each of the 

polarization directions at the domain wall (cosθ PS) is 0.57PS, where PS is the 

spontaneous polarization.  This gives a total charge density of 1.14PS which exceeds even 

the surface charge density of the film (PS).  Given an approximate value of PS=70µC/cm2 

82,83, this corresponds to a charge density of 80µC/cm2 or an equivalent density of 

5.0 ∙ 1014cm-2 elementary charges.  This charge makes the orientation of the domain 

walls metastable, leading to spontaneous relaxation to {100} planes after the bias is 

 

Fig. 5.24 Partial Retention Loss in a Large Switched Domain 
(a) Original polar state is downward. (b) A triangular 𝑃[001] domain is created at –5.4 V bias with inclined domain 
walls. (c-d) With increase of the amplitude and duration of the voltage, the domain laterally expands into a 
trapezoidal shape. (e) The inclined domain walls relax after removal of the bias reducing the switched area and 
forming (f) a rectangular stable domain. 
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removed and a shrinking of the switched domain area.  For small domains where the apex 

of these two walls meet to form a triangle shaped domain, as in Fig. 5.25a, the 

backswitching leads to a complete reversal of polarization within a few seconds. Larger 

trapezoidal domains (Fig. 5.25b) suffer the same immediate loss in domain volume from 

the domain wall reorientation, but still retain a rectangular switched domain (Fig. 5.25c). 

These domains still remain stable after four months (107 seconds), indicating 

thermodynamic stability.  

 

The driving force for adopting metastable domain orientations can be understood from 

the electric field distribution within the PZT film. The two primary contributions are the 

Schottky junction at the PZT/SRO interface (Fig. 5.25d) and the external field applied 

between the surface probe and SRO electrode (Fig. 5.25e). The former arises from the 

larger work function of SRO (4.9 eV) in comparison with the electron affinity of PZT 

(3.5 eV)196,197. The resulting electric field is normal to the interface and increases linearly 

with depth, reaching its maximum value ~18 MV/m at the PZT/SRO interface194 as 

shown in the contour plot Fig. 5.25d, derived assuming homogenous doping and a 

depletion width equal to the film height. In contrast, the external applied field is 

concentrated at the top near the film surface due to the high curvature of the tip. The 

 

Fig. 5.25 Domain Shape and Electric Field Distribution 
Inclined domain walls in (a) triangular and (b) trapezoidal domains are positively charged due to head-to-head 
polarization arrangements. (c) At zero bias stable domains are rectangular with uncharged vertical domain walls. 
(d) Equipotential contour plot showing the distribution of the built-in electric field (Ebi) in a fully depleted PZT 
film resulting from a Schottky barrier between PZT and SrRuO3. Ebi decreases linearly from its maximum value 
(~18 MV/m) at the interface toward zero at the top surface. (e) Equipotential contour plot of the vertical 
component of the external electric field (Eext) in PZT calculated with a tip contact width of 10 nm and voltage –6 
V. (f) The combination of these electric fields results in the equipotential contour plot with tapered shapes, such as 
the highlighted blue contour. 
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inhomogeneous vertical electric field distribution is shown in Fig. 5.25e for a –6V bias 

and 10nm tip contact area. The combination of these two fields produces the distribution 

of the total field shown in Fig. 5.25f. The equipotential lines in this contour map show a 

triangular shape for moderate field strengths (Fig. 5.25f). Since the domain nucleation 

and domain wall motion depend on the total electric field (see equations 1-2 and 1-3), 

new domains can be expected to nucleate from one of the two maximum field regions 

(white) and expand quickly through the high field regions (blue), creating a triangle 

domain with inclined domain walls which may become kinetically frozen as it expands to 

regions where the field becomes small. Lateral growth of the domain away from the tip 

would be particularly slow at the top surface where the applied field is almost entirely in-

plane.  

Although the applied electric field and the Schottky junction between PZT and SRO can 

account for a tapered domain shape, other possible built-in fields may be present and 

destabilize the 𝑃[001] domain near the free surface. These fields may result from a 

Schottky junction between the tungsten tip and PZT190,196 or from the possible diffusion 

of charged defects and adsorption of charged species aligned to the original 𝑃[001�] 

orientation. The presence of surface states and the short contact of the tungsten tip to the 

PZT film at room temperature which is unlikely to have reached electrochemical 

equilibrium make the W/PZT Schottky field difficult to estimate. The built-in field at this 

junction has the potential to be slightly larger than at the PZT/SRO interface but opposite 

in direction, reducing the applied field at the tip contact point. The contribution of the 

alignment of defect dipoles to the original𝑃[001�] polarization, an aging process common 

to ferroelectric oxides, if present must be weak enough or rapidly reversed so that the 

𝑃[001] orientation is thermodynamically stable as evidenced by the long term retention of 

all but the smallest domains. 

Given the positive field at the PZT/SRO Schottky junction and the lack of strain in 180° 

switching, the 𝑃[001] domain may not only be degenerate but thermodynamically favored 

in the film at zero bias. In such a case the backswitching of small domains can be solely 

attributed to the relaxation of their high energy domain walls. Practically this imposes a 
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critical size criterion on the formation of stable switched domains, similar to the critical 

size for the nucleation of domains. This also reveals that for a ferroelectric thin film in an 

inhomogeneous field lateral domain wall creep does not take place by the stepwise 

movement of equilibrium domain walls, as it is typically modeled47. The propagation of 

charged, rather than neutral domain walls may significantly alter the kinetics of the 

switching since the domain wall itself will electrostatically interact with charged defects 

and built-in fields.  The dynamic variation of the domain wall along the film depth is an 

important consideration not only for ferroelectric storage, but for surface probe 

microscopy which utilizes this same geometry. 

5.5 Conclusions 

In this chapter, the real-time ferroelectric switching in thin films of two of the most 

prominent ferroelectric materials, BiFeO3 and PbZr0.2Ti0.8O3, was measured at the 

nanoscale using in-situ TEM.  From the analysis of these two, the switching dynamics in 

both rhombohedral and tetragonal systems was studied.  In both cases, nucleation sites 

were dominated by the built-in fields created by Schottky junctions at the electrode 

interfaces with alternate signs between the n-type BiFeO3 and the p-type PbZr0.2Ti0.8O3 

cases.  Switching in the tetragonal PbZr0.2Ti0.8O3 films occurred by the 180° rotation 

following typical needle-domain growth processes.  The rhombohedral BiFeO3 system 

was the more complicated and exhibited multiple switching paths, specifically a primary 

71° switching in the bulk of the film and a 180° switching near the interface.  Domain 

wall pinning was systemic in the BiFeO3 film, occurring primarily along (001) oxygen 

vacancy planar defects, but weak pinning was also observed from dislocations in the 

PbZr0.2Ti0.8O3 film.  Under bias the switched domain walls adopt metastable orientations 

and positions and some backswitching was observed in both materials when the bias was 

removed.  This was most pronounced in PbZr0.2Ti0.8O3 and actually led to complete 

retention loss in very small switched domains. 
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Chapter 6 

6 Summary and Future Work 

6.1 Summary 

In this work I have presented a detailed microscopic analysis of the deterministic role of 

interfaces in both the static equilibrium and dynamic ferroelectric switching properties of 

two prototypical ferroelectric thin films: BiFeO3 and PbZr0.2Ti0.8O3.  Both materials were 

grown in low-strain systems to isolate the influence of electrostatic boundary conditions.  

From the self-compensating domain structures observed by TEM, the free surface and 

electrode interface were found to be charge compensated while the {Re}ScO3 substrate 

interface was insulating.  Most notably, the high electrostatic energy at the insulating 

interface promoted the formation of nanoscale flux closure domains in BiFeO3 analogous 

to those observed in larger scales in ferromagnetic materials.  The crystal, chemical, and 

polar structure of the BiFeO3 films, domain walls and interfaces was analyzed using Sub-

Angstrom TEM in combination with custom image processing.  This nanoscale analysis, 

especially used as an input for later first principles studies, allows us to understand the 

mechanisms behind practical phenomenon such as non-polar interface layers, 

ferroelectric degeneracy and functional domain wall properties. 

Ferroelectric switching of rhombohedral BiFeO3 and tetragonal PbZr0.2Ti0.8O3 

ferroelectric thin films was performed in situ.  In both systems the nucleation site and the 

switching process were dictated by the built in electric fields formed by the carrier 

depletion of the ferroelectric/metallic junction(s).  In addition to the interfaces, other 

defects were directly observed to play an active role as pinning sites including single 

point defects, ordered vacancy planes, dislocations, and pre-existing domain walls.  This 

provides a first ever look at these switching and pinning processes within the confined 

thin film axis.  There are several notable deviations from the theoretical models including 

thermodynamically limited switching, independent interface switching, and depletion 
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assisted interface nucleation.  These behaviors have significant import on macroscale 

properties such as an incorrect switching transient in electrical measurements, partial 

failure of magnetoelectric coupling at the BiFeO3 / La0.7Sr0.3MnO3 interface, and 

delocalization of nucleation sites in surface probe measurements, respectively.  These 

experiments demonstrate integrated SPM-TEM as an ideal platform to study the 

nanoscale properties which control the macroscale behavior of ferroelectric materials. 

6.2 Future Directions 

As a pioneering study into nanoscale ferroelectric switching there is a monumental 

amount of design space and analysis that is yet to be studied.  Obvious low-hanging fruit 

is the analysis of other ferroelectric materials systems, growth orientations, and switching 

directions which will exhibit different behavior.   Modifications to these two materials 

can provide additional insight into the switching and pinning: for example doping of the 

ferroelectric films to change the majority carrier type / concentration or growth under 

different oxygen partial pressures.   Many of the behaviors reported here are qualitative 

or semi-quantitative due to uncertainty of the inhomogeneous electric field.  The use of 

uniform fields or characterization of the field distribution using electron holography 

would allow for the domain nucleation and domain motion activation fields to be 

determined and lateral preferential nucleation sites to be identified.   

There is a great deal of additional characterization which can be done in conjunction with 

the in situ TEM switching, such as the aforementioned electron holography.  The near-

edge EELS structure would help to characterize the electronic structure and the 

composition at the nucleation and domain wall pinning sites.  Lorentz microscopy could 

be used to simultaneously image the ferromagnetic domains in materials such as 

La0.7Sr0.3MnO3 allowing the coupling or lack thereof to an adjacent BiFeO3 layer to be 

detected directly.  Macroscale and mesoscale measurements such as electrical P-E loop 

measurements, cathodoluminescence, and SS-PFM would provide detail about the 

electrical properties, defect states, and switching behavior over a much larger sample 

size.   Ultimately, direct comparisons between the in situ TEM and these other techniques 

would help to bridge our understanding of the nanoscale control of ferroelectric behavior. 
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